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Abstract: Two advanced highly-alloyed austenitic steels based on the Fe-Ni-Cr matrix
were studied in conditions of low cycle fatigue both at room and elevated temperature.
Extensive set of experimental and characterization tools was used for the investigation of
inter-related effects of alloys composition, microstructure, deformation mechanisms and
overall material response under load. Key mechanisms and factors determining mechanical
properties and performance in the service were analysed and discussed in the relation to the
materials design.

e Standard fatigue experiments were performed at room temperature and at 700°C. Cyclic
hardening/softening curves, cyclic deformation stress-strain curves, Coffin-Manson and
Wohler fatigue life curves were determined.

e Various characterization techniques of electron microscopy were used to study changes
of the microstructural state of the alloys due to the cyclic loading at room and elevated
temperatures.

e Fatigue behaviour, strength and cyclic plastic response of studied materials were
explained in relation to the microstructure and microstructural aspects of deformation
mechanisms both at room and elevated temperatures.

e |t was found that Sanicro 25 exhibits the highest high temperature strength of all alloys
from the same class. Its extraordinary properties are related to the two nanoparticle
populations, Cu-rich coherent precipitates and dispersoid-like MX nanoparticles, which
play fundamental role in the determination of strength and overall cyclic response. As a
result of pinning effects and associated obstacles, dislocation motion in this alloy is
significantly retarded preventing formation of substructures with lower stored internal
energy. With recovery heavily suppressed, forest dislocation strengthening supported by
precipitation and solid solution hardening, leads to the remarkable increase of cyclic
strength at elevated temperatures.

Key words: low cycle fatigue, cyclic strengthening, nanoparticles, MX, NbC, Cu,
austenitic steel, cast dendritic structure, deformation mechanisms, fatigue life, cyclic
response, electron microscopy, HAADF, STEM, diffraction

Abstrakt: pve pokrocilé vysoce legované austenitické oceli s Fe-Ni-Cr matrici byly
studovany za podminek nizkocyklové unavy jak za pokojové tak vysoké teploty. Siroka $kéla
experimentalnich a charakteriza¢nich nastrojii byla pouZita ke studiu vzajemné souvisejicich
aspektli zahrnujicich chemické slozeni slitin, mikrostrukturu, deformac¢ni mechanismy a
celkovou odezvu materiali na externé puisobici zatizeni. Klicové mechanismy a faktory
definujici mechanické vlastnosti a vykonnost v redlném provozu byly analyzovany a
diskutovany v souvislosti s materidlovym designem.

e Standardni Gnavové experimenty byly provedeny za pokojové teploty a teploty 700°C.
Byly ziskany kiivky cyklického zpevnéni/zméekceni, cyklické deformacni kiivky, Coffin-
Manson a Wohlerovy kiivky.

e Ke studiu zmén mikrostrukturniho stavu slitin v disledku cyklického zatézovani za
pokojové a zvySené teploty byla pouzita Siroka Skala technik charakterizace pomoci
elektronové mikroskopie.



e Unavové chovéani, pevnost a cyklicka plastickd odezva studovanych materialii byla
vysvétlena v souvislosti s mikrostrukturnimi zménami a mikrostrukturnimi aspekty
deformacnich mechanismu jak za pokojové tak za zvySenych teplot.

e Bylo zjisténo, Ze Sanicro 25 vykazuje nejvy$$i pevnostni charakteristiky ze vSech
materialu stejné tfidy. Vyjime¢né vlastnosti této slitiny jsou spojeny s populacemi dvou
typl nanocastic, koherentnimi precipitdty bohatymi na méd’ a nanoc¢asticemi typu MX s
charakteristikou disperzoidu. Tyto nanocastice maji klicovy vliv na pevnost a celkovou
cyklickou odezvu. V dusledku interakci s precipitaty zplisobujicich zachytédvani je pohyb
dislokaci v Sanicro 25 vyznamné zpomalen, coz vede k potlateni normalnich procesi
zotaveni obvykle vedoucich ke zméné uspotadani dislokacni struktury tak, aby byla
celkova vnitini energie systému co nejnizs$i. Takové uspotadani je tvofeno napiiklad
disloka¢nimi bunikami. Jelikoz jsou procesy zotaveni potlaceny, dislokacni struktura za
vysokych teplot je charakteristickd homogenni distribuci dislokaci o vysoké hustoté s
velkou mirou vzdjemnych interakci. V kombinaci s dal§imi mechanismy zpevnéni jako
jsou precipitaty a substituéni prvky v tuhém roztoku, tyto deforma¢ni mechanismy vedou
k vyznamnému zvySeni cyklické pevnosti za vysokych teplot.

Klicova slova: nizkocyklova unava, cyklické zpevnéni, nanocastice, MX, NbC, Cu,
austenitickd ocel, litd dendriticka struktura, deformacni mechanismy, tnavovy zivot, cyklicka
odezva, elektronova mikroskopie, HAADF, STEM, difrakce
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I. Introduction

Nowadays, increasing energetic and economic efficiency represents a necessary condition
for a sustainable development of the modern civilization and human society. The required
efficiency level can only be reached through a development of new materials with a
permanently improving performance.

Numerous components used in the automotive, aerospace as well as in the power generation
industry are challenged by coupling of severe conditions such as repeated cyclic loading, high
temperatures and environmental effects that can significantly limit their useful life in the
service. Improving the temperature capability of materials used for construction of these
components could translate into significant increase in jet-engine or power generation process
efficiency, resulting in substantial cost savings over their service life, and also beneficial
environmental impact by reducing emissions amount.

The properties of existing materials are significantly below physical limits and it is just a
question of material and processing design, to which extent the real materials can approach
these limits. In one of the most important properties, the material strength domain, the
fundamental limits are given by theoretical strength, and by the melting point. A vast
untapped potential exists in design and processing allowing extension of materials
performance further beyond. It is almost general rule that increasing strength of bulk materials
is coupled with decreasing ductility. Thus, besides of improving strength, a second aim of the
new design of materials should be preserving or even improving their ductility.

Substantial effort focused on the high temperature regime performance improvement led to
development of several new types of complex materials. Creep resistant nickel based
superalloys strengthened by coherent ordered intermetallic y’-precipitates present proven and
stable candidates for state-of-the-art high temperature applications, where benefits of their
performance overcome their very high cost [1].

When compared to Ni-based superalloys, oxide dispersion strengthened (ODS) ferritic steels
exhibit a considerably improved microstructural stability in the high temperature regime.
Their microstructure consists of the steel matrix strengthened by dispersion of stable yttrium-
based oxides of typical size between 2-30 nm and of volume fraction of about 0.5%. Excellent
creep strength of the ODS steels is associated with an attractive interaction between
dislocations and incoherent oxide particles as was successfully modelled by Résler and Arzt
[2, 3].

Recent representative of novel class of scientifically and technologically interesting materials
are high-entropy alloys (HEAS). These single-phase solid solution alloys (called also as
multicomponent or compositionally complex alloys) consisting of five or more elements in
equiatomic proportions, are intriguing, because they exhibit a potential for solid solution
hardening (high strength) combined with a good ductility in case of face-centered cubic lattice
with a lagre number of slip systems. This is one of the reasons why HEAs are the subject of a
rapidly increasing research [4-8] since Yeh et al. [4] defined this new class of alloys in 2004.
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Their promising properties imply many applications, which require high strength and thermal
stability up to 800°C as well as wear and oxidation resistance.

Knowledge obtained in relation with discovery of new alloy classes and as a result of
advancement in materials research significantly helped with improvement of known
conventional systems such as austenitic steels. Adjusted design, alloying and processing path
modification led to the material class of the highly-alloyed face-centered cubic (FCC) solid
solution based alloys, also called as super-austenitic stainless steels. Providing sufficient high
temperature performance they became highly-cost-effective alternative in applications where
only expensive Ni-based superalloys are applicable. [9, 10]

Two different structural materials belonging to the class of highly-alloyed FCC solid solution
based alloys are studied in this work. Extensive set of experimental and characterization tools
is used for the investigation of inter-related effects of alloys composition, microstructure,
deformation mechanisms and overall material response under load. Key mechanisms and
factors determining mechanical properties and performance in the service are analysed and
discussed in the relation to the materials design.
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I1. Aims of the work

The primary goal of the research study to be presented in this thesis was to investigate two
highly-alloyed FCC solid solution based alloys used in high temperature applications, in
particular power generation industry and ethylene cracking furnaces. Special emphasis is put
on investigation, identification and characterization of deformation mechanisms determining
cyclic plastic response, strength and ductility of both materials at high temperatures. Mutual
correlation between alloys composition, microstructure and macroscopic response are
discussed along with the materials design. Several minor goals were specified to be
accomplished within the study as listed below:

Characterization of initial state of materials, discussion of differences in alloys design.

e Determination of basic fatigue life curves, Manson — Coffin and derived Wdhler
curves at room and elevated temperatures.

e Study of cyclic stress-strain response of materials and determination of cyclic
hardening/softening curves at room and elevated temperatures.

e Advanced characterization of deformation microstructure produced by testing both at
room and elevated temperatures. Correlation of observations to the cyclic stress-strain
response of materials.

e Explanation of fatigue behaviour of studied materials in relation to the microstructure
and microstructural aspects of deformation mechanisms both at room and elevated
temperatures.

¢ Identification of key factors in alloys design affecting their performance in the service.
Discussion.
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[11. Current state of the knowledge

1. FCC-based structural materials for high-temperature applications

Within group of structural materials based on FCC matrix, austenitic stainless steels are the
most widely used type of alloys. Having outstanding corrosion resistance, high oxidation
resistance and superior creep-fatigue properties they present perfect cost-effective candidate
for industrial applications at high temperatures.

In the last two decades, most studied representative of this class of materials was conventional
austenitic stainless steel of 316-type used in service up to temperatures of 650°C. Creep
performance was investigated in detail [11, 12] as well as microstructural stability after long-
term thermal exposures [13]. Gerland et al. [14, 15] delivered comprehensive study of cyclic
stress-strain response and fatigue behaviour in relation to the dislocation structure changes in
range of different temperatures. The work on dislocation structures was then further extended
by Kruml et al. [16, 17]. In more recent publications, evolution of deformation microstructure
as a result of cyclic loading of 316-type of steel was reported by Pham et al. [18]. Other
papers were focused on more complex mechanical testing, such as fatigue-dwell testing [19]
or thermo-mechanical testing [20].

Efforts to increase alloy performance and strength at high temperatures led to development of
steels modified by alloying. Some variants were produced with changed ratio and amount of
Cr/Ni content as 304-type [10, 21, 22], some other were alloyed with additional elements to
increase precipitation of secondary phases, enhance solid solution strengthening or even
modify stacking fault energy [23]. Two alloys studied in this work belong to recent
representatives of advanced engineering. Highly-alloyed austenitic stainless steel Sanicro 25
is considered as a crucial material for use in the power generation industry, while Manaurite
XTM is a centrifugally casted alloy developed as a structural material for pipe coils in
ethylene cracking furnaces. In following chapters, background of both studied materials is
introduced and discussed in detail.

1.1 Sanicro 25

Although combustion processes generate carbon dioxide, coal-fired thermal power generation
is still one of the most important ways for the long-term future to satisfy the world-wide
demand for electric power. This has increased pressure on the coal fired power industry to
raise the operating efficiency of the plants thereby reducing the emissions.

One of the ways how to accomplish this task is to increase the maximum steam temperature
and the steam pressure. Nowadays, modern power plants operate at temperatures around
600°C and pressures of 30 MPa with maximum efficiency reached from 45 to 47%. By
increasing the steam temperature up to 700°C and pressure up to 35 MPa, advanced ultra-
super critical (A-USC) conditions are reached. As a consequence, a power plant heat
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efficiency of higher than 50% can be obtained and CO, emission can be reduced by about
45% when compared to the standard super critical (SC) conditions [9, 10, 24].

Satisfying requested advancement in power plant performance requires design of new heat-
resistant materials with improved high-temperature strength, enhanced creep properties and
sufficient high-temperature corrosion resistance when compared to conventional alloys used
in standard SC conditions. Excluding possible candidate materials in the field of Ni-based
superalloys, attention was put towards notably more cost-effective heat resistant super-
austenitic steels. One of the alloys newly developed primarily for use in superheaters and
reheaters in the next generation A-USC coal-fired boilers at material temperatures up to
700°C (1292°F) is the Sandvik Sanicro 25 [9, 10, 24].

When compared to widely used conventional steel of 316-type or even other similar heat-
resistant alloys (e.g. NF709, Super304H, HR3C, etc.[10]), Sanicro 25 has unique composition
in terms of type and amount of chemical elements used together as can be seen in Tab. 1.1. It
is based on the Fe-Ni-Cr alloy system with a high amount of Ni and Cr combined with variety
of other alloying elements. While 22.5 wt% Cr should secure good steam oxidation resistance
and hot corrosion resistance, a high Ni content of approximately 25.0 wt% and high amount
of N are used for the stabilization of the FCC austenite phase. For solid solution and
precipitation strengthening, a combination of a high content of W, Co, Nb, Cu and other
elements have been added.

Fe Ni Cr w Cu Co Nb Mn Si N C Mo
Sanicro
- Bal. 250 |225 |36 3.0 15 05 0.5 0.2 023 |01
?E/GH) Bal. |1007 100 . - - - 2.0 max | 1.0 max | 0.1 max [0.03-0.1[2.0-30 [+P,S, B
NF709 |Bal. 23:8' ;g:g' - - - 0.1-04 |1.5max %i 0.1-02 |- 1.0-2.0 [+B, Ti,
HR3C |Bal. g:g' 32:8' - - - 0.2-0.6 |2.0 max gq;i 0.15-0.3{0.04-0.1 |-
304 |Bal [80120(200 |- - - - 2.0 max | 1.0 max |- 008
:;Zir Bal. 7.5-10.5 g:g' - 2535 |- - 1.0 max | 0.3 max 8:22' 8% - +B, Al
/3:'7:(3 Bal. 9.0-13.0 %:8' - - - 30(1:0 *12.0 max #gg - 0.04-0.11-

Table 1.1: Comparison of chemical composition of Sanicro 25 super-austenitic stainless steel
with conventional steel of 316-type and other Fe-Ni-Cr based alloys (in wt.%). [10]

First research studies of Sanicro 25 focused on creep performance and strength [9, 24],
microstructural stability after long-term thermal exposure [25] and also on corrosion and
oxidation resistance [26]. In recently published work, it has been reported that the highly-
alloyed steel Sanicro 25 exhibits excellent corrosion resistance combined with the highest
creep strength at 700°C among all heat-resistant austenitic steels commercially available
today [9]. In Fig. 1.1, comparison of the creep rupture stress after 100000 hours at 700°C (the
values were extrapolated) is shown for several different austenitic and nickel-based alloys.
Except Alloy 617, Sanicro 25 exhibits highest creep strength. Also, when comparison is made
on the relative creep rupture strength map showing ferritic steels, austenitic alloys and nickel-
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based alloys and superalloys as shown in Fig. 1.2, it is clear that the performance of Sanicro
25 is well above conventional austenitic steels or even other similar highly-alloyed steels like
NF709. Having high temperature strength at 700°C close to much more expensive Ni-based
alloys suggests very promising potential of this material for further applications.
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Figure 1.1: Comparison of the creep strength of different austenitic and nickel-based alloys
based on data of European Pressure Directive. The values have been extrapolated to 100000
hours. Data are from European VdT UV datasheets; TP347HFG 547; UNS S30432 550; UNS
No S31042/TP310HCbN, 546; TP310MoCbN (NF709) 563; UNS N06674 (HR6W) 559; and
Alloy 617 485 (Taken from [9]).
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Figure 1.2: Comparison of relative stress rupture strength of steels and nickel based alloys as
potential candidate materials for ultra-supercritical and A-USC plant operation at 700°C.
Creep rupture strength of Sanicro 25 is highlighted in the micrograph (Taken from [27]).

In real service, structural components are not loaded only monotonically. They undergo
complex loading conditions, in most cases cyclically repeated, which can be characterized in
terms of the low cycle fatigue, dwell-fatigue and thermo-mechanical fatigue. Since the
material can behave completely differently when cyclic loading is present, there is a strong
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need for detailed investigation of mechanisms governing cyclic response and cyclic strength
both during room and elevated temperature testing. This is fundamental to an improved
understanding of the overall microstructural changes and corresponding mechanisms leading
to the exceptional high temperature behavior of this alloy.

1.2 Manaurite XTM

Highly-alloyed refractory steels are used as centrifugally cast tubes and sand cast junctions in
the hot part of cracking and reforming furnaces for the petrochemical industry [28-30].
Ethylene furnaces, cracking liquid or gas hydrocarbon molecules in the presence of steam,
operate at high cracking temperatures and sometimes also at high pressures. Several
processing conditions challenge furnace design and materials for the furnace. Recently, many
coil suppliers have put a lot of effort into the research of such a construction material that can
withstand higher operating conditions and operate under the extreme environment of an
ethylene furnace (high temperatures, aggressive environments and high internal pressures) for
long periods of time (8 to 12 years). As a result, a special class of cast, heat-resistant
refractory steels has been developed [31, 32].

These alloys have high chromium content necessary to maintain high corrosion resistance
while high nickel content allows stability of the austenitic structure what is crucial to ensure
good creep properties. The microstructure usually consists of an austenitic matrix and eutectic
primary carbides precipitated in the interdendritic regions. Combined with additional
secondary precipitates formed during aging this further secures good mechanical properties at
high temperatures [31, 33].

Mostly used alloys of this material class are HP-NbTi alloy [31], Alloy 800, wrought alloy
Sandvik 353 MA and also Manaurite XM or Manaurite XTM, which is studied in this work
[29]. Manaurite XTM produced by Manoir Industries in Pitres, France is a structural material
of main parts of ethylene furnaces (see Fig. 1.3), which are used for hydrocarbon processing
and cracking. One of the particular procedures is so-called steam cracking - a petrochemical
process in which saturated hydrocarbons are broken down into smaller, often unsaturated,
hydrocarbons by breaking carbon-carbon bonds. It is the principal industrial method for
producing olefins, including ethylene and propylene.

The cracking process results in slow deposition of coke, a form of carbon, on reactor walls
leading to significant degradation of the reactor efficiency. Reaction conditions are designed
to minimize this effect as much as possible. Nonetheless, a steam cracking furnace can
usually only run for a few months at a time between de-cokings. De-coking procedure
requires the furnace to be isolated from the process and then a flow of steam or a steam/air
mixture is passed through the furnace coils. This converts the hard solid carbon layer to
carbon monoxide and carbon dioxide. Once this reaction is complete, the furnace can be
returned to service. [34, 35]
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Figure 1.3: (a) Example of multi-pass configuration-type coils of Manaurite XTM used in
ethylene furnaces. (b) Cut from the cast tube with tube wall thickness of 8 mm.

Ethylene furnaces usually consist of a multi-pass type arrangement of coils. Feedstock
composed of gas and fluid at the room temperature enters coil system of tubes, which is
schematically visualized in Fig. 1.4.
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Figure 1.4: Scheme of the ethylene furnace arrangement.

Ethylene furnace operation starts when the radiants are heated up by the burners. The radiants
are made from a high temperature resistant material with a high coefficient of thermal
conductivity. Manaurite XTM tubes are then heated up by the heat transfer from radiants
maintained at high temperature of about 2000°C.

For proper cracking operation, feedstock temperature has to be at least 850°C during the
whole procedure. However, to satisfy this condition, coil exterior has to be heated up by the
burner system to higher temperature of approx. 950°C. That is mainly due to the tube wall
thickness and also the material coefficient of thermal conductivity. As a result, thermal
gradients are present in the tube material. It is usually possible to measure only temperature
on the surface of the tube and temperature of the feedstock leaving the furnace system.
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Heating up and cooling down rates recommended by cracking furnace producer are shown in
Fig. 1.5a. Starting procedure usually takes approx. 10 hours but it could differ depending on
customer. The schematic micrograph showing time dependence of tube surface temperature in
regard to service conditions is drawn in Fig. 1.5b.
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Figure 1.5: (a) Recommended heating/cooling rates. (b) Schematic showing evolution of the
material temperature and stresses acting on the material during one cycle of cracking
operation.

Cracking operation induces formation of the coke layer on the inner surface of the tubes
immediately after the start - coke deposit takes place as the feedstock is processed through the
coils (see schematic picture in Fig. 1.6a). Since the coke layer acts as a thermal barrier, the
furnace operator has to increase the temperature on tube surface. This allows the cracking
temperature inside the tube to remain the same despite the coke thickness.
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Figure 1.6: (a) Schematic of coke layer deposition process on the inner surface of the tubes.
(b) Picture of coil tube completely filled with deposited coke layer.

On average, cracking operation lasts approximately 40 days. In most cases the furnace is shut
down because of two main reasons. When the temperature on the surface of the coils
increases up to the material operating limit (i.e. 1150°C) or when the pressure drop due to the
constriction of surface is too small (coke can fill almost the whole diameter of the tube — see
Fig. 1.6b).
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With the coil system filled up with the coke the cracking process cannot continue and de-
coking procedure has to be performed. Tube surface is cooled down to the temperature of
approximately 700°C to 800°C in 2 or 3 hours. Immediately after cool down, the temperature
rises a little bit due to exothermal effects and release of particular amount of heat. Then, after
temperature stabilization, mix of steam and air is sent through the coils to destroy the coke
layer. According to Manoir Industries, de-coking procedure usually takes about 1 to 2 days.
After that, the ethylene furnace is prepared for the next service cycle. Sometimes the whole
system is shut down completely after de-coking (see Fig. 1.7a). Here, it is important to note
that the de-coking procedure has to be performed first, otherwise coke filled inside the tubes
can cause significant damage in the tube walls as the whole arrangement is cooled down to
the room temperature (see Fig. 1.7b). As will be discussed further, the coke has much lower
coefficient of thermal expansion than the tube wall material. When cooling down the coke
shrinks lesser than the tube wall generating significant stress fields in the material possibly
causing plastic deformation at high temperatures. Considering that, the de-coking procedures
can present key events determining service operation life time of the material.

Since there is a lack of any systematic study of cyclic behaviour of Manaurite XTM or any
other similar refractory FCC based alloy, delivering detailed investigation of mechanisms
governing cyclic plastic response of this class of alloys both at room and elevated temperature
can further contribute to the enhancement of the Manaurite XTM alloy design and
subsequently improvement of operational life time.
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Figure 1.7: (a) Schematic micrograph of one cycle of cracking operation followed by the de-
coking procedure and furnace shut down. (b) If the cooling to room temperature is performed
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2. Microstructure of metals

This section gives a brief overview of the basic materials science concepts and the physically
based principles defining fundamental properties of material. When trying to explain two of
the most important material properties — strength and ductility — it is important to start with
definition of crystal structure and lattice defects. The plastic deformation of solid matter is
ultimately related to the mobility of crystal defects in the lattice, while the microstructural
obstacles acting against can define strength of the material.

In the first part of this section, concepts describing atomic arrangements in a crystal lattice are
summarized. Then, the overview of lattice defect types is presented and different mechanisms
enabling plastic deformation are discussed. Rest of the text is then focused on microstructural
features affecting plastic response and strength of material as well as mutual correlation of
microstructural and macroscopic response in metals. If not referred to otherwise, this section
uses general information of the following references: [36-41].

2.1 Crystal structure

At the atomic length scale, most solids feature crystalline structure that can be described as
regular arrangement of atoms. The constituent atoms are arranged in a symmetric pattern that
repeats itself periodically in three dimensions. The group of atoms in the material having the
full symmetry of the crystal that constitutes repeating pattern is called the unit cell. By placing
a motif unit of one or more atoms at every lattice site the regular structure of a perfect crystal
is obtained.
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Figure 2.1: (a) Geometrical illustration of unit cell of face-centered cubic crystal lattice with
parameters a = b =c, and o = f = y = 90 degrees. Basis vectors are a, b, c. (b) Visualisation
of unit cell including atom positions.

In crystallography, the atom positions in a unit cell or a crystal can be described by translation
(or lattice) vector t in a direct crystallographic space as

t =ua + vb + wc, (2.1)
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where a, b, c are three non-coplanar vectors (primitive vectors) denoting the crystallographic
basis along the three sides of the unit cell, and (u, v, w) are integers. Integer linear
combinations of three basis vectors demark the atomic coordinates. In general, crystal lattice
unit cell can be fully described by stating the lengths of the three basis vectors and their
mutual angles. Lattice parameters are then a, b, c, a, S, y. (See schematic visualisation in Fig.
2.1). [37]

While the crystal structures of most pure metals are body-centered cubic (BCC), face-centered
cubic (FCC) and close-packed hexagonal (HCP) lattices, the structures of alloys and non-
metallic compounds are often more complex.

For the analytical studies of crystal structures, particularly in the theory of diffraction, the
concept of reciprocal space and reciprocal lattice plays a fundamental role. While the direct
lattice is usually a periodic spatial function in real-space, the reciprocal lattice represents the
Fourier transformation of that function represented in reciprocal space.

The reciprocal lattice vector g can be described as
g = ha" + kb* + Ic”, (2.2)

where a*, b*, c* are the basis vectors in reciprocal space and (h, k, I) integers. The basis
vectors are connected to the real-space by the following relationships:

% bxc

a'=— b'=— c¢"'=—, (2.3)
where V is the unit cell volume in real-space.

The reciprocal space is orthogonal to the real-space. The reciprocal lattice vector g, with
components (h, k, 1), is perpendicular to the plane with Miller indices (hkl). For this reason, a
reciprocal lattice vector is often denoted with the Miller indices as subscripts, e.g. gn. [36,
37, 39]

Each point (hkl) in the reciprocal lattice corresponds to a set of lattice planes (hkl) in the real
space lattice. The direction of the reciprocal lattice vector gna is parallel to the normal vector
n of the real-space planes. The magnitude of the reciprocal lattice vector is given in reciprocal
length and is equal to the reciprocal of the interplanar spacing dna of the real space planes
[39]:

I8l = — (2.4)

dpki

2.2 Lattice defects

All real crystals contain lattice defects locally disturbing the regular arrangement of the
atoms. Based on their characteristics, they are divided into four categories: point defects
(vacancies and interstitials), line defects (dislocations), planar defects (stacking faults, grain
boundaries) and bulk defects (voids). Selected lattice defect types are further discussed in
detail.

If we ignore thermal vibrations, all the atoms in a perfect crystal are located at specific atomic
sites. Then, two types of point defects can be characterized, a vacant atomic site or vacancy,
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and a self-interstitial atom as is schematically illustrated in Fig. 2.2. Vacancies and
interstitials are considered as intrinsic lattice point defects. On contrary, the extrinsic point
defects are for example impurity atoms in a crystal. Impurity atoms can take up two different
types of atomic sites, (a) substitutional, in which an atom of the parent lattice is replaced by
the impurity atom (of different type), and (b) interstitial, in which the impurity atom is at a
non-lattice site. All the point defects produce a local distortion in the normally perfect crystal
also related to the amount of additional energy in the crystal.[36]

intrinsic point defects extrinsic point defects
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Figure 2.2: Schematic illustration showing intrinsic lattice point defects, i.e. interstitials and
vacancies, and extrinsic point defects, i.e. substitutional and interstitial impurity atoms.

Strong evidence for the existence of dislocations as a line defects arose from attempts to
explain discrepancy between calculated theoretical critical shear stress and experimental
values of the applied shear stress required to plastically deform a single crystal. In a perfect
crystal where dislocations are absent, this deformation occurs by sliding of neighbouring
atomic planes over each other. As first calculated by Frenkel in 1926, there is a periodic
shearing force required as given by simplified relation [36]:

= Gb 5P gin an’ (2.5)

where 7 is the applied shear stress, G is the shear modulus, b the spacing between atoms in the
direction of the shear stress, a the spacing of the rows of atoms and x is the shear translation
of the two rows away from the low-energy position of stable equilibrium (x = 0). In case of
small strains x/a, and considering b =~ a, the maximum value of z can be defined as the
theoretical critical shear stress

£ (2.6)

Tth = o

being sizeable fraction of the shear modulus. Despite the fact these are approximate
calculations, it is shown that =, is many orders of magnitude greater than the observed values
of the resolved shear stress for slip measured in real, well-annealed crystals. In 1934, E.
Orowan, M. Polanyi and G.I. Taylor stated independently, that the difference between
theoretical prediction and experiment can be explained in terms of the theory of dislocations.
Instead of the simultaneous movement of one whole atomic array, the atoms from one of the
surrounding planes break their bonds and re-bond with the atoms at the terminating edge so
the half plane of atoms is moved, one at a time. The energy required to break a single bond is
far less than that required to break all the bonds on an entire plane of atoms at once. Most
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crystalline materials contain dislocations so their strength is lower than the theoretically
expected zth (an exception are the Whiskers with a high degree of crystal perfection).[36, 39]

Two main types of dislocations can be defined — edge and screw dislocations. Schematic
illustration of both is shown in Figure 2.3. Edge dislocation is a defect where an extra half-
plane of atoms is inserted into a perfect lattice (see Fig. 2.3a). On the other hand, the
arrangement of atoms around a screw dislocation can be simulated by displacing the crystal
on one side of ABCD rectangle relative to the other side in the direction AB as shown in
Figure 2.3b.

@ (®)

Figure 2.3: Schematic visualisation of (a) edge dislocation segment where Burgers vector is
perpendicular relative to the dislocation line (dashed line CD) and (b) screw dislocation
segment where dislocation line is parallel with Burgers vector.

Dislocations are described by two vectors. A unit vector tangent | represents the dislocation
line while the magnitude and direction of the lattice distortion resulting from a presence of
dislocation in a crystal lattice is represented by the Burgers vector b. The Burgers vector of an
edge dislocation is perpendicular to the line of the dislocation while the Burgers vector of a
screw dislocation is parallel (see schematic visualisations in Fig. 2.3 and Fig. 2.4).
Dislocation character is determined by angle between dislocation line vector | and Burgers
vector b. It can have values from 0° to 90°. Dislocation lines must either form closed loops or
branch into other dislocations. They can end at the crystal surface and at grain boundaries, but
never inside a crystal. In real materials, generally the dislocations are mixed, i.e. they exhibit
both edge and screw character as shown in Fig 2.4b.[36, 39]

The dislocation density p is defined as the total length of dislocation line per unit volume of
crystal (stated in units of m2). Thus for a volume V containing line length I,

l
In well-annealed metal crystals p is usually between 10'° and 10'2 m, while in crystals after
heavy plastic deformation it can be about 10'* to 10 m™. An increase in the dislocation
density can be the result of: (a) elongation of existing dislocations, (b) nucleation processes at
stress concentrators, (c) activation of Frank-Read sources initiated by a bowing out of
dislocations pinned by obstacles such as precipitates, jogs, etc., (d) cross-slip activity, and (e)
the dislocation emission from the grain boundaries [36, 39] .
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Figure 2.4: (a) Schematic visualisation of dislocation loop in the crystal lattice. Dislocation
has edge, screw and mixed segments. (b) View perpendicular to the dislocation loop plane. In
case of edge segment, Burgers vector is perpendicular to the dislocation line while for screw
segment, it is parallel. If angle between Burgers vector and dislocation line is from 0 to 90
degrees, dislocation has mixed character. Image modified after [40].

The dislocations are source of internal stresses in the crystal. The atoms in a crystal
containing a dislocation are displaced from their perfect lattice sites, and the resulting
distortion produces a stress field around the dislocation. The stresses and strains can be
obtained by conventional elasticity theory. However, when the center of a dislocation in a
crystal is approached, elasticity theory is not valid anymore and non-linear, atomistic models
have to be used. This region is called the core of the dislocation and in most cases its radius
lies in the range from b to 4b.

Having stress and strain fields, the dislocations carry a strain energy which increases the
internal energy of a faulted crystal. The total energy of a dislocation per unit length is given
as:

(2.8)

The elastic strain energy of the dislocation, stored outside of the core, may be determined by
integration of the energy of each small element of volume.

41':::/) In (:;0)

Etotal = Ecore + Eelastic strain»

Eel(edge) =

(2.9)

Gb? R
E, (screw) = ;ln (E)

(2.10)

Equations (2.9) and (2.10) demonstrate that Eel depends on the core radius ro and the crystal
radius R. If realistic values for R and rg are taken, the approximate equation for the elastic
strain energy per unit length of dislocations can be written as:

E, = aGb?, (2.11)

where a = 0.5 — 1. In contrast to the elastic energy, the energy of the dislocation core Ecore Will
vary as the dislocation moves through the crystal lattice with the periodic atomic potential.
This gives rise to the lattice resistance to dislocation motion called as the Peierls-Nabarro
stress. [36, 39]
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Single crystal or monocrystalline solid is a material in which the crystal lattice of the entire
sample is continuous and unbroken to the edges of the sample, with no grain boundaries and
defects associated with them. On contrary, polycrystalline materials consist of several grains
with mutually different orientations. These materials are normally mechanically isotropic on a
macroscopic level, unless a texture exists with particular grain orientations that occur with a
higher probability than others [39]. Important microstructural features associated with
polycrystalline materials are planar defects, interfaces between two crystallites called grain
boundaries. Their standard characterization is based on the misorientation angle between the
grains or crystallites. It is defined as the smallest angle needed to rotate one neighbouring
crystallite of the boundary onto the other one. While for low-angle grain boundaries (LAGB)
the misorientation angle is below 5°, for high-angle grain boundaries (HAGB) it is above 10-
15°.

In most cases LAGBs are represented by uniform array of one, two, three or more sets of
dislocations, also called as low energy dislocation configurations, where the superimposed
long-range elastic fields are cancelled so the energy per dislocation is reduced. These
dislocation arrangements then separate regions of the crystal which differ in orientation by
less than 5°. In case of simplest type of LAGB, symmetrical tilt boundary, the misorientation
angle is approximately ¢ = b/h, where b is magnitude of Burgers vector of the dislocations
contained in the boundary and h is the distance between boundary dislocations. The energy
per dislocation stored in a LAGB decreases with increasing misorientation (see Fig. 2.5).
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Figure 2.5: Measured grain boundary energies for symmetric tilt boundaries in Al (a) when
the rotation axis is parallel to <100>, (b) when the rotation axis is parallel to <110>. (Taken
from [42]).

In comparison with LAGBs, HAGBs are considerably more disordered, with large areas of
poor fit of two crystallite lattices. The boundary consists of structural units depending on both
the misorientation of two grains and the character of their interface. In the concept of the
coincidence site lattice (CSL), the degree of fit (2) between the structures of two crystallites is
described by the reciprocal of the ratio of coincidence sites to the total number of sites. In this
framework, it is possible to draw the lattice for the 2 grains and count the number of atoms
that are shared (coincidence sites), and the total number of atoms on the boundary (total
number of sites). For example in case of coherent twin boundary (23), there is one atom of
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each three that is shared between the two lattices. Low-angle boundaries (21) will have lower
interfacial energy than e.g. high-mobility boundaries in fcc materials (27). Deviations from
the ideal CSL orientation can be accommodated by local atomic relaxation or by presence of
grain boundary dislocations.[36, 39, 40]

At some conditions, in particular depending on the boundary structure, character of interface,
temperature, external load as well as solute and vacancy concentrations, the grain boundaries
can migrate due to the atomistic processes occurring in the vicinity of the boundaries (climb,
glide, diffusion, etc.). Here, it is important to note that the mobility of grain boundaries can be
affected by either primary or secondary precipitates which can develop pinning effect and
prevent migration.

2.3 Mechanisms of plastic deformation

Deformation mechanisms governing plastic deformation in metals are significantly
temperature dependent. In the regime of low temperatures, i.e. T < 0.5Tm, the most common
manifestation of plastic deformation in crystalline solids is conservative movement of
dislocations, so-called dislocation slip or glide. In crystals where deformation due to
dislocation glide is complicated, also commonly at low temperatures and/or at high strain
rates, deformation twinning can be present. At high temperatures facilitated diffusion enables
dislocation climb resulting in a non-conservative movement of dislocations out of the glide
plane. In this chapter, the role of different deformation mechanisms is briefly summarized.

Figure 2.6: Slip systems in face-centered cubic crystal lattice. Slip planes are of {111} type
and slip directions of <110> type with corresponding Burgers vectors a/2<110>. There are
four equivalent slip planes each with three possible slip directions forming twelve slip systems
in total (image taken with permission from T. Kruml [41]).

Dislocation slip occurs when the dislocation moves in the surface containing both its
dislocation line and Burgers vector. It depends on the direction of the applied load and is
strongly related to specific planes and crystallographic directions. First of all, it is restricted to
particular planes containing the Burgers vector, i.e. slip planes. Commonly these are the
planes with the highest density of atoms, i.e. those which are most widely spaced. The slip
direction is then the direction on the slip plane corresponding to one of the shortest lattice
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translation vectors. Often, this direction is one in which the atoms are most closely spaced.
Together, slip plane and slip direction forms slip system. Some of the slip systems in face-
centered cubic crystal lattice are schematically visualised in Fig. 2.6.[36, 39]

Illustration in Fig. 2.7 shows single crystal being deformed in tension by an applied force F
along the cylindrical axis. If the cross-sectional area is Ao the tensile stress ¢ parallel to F can
be defined as

g=— (2.12)

Ao

The force has a component F cos A in the slip direction, where the 1 is the angle between F
and the slip direction b. This force acts over the slip surface which has an area

A = A, cos ¢, (2.13)

where ¢ is the angle between F and the normal n to the slip plane. Thus the shear stress ,
resolved on the slip plane in the slip direction can be defined as

T =2 cos ¢ cos A (2.14)
Ao

If F¢ is the tensile force required to start slip of the dislocation, the corresponding value of the
shear stress ¢ is called the critical resolved shear stress (CRSS) for slip.

slip plane

Figure 2.7: Illustration of the geometry of slip in a cylindrical single crystal. (Image taken
with permission from T. Kruml [41]).

The quantity cos ¢ cosA is known as the Schmid factor m. According to Schmid’s law,
irreversible plastic deformation takes place only if the shear stress acting within the slip plane
and in the slip direction exceeds a critical value, i.e. CRSS z.. The directional dependence of
the crystal with respect to the applied load is the origin of the plastic anisotropy in single
crystal materials.
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In face-centered cubic metals the screw dislocations move in {111} type planes. However,
they can change their slip plane from one {111} plane to another if it contains the direction of
Burgers vector b by process known as cross-slip as is schematically shown in Fig. 2.8.

The shortest lattice vectors, and therefore the most likely Burgers vectors for dislocations in
the face-centered cubic structure, are of type 4<110>. As they are translation vectors for the
lattice, glide of a dislocation with this Burgers vector leaves behind a perfect crystal and the
dislocation is a perfect dislocation. Fig. 2.9a represents a /<110> edge dislocation in a face-
centered cubic metal. The (110) planes perpendicular to b have a two-fold stacking sequence
afof...as well as the “extra half-plane” which is represented by two (110) half-planes.
Besides glide of the perfect dislocations, it is possible that the dislocation movement is split
into two partial dislocations, if the energy required for the same deformation to occur is
lower. Partial dislocations belong to the imperfect dislocations which shift the atoms only by a
fraction of lattice parameter a.[36, 39, 41]

screw segment

h ~a/2[101]

cross slip

double
cross slip

Figure 2.8: Sequence of events (a), (b), (c) in cross slip in a face-centered cubic metal. The
[101] direction is common for (111) and (111) close-packed planes. A screw dislocation is
free to glide in either of these planes. Cross slip produces a non-planar slip surface. Double
cross slip is shown in (d) (Image taken from T. Kruml [41] with permission).

Most important partial dislocations recognized in face-centered cubic metals are the Shockley
partial dislocations associated with slip. The perfect dislocation with Burgers vector %(110)

dissociates into two Shockley partial dislocations %(211) and %(121). As one part of a crystal

slides over another across a {111} plane to form a stacking fault, the energy varies from
minima at translations corresponding to perfect stacking to maxima when atoms across the
fault are directly over each other. The extra crystal energy per unit area of stacking fault is the
stacking fault energy (SFE) ysre. When a SFE is plotted as a function of fault translation
vector a gamma surface is obtained.[36, 39, 41]

The stacking fault energy can be determined from the equilibrium distance dsre between the
two partial dislocations, as:

Gb?
VYSFE = T (2.15)

4'7TdSFE,
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Where b is the Burgers vector of perfect dislocation and G is the shear modulus. Since
individual Shockley partial dislocations cannot cross-slip, their recombination has to take a
place. This is easier in case of materials with high stacking fault energies ysre where the
separation distance of the Shockley partials dsre is smaller. As a result, the materials with
high stacking fault energies, e.g. aluminium (= 140 mJm™) or copper (= 78 mJm2), exhibit
more spatial dislocation arrangements then low stacking fault energy metals and alloys, e.g.
silver (= 20 mJm).[36, 39, 41]
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Figure 2.9: (a) Two extra half-planes (highlighted by grey colour) represent unit edge
dislocation 1/2[110] in a face-centered cubic crystal. (b) Formation of an extended
dislocation by dissociation of a unit edge dislocation into two Shockley partials of Burgers
vectors b2 and bs separated by a stacking fault (after [36]).

Deformation twinning is an important deformation mode in many materials and alloys with a
deficiency in independent slip systems. Also, it is common mechanism of plastic deformation
at lower temperatures. It is a process in which a region of a crystal undergoes a homogeneous
shear that produces the original crystal structure in a new orientation. The twinning is
associated with dislocation motion on a coordinated scale, in contrast to dislocation slip,
which takes a place independently at several locations in the crystal. Therefore, the shear
stress required to initiate twinning is larger than the one needed to activate dislocation slip.

In Fig. 2.10, the example of the deformation twin in the face-centered cubic crystal is shown.
It was formed by coordinated movement of Shockley partial dislocations %[112] Generally,

the presence of twinning as a deformation mode is significantly dependent on type of the
crystal structure, the temperature, strain rate, applied stress level as well as grain size and
precipitates presence.

At high temperatures (T > 0.5Tm) the diffusion processes become more important as the atoms
can be relocated through the crystal lattice. This leads to the diffusion controlled mechanism
where edge dislocations can move out of their slip plane by dislocation climb. When atoms
diffuse away from or to the dislocation core, it is possible for edge dislocations to propagate
perpendicular to their slip plane. Compressive stresses increase the possibility of an atom of
the dislocation core to diffuse to a vacancy in the lattice and tensile stresses enhance the
diffusion from the lattice into the dislocation core (as shown in Fig. 2.11a where dislocation is
in the tensile stress field along x direction). The dislocation which moves by climb has
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characteristic zig-zag step-like features of the dislocation line perpendicular to the slip plane
called jogs. If the step-like feature is formed so it lies in the slip plane, it is called kink as
shown in illustration in Fig. 2.11b. As climb requires thermal activation, it is non-conservative
except for the case where conservative pipe diffusion of atoms along the dislocation core is
active.[36, 39]
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Figure 2.10: Deformation twinning in face-centered cubic crystal lattice. Image plane is
(110). Twinning plane (111) is observed edge-on. The twinning direction is i[lTZ], i.e. the

same as the Burgers vector of Shockley partial dislocations. Twinning plane presents special
type of grain boundary marked as 3. (Taken from [43]).

Figure 2.11: (a) Edge dislocation located in tensile stress field along x-direction. Atoms
diffuse from the lattice to the dislocation core causing edge dislocation to climb in negative z-
direction. Jogs are marked with letter ”j”. (b) Schematic visualisation of jogs and kinks
(image taken from T. Kruml [41] with permission).
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3. Strength of crystalline solids

The resistance of a material against the plastic deformation is closely linked to the mobility of
dislocations and their interactions with obstacles they encounter on their path. There are
different types of obstacles and factors on different length-scales that strongly affect the
strength of the material, including crystal structure and the chemical composition itself,
dislocation arrangements and subgrains, grain boundaries and grain sizes in general, the
presence of secondary phases and precipitates and also additional alloying by substitutional or
interstitial atoms. [36, 39, 44]

Apart from the effects associated with the diffusion at high temperature, plastic deformation
occurs by the glide of dislocation and hence the critical shear stress for the onset of plastic
deformation is the stress required to move dislocations. Therefore, as soon as an external load
locally reaches the critically resolved shear stress the plastic deformation takes a place. The
level of stress required to maintain plastic flow is called flow stress and has to be the same or
higher than the critical resolved shear stress. The dislocation glide is normally self-sustaining,
i.e. dislocations multiply in a way that the imposed deformation can be accommodated. When
there are sufficient mobile dislocations, the local flow stress is controlled by the dislocation
propagation through the crystal with all its obstacles.[36, 39, 44]

In the following overview, the different obstacles influencing the propagation of dislocations
through the crystal and therefore affecting the macroscopic strength of the material are
summarized.

3.1 Flow stress and the theory of thermal activation

Generally, the motion of a dislocation is opposed by short-range barriers, which can be
overcome by thermal activation, and long-range forces proportional to the shear modulus G
and producing barriers too large for thermal activation to be significant.

If dislocation is gliding in the x-direction under an applied resolved shear stress t*, which
produces a force t*b per unit length on the line, the obstacles to slip of this dislocation will
produce resisting force K, as is shown in Fig. 3.1. Spacing of the obstacles along the line will
be 1, so the applied forward force on the line per obstacle will be 7*bl. At the temperature 0 K,
the slip will stop at position x; if T*bl is less than Kmax. To overcome the barrier, the line must
move to Xo. The isothermal energy change required is the area under the K versus x curve
between x; and x». It can be written as

AF* = f;f Kdx, (3.1)

where AF* stands for the Helmholtz free energy change. Part of this energy can be provided in
the form of mechanical work done by the applied load and is t*bl(x; — x;). This can be
rewritten as t*V*, where VV* is known as the activation volume for the process. Then, the
remainder required energy can be written as

AG* = AF* — T*V*, (3.2)
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The term AG* states for the free energy of activation. It is the Gibbs free energy change
between the two states x1 and x at the same temperature and applied stress and it presents the
thermal component. The probability of energy AG* occurring by thermal fluctuations at
temperature T is given by the Boltzmann factor

—AG*
exp ( kT ) (33)
If the dislocation is effectively vibrating at a frequency v, it successfully overcomes barriers at
a rate of v exp (%).[36]
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Figure 3.1: Profile of resistance force K plotted as a function of distance x for barrier
opposing dislocation motion (image taken from [36]).

The flow stress consists of two contributions. The thermal component, also called as effective
stress, is the driving force for plastic flow. It includes the resistance of dislocation motion
against short-range obstacles that can be overcome by additional thermal activation, in
particular the probabilistic overcoming of barriers due to thermal vibrations of dislocations as
was described above. An increase in temperature or a decrease in applied strain rate provides
an increase in the probability of thermal activation and therefore results in a reduction in total
flow stress. Obstacles leading to thermal stress are the Peierls-Nabarro stress, solute atoms,
repulsive and (conditionally) attractive dislocation trees in a dislocation forest and fine
coherent precipitates.

The athermal component includes the internal stress and is interpreted as the resistance to
dislocation motion due to elastic long-range interactions. Since the barriers are too large for
thermal activation to be significant, it is almost independent on the temperature apart from the
small variation of the shear elastic modulus. Obstacles of athermal character are mainly long-
range internal stress fields caused by complex dislocation arrangements and large semi-
coherent or incoherent precipitates and secondary phases.

It is important to note, that during deformation of crystalline materials, dislocation
substructures develop that can be characterized by a heterogeneous arrangement of
dislocations in the matrix. Formation of dislocation multi-pole configurations as walls, cells
or subgrains leads to long-range internal elastic stress fields. These then interfere with the
stress fields of the mobile dislocations and thereby cause an anisotropic increase of the flow
stress, i.e. backstress. Interacting with dislocation substructures, moving dislocations can
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experience both short-range (thermal component) and long-range interactions (athermal
component).[36, 39, 45-48]

3.2 Peierls-Nabarro stress (lattice friction)

The applied resolved shear stress required to make a dislocation glide in an otherwise perfect
crystal without the assistance of thermal activation, i.e. at T = 0 K, is called the Peierls-
Nabarro stress. The Peierls-Nabarro stress arises as a direct consequence of the periodic
structure of the crystal lattice and depends significantly on the form of the force-distance
relation between individual atoms, i.e. on the nature of the interatomic bonding. Sometimes, it
is called as the basic lattice resistance or the lattice friction stress. The term lattice friction is
used not only at 0 K, but generally at any testing temperature.[36, 39]

Periodic potential is associated with the periodic arrangement of atoms in the lattice.
Dislocations then tend to lie along the close-packed directions of a slip plane where the
potential energy of the lattice is minimal (see schematic in Figure 3.2). To move the
dislocation from one equilibrium position to another, the extra energy has to be provided in
the form of an applied stress to overcome the potential barrier.[39, 41]

Figure 3.2: Glide of dislocation without presence of obstacles. In A, dislocation is in
equilibrium position in so-called Peierls valley. To move to another equilibrium position B,
the extra energy has to be added so the Peierls-Nabarro potential energy Ep.n can be
overcome (image taken from [41]).

Since the Peierls-Nabarro stress strongly depends on the type of interatomic bonding, it is the
highest in covalent crystals, intermediate in ionic crystals, low in body-centered cubic crystals
and negligible in face-centered cubic crystals.

At temperatures above 0 K, the thermal fluctuations enhance the overcoming of the periodic
crystal potential by reducing the Peierls-Nabarro stress, so it is considered as the thermal flow
stress component.
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3.3 Solid solution strengthening

The interaction of dislocations with point defects such as vacancies, interstitials and
substitutional atoms is the basis of solid solution strengthening. Point defects cause a very
local distortion of the crystal lattice (see schematic in Fig. 3.3) which then interacts with the
stress-field of dislocations. This interaction can be attractive or repulsive, depending on the
misfit of the point defect and the matrix and also on the relative position of the point defect to
the slip plane of the interacting dislocation. Generally, oversized defects are repulsive if they
are above the slip plane of dislocation, i.e. interacting with the compressive strain field, and
attractive if they are below, i.e. interacting with the tensile stress field of dislocation. The
reverse is true for undersized defects. [39]

Figure 3.3: Schematic image of (a) interstitial and (b) substitutional solute atoms causing
local distortion of the crystal lattice accompanied by elastic stress fields.

At elevated temperature, the point defects can be sufficiently mobile to diffuse through the
lattice as they are attracted by dislocations. Then, within the dislocation core itself, the arrival
of defects can have several effects. Vacancies and interstitial atoms can cause dislocation
climb. In alloys, solute atoms may segregate and form a dense solid solution atmospheres.
Commonly in face-centered cubic solid solution based alloys, carbon and nitrogen as fast
interstitial elements form so-called Cottrell atmospheres (see schematic in Fig. 3.4). If a
perfect dislocation dissociates into partial dislocations, the stacking fault formed changes
locally the crystal structure. As a result, the solute solubility in the fault region may be
different from that in the surrounding matrix. Consequent change in chemical potential will
then cause solute atoms to diffuse to the fault leading to the formation of Suzuki atmosphere.
This chemical effect may then present a barrier to the dissociated dislocations mobility. On
the other hand, if solutes are present locally in high concentrations, they may interact to form
precipitates along the dislocation cores thereby pinning the dislocation. Both effects then can
eliminate the long-range stress field of the dislocation so the solute flow is terminated.

The importance of solute segregation in or near the dislocation core is that an extra stress (or
thermal activation) is required to overcome the attractive dislocation-defect interactions and
move the dislocation away from the concentrated solute region. In such a case, the dislocation
is locked by the solutes. A high external stress is needed to remobilise the pinned dislocation
but once it is freed, the mobile dislocation is not affected anymore. Subsequent heat treatment,
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however, allows the solutes to diffuse back to dislocations again what can re-establish the
locking effect. This is the basis of strain aging. [36, 39, 49]

—— o —— -

row of interstitial atoms

Figure 3.4: Schematic image of Cottrell atmosphere. Row of interstitial solute atoms (black)
is located in the core of edge dislocation in cubic crystal lattice. A sufficiently high applied
shear stress will cause the dislocation to separate from the solute atoms by gliding on the slip
plane.

Here, it is worthy of note that especially in case of cyclic loading, when the deformation
temperatures are high and the strain rates are low enough, the enhanced point defect mobility
may enable repeated pinning and unpinning of dislocations by the solutes during dislocation
motion. This produces a repeated yielding process known as dynamic strain aging (or
Portevin-Le Chatelier effect), characterized by a serrated stress-strain curve.[36, 39]

3.4 Precipitation strengthening

Complex structural materials usually contain one or more alloying elements that are dissolved
in a base matrix. There is a maximum concentration, i.e. the solubility limit, to which the
atoms of alloying element can be dissolved in solution in their parent crystal. For
concentration of solute above the solubility limit, the excess atoms of alloying element tend to
precipitate and form secondary phases in the matrix. Some elements such as interstitial N or C
and substitutional Nb, W, Mn act as solid solution strengtheners when present at low
concentrations, but at high concentrations they tend to form precipitates. The solubility limit
varies with temperature. At elevated temperatures, the dissolved alloying elements are
relatively mobile, they diffuse within the matrix possibly segregating and forming clusters and
nucleation cores. On the other hand, if the solution-treated alloy is rapidly cooled (e.g.
quenched) to room temperature, insufficient time is allowed for precipitation and a super-
saturated solid solution is obtained. Subsequent increase of temperature then can lead to the
secondary phase precipitation as sufficient thermal energy is available to overcome the
nucleation barrier. In most cases, precipitates start to nucleate in fine homogeneous
dispersion. As the aging time increases, some particles coarsen and become larger at the
expense of others, which can even dissolve. The spacing between the precipitates decreases
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with their decreasing number. Eventually, after very long times, the equilibrium structure is
established.

The structure of the interface between two phases, i.e. the nucleating precipitate and the
parent matrix, governs the kinetics of the secondary phase formation and growth. Moreover,
the character of the interface and the structural and crystallographic orientation relationship
of two phases determine the mechanisms at which the dislocations will be interacting with
nucleated precipitates and therefore the resistance to their motion.

In most cases, at the onset of precipitates nucleation, first structural features are small and
coherent. Coherent precipitates usually have none or very small lattice misfit with the parent
crystal. Lattice parameters misfit ¢ is defined as

aB—aa

5= (3.4)

Ao

where a, and ap are lattice parameters of crystal structures a and P, respectively (see
schematics in Figs. 3.5 and 3.6). Two mutually coherent phases can be oriented as cube-on-
cube or can have different orientation if the interatomic distances along the direction parallel
with the interface are the same (see Fig. 3.5). The orientation relationship can be specified in
terms of a pair of parallel planes and directions, i.e., {hki}«//{hkI}s and <uvw>q//<uvw>g. In
case of coherent interfaces, the lattice misfit is accommodated just by the lattice distortion so
coherency elastic strain fields are usually present at these interfaces. It is important to note
that while the structure of coherent interface can be perfect, there still will be an interfacial
energy due to the bonding between atoms from different phases, i.e. chemical contribution.
According to Howe [50], such an interface can have energy ychem = 1 — 200 mJm=.

Figure 3.5: Example of strain-free fully coherent interfaces. (a) Each crystal has a different
chemical composition but the same crystal structure. (b) The two phases have different
lattices. Coherent interfaces are possible e.g. between FCC and HCP lattices if the
interatomic distances along close packed directions are the same.
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B0
Figure 3.6: A coherent interface with slight mismatch leads to coherency strains in the
adjoining lattices.

If the lattice misfit is too large, the elastic energy associated with the coherency strains can be
relieved by the introduction of a periodic array of dislocations at the interface, so-called misfit
dislocations. Such an interface is then called as the semi-coherent. The misfit dislocations
have spacing D which is determined by lattice misfit as follows [36, 50]:
ag+aqg

D ==

(3.5)

The secondary phases and precipitates which have semi-coherent interface do not necessarily
have to share cube-on-cube relationship and coherent interface on all facets with the matrix.

| D |

Figure 3.7: A semi-coherent interface. The misfit parallel to the interface is accommodated by
a periodic array of misfit edge dislocations. Spacing between misfit dislocations is marked as
D.
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Energies of semi-coherent interfaces have both chemical and structural contributions.
Structural part can be estimated by dividing the energy per unit length of the dislocation by
the dislocation spacing. Therefore:

Gbé
Vstructural = T (3-6)

According to Howe the energy of the semi-coherent interface can vary around ysemicon =
Yetructural + Ychemical = 200 — 800 mIm2. For large spacing D, the structural contribution of the
interfacial energy would be proportional to the density of misfit dislocations. However as D
decreases, the energy follows a logarithmic dependence and saturates. The limit to
dislocation-based structures is then approximately at ¢ ~ 0.25 where D will be close to 4b and
cores of misfit dislocations will start to overlap [50].

In case of large lattice misfits, coherency can be completely lost. Precipitates are usually
oriented randomly and lattice columns of matrix and secondary phase do not fit each other to
form the incoherent interface (see schematic in Fig. 3.8) with disordered structure, similar to
random large-angle grain boundaries. Incoherent interfaces have large interfacial energy
significantly dominated by the structural contribution yincon = 800 — 2500 mJm-2 [50]. Usually,
fully incoherent are large coarsened precipitates after long aging times. However, there can be
also some special cases. As reported by Rosler and Arzt [2, 3], nanometer-sized particles of
incoherent nature can exist in the case of oxide-dispersion-strengthened alloys.

Figure 3.8: An incoherent interface. (a) Two crystal lattices are oriented as cube-on-cube but
lattice misfit is so large that misfit dislocations cannot accommodate it. Arrays of several
atomic columns of two phases which do not fit together are separated by planes fitting
perfectly. (b) Schematic example of case observed more commonly. Two phases have
incoherent interface and are oriented randomly.

The behaviour of a dislocation under applied stress is different in case of the interaction with
dispersion of small coherent particles, larger semi-coherent precipitates or coarse distribution
of large incoherent phases. Some of the key mechanisms determining the interaction of
dislocation with precipitates are summarized below. The text is based on detailed overview
presented by D.J. Lloyd [51].

When precipitates nucleate and grow, they intersect slip planes in random fashion. A gliding
non-screw dislocation without diffusion must either cut through the precipitates or penetrate
the array by bowing between the obstacles. It will adopt the mechanism offering the lowest
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resistance. The stress corresponding to this short-range mechanism must be compared with
that required to overcome the internal stress ti produced by coherent precipitates in the
surrounding lattice.

When a gliding dislocation encounters an array of obstacles it bows out between them, as
shown in Fig. 3.9.

Figure 3.9: Schematic visualisation of a dislocation on a slip plane in which each obstacle
exerts a localized glide resistance force F, balanced in equilibrium by line tension forces T.
Taken from D.J. Lloyd [51].

At some curvature, when the included angle ¢ between adjacent arms of the dislocation
reaches a critical value the obstacle is overcome and the dislocation moves forward. The
obstacle strength F can be expressed in terms of the breakaway angle ¢¢, since the force
balance in Fig. 3.9 gives

F = 2Tcos (qbc) (3.7)

2
where T is the dislocation line tension. Clearly the maximum strength obstacle will have for a
¢c = 0, where the particle behaves as an impenetrable obstacle. On the other hand for ¢ > 0,

the particle can be sheared under the shearing force F. It is important to note that in reality the
obstacles on the glide plane will have a spectrum of strengths.

The applied shear stress ¢ causes the dislocation of Burgers vector b to bow into a loop of
radius of curvature R, where

T
th = - (3.8)
This assumes that the line tension is independent of the dislocation character.

Based on the geometry in Fig. 3.9, it can be stated that
. (6
2Rsin (5) =1L (3.9

so that

. (6
o = oG (3.10)

L
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Sinceg = (90 — %) by combining equations (3.7) and (3.10) we get

¢
T = ZTLS(Z) - £ (3.11)
bL bL

To predict the overall strengthening effect of the precipitates the expressions for F for the
different strengthening mechanisms have to be developed and correct obstacle spacing L has
to be chosen.

In random arrays of weak obstacles a dislocation advances by breaking from a few widely-
spaced obstacles before unpinning along the entire length. It retains a roughly straight shape.
The effective obstacle spacing Lr along an almost straight line is given by the Friedel
relation. In steady state at the flow stress, when a dislocation unpins from one obstacle it
moves forward to encounter one other (see schematic in Fig. 3.10). The area swept in so doing

is therefore the area of glide plane per obstacle A, where /A = L is the average spacing of
obstacles in the plane. If there are Ns obstacles per unit area in the glide plane, according to
Friedel [52] following equation can be written as

AN, =1 (3.12)

2" position \

1< position .

Figure 3.10: Dislocation unpinning from one obstacle (1% position) moves forward and
encounters other obstacle (2" position). During that motion the area of glide plane per
obstacle A is swept.

For a regular square array of obstacles, the average spacing Ls between them is defined as

Ls =7 (3.13)
And hence
A=LS7 (3.14)
From the geometry in Fig. 3.10,
A=hL=~Lg? (3.15)
And
R? =12+ (R — h)? (3.16)
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Which for h << R becomes

L?> = 2hR (3.17)
Substituting for h from equation (3.15) and for R from equation (3.9), the effective or Friedel
obstacle spacing Lr is stated as

Ls

L=Lp= (3.18)

cos(3)

Therefore the effective obstacle spacing is a function of square lattice spacing and the
obstacle strength. The stronger the obstacle the smaller is the effective obstacle spacing.

Substituting into equation (3.11) we obtain

ZT[cos(g)r/z
bLg

T = (3.19)
It is important to note that equation (3.19) was derived assuming an essentially straight
dislocation, i.e. weak obstacles (¢p = 140 degrees), and a square array of obstacles. In case of
strong obstacles (¢ — 0) when Orowan looping occurs rather than particle shearing, equation
(3.19) is invalid. For strong obstacles with ¢ < 100 degrees Brown and Ham [53] have
suggested the expression

_ 084 $\13/2
T= EZT [cos (5)] (3.20)
Line tension forces T can be related to the value for the dislocation line tension. If a constant
line tension is assumed, ignoring dislocation character, according to Friedel [52] following
equation can be written

T =" (3.21)

There are different mechanisms which can determine the strength of the obstacle. In many
alloy systems two or more of these mechanisms may operate simultaneously but often one
will dominate.

(I) Coherency strengthening is as a result of the elastic coherency stresses surrounding a
precipitate. Due to the misfit of lattice parameters of matrix and precipitate elastic strain field
is introduced in the matrix around a particle.

In general, the models describing coherency strengthening consider the case of an infinite
straight edge dislocation interacting elastically with a spherical coherent precipitate of radius r
and misfit parameter ¢, given by

—1mite 2 (3.22)

T3 1-v) a 3
where ¢ is the fractional difference in lattice parameter between the particle and the matrix.

According to Brown and Ham [22, 53] the misfit parameter ¢ can be given also by using
Young modulus of elasticity E of matrix and bulk modulus of precipitate B:

45



3B
Using isotropic elasticity theory Gerold and Haberkorn [54] found the interaction force
between a straight edge dislocation and the precipitate to be

2

3
for = > =
4

3\3/2 Gble|r3
22 r2

Fu =3
And (3.24)

21/

Fy = 8Gblelz (1 - %)

2 2

Z 3
for 5 <=
r 4

where z is the distance of the glide plane from the central plane of the precipitate. The
problem of this approach is to find an appropriate average value of Fm to substitute into
equation (3.7) since the glide dislocation interacts with the strain fields of both precipitates
that intersect the glide plane and those that are some distance away. However, all models
result into an expression for small precipitates, interaction with straight dislocation and small
breaking angle ¢, as follows [51]:

1/2
Tes = k(6)%? (L) (3.25)

where k is a numerical factor dependent on the averaging procedure chosen. In the Gerold and
Haberkorn theory k = 3 for edge dislocations and k = 1 for screw dislocations. In the Gleiter
theory k = 11.8. Here, it is important to note that the expression is very approximate, partially
due to the fact that it considers only straight edge dislocations and also because of averaging
procedure leading to appropriate k value. Parameter f is the volume fraction of the particles
which can be defined as the volume fraction of Ns spheres in unit volume of 2r m?:

4 .3
Tr°Ns 212Ny

f=r == (3.26)

T

(11) Chemical strengthening is coming from the atomic bond switching when a dislocation
shears a precipitate. In other words, it arises from the energy required to create an additional
particle/matrix interface of specific energy ys when the particle is sheared by glide
dislocation. The maximum force on the dislocation due to the new interface is F = 2ysb.
Substituting into equations (3.7), (3.19) and using the square lattice spacing Ls, following
equation is obtained:

3p 1/2
TcHS = (M) l (327)

T r

(1) Stacking fault strengthening is due to the difference in stacking fault energies in the
precipitate and the matrix. As a result, the separation of the partial dislocations will also be
different when the dislocations move from the matrix into the particle. The maximum force
experienced by the split dislocation is given by

FM = AO'TsB (328)
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where Ao is the difference in stacking-fault energies, B is a function of Ag, the line tension T
and rs, the planar particle radius. If rg is smaller than the partial dislocation separation in the
matrix, the equation for stacking-fault strengthening can be written as

1/2
tsp = Ao¥/2 (Z17) (3.29)

32Th?

For large particles the stacking fault strengthening decreases with increasing particle size.

(IV) Modulus strengthening arises from differences between the elastic moduli of the
precipitate and the matrix. The energy of a dislocation is a function of the shear modulus of
the lattice within which it resides. As a dislocation moves from the matrix into a particle of
different shear modulus there is a change in dislocation energy and hence an interaction force
between the dislocation and the particle. Majority of the models describing modulus
strengthening involve the difference in shear modulus, AG, between the matrix and the
particle. Unfortunately, the shear moduli of most of the precipitate particles are unknown.

In one of the more recent approaches, Russel and Brown model the situation where the
dislocation energy changes abruptly at the particle-matrix interface. By considering the local
dislocation equilibrium at the point of breakaway they show that, for attractive obstacles (i.e.
Gp < Gw), the equivalent expressions to equations (3.19) and (3.20) are

2T E?

™ = b_LS (1 - E_zz) (330)
2T E? 1/2

™ — m(l - E_zz) (331)

where E; is the dislocation line energy in the particle and E> is the line energy in the matrix.

(V) Atomic-order strengthening is caused by the increase in energy associated with a
dislocation that shears through an ordered coherent precipitate creating an antiphase boundary
(APB). When APB is formed, it has an energy oaps per unit area. This energy is then the force
opposing dislocation motion. The maximum interaction force for a single dislocation shearing
an ordered particle is

Fv = 20ppBTs (3.32)
which when substituted into equations (3.7) and (3.19) gives

[ o 1/2
g = (e 65

This equation however would be relevant only in case if the dislocations travelled singly
through the lattice. Since they travel in pairs where the second dislocation usually removes the
disorder, the equation has to be modified. Brown and Ham have considered the situation
where the leading dislocation is bowed out to the critical configuration and the trailing
dislocation is essentially straight. The net result is an increase in stress on the leading
dislocation. Two expressions for order strengthening are then obtained as follows:
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1/2
—%EKEQQQ -—4fmr< r (3.34)

T =
0 2b T OAPB

TO:ZEEKﬂ)UZ—f]mrr> r (3.35)

2b s OAPB

(VI) Orowan strengthening, arises from the resistance exerted by impenetrable obstacles on
glide dislocations (see schematic in Fig. 3.11). When particles cannot be sheared, ¢ = 0 and
the obstacle strength equation (3.7) becomes

F=2T (3.36)

By substituting into equation (3.11) and using the simple dislocation line tension equation
(3.21) we obtain

2T Gb
Torowan = L L (3.37)

which is the basis of the Orowan equation. For an accurate assessment the line tension and
obstacle spacing has to be considered in detail. Taking in account the interaction between the
two arms of the bowing dislocation on opposite sides of the particle, the effective line tension
of the dislocation has to be taken as

o (e o) 6

where v is Poisson’s ratio, ro is the inner cut-off radius = b. For a pure edge segment & = n/2,
while for a pure screw segment £ = 0.

The line tension of a dislocation is different for edge and screw segment. However, the
Orowan stress is independent of the nature of the dislocation because the curvature of a screw
dislocation will be less than that of an edge resulting in larger average obstacle spacing for the
screw segment. The difference in obstacle spacing will compensate for the difference in
dislocation line tension. The appropriate line tension will then be the geometric mean for edge
and screw components. Taking account of these factors the final expression for the Orowan
stress is

0.84Gb 2r
Torowan = 3072, 11 (—) (3.39)

To

Since impenetrable obstacles are usually relatively large their size cannot be ignored. As a
result, L should be considered as the clear interparticle spacing based on the equation:

Ls = N3 '/* = 2rg (3.40)

Where rs is the average planar particle radius related to the average particle radius r, and the
volume fraction of particles f by following equations [51]:

nrd

f="5 (3.42)

== (3.42)

4
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That is

Lg = (2—”)1/2 r (3.43)

In Fig. 3.12, increase of flow stress as a result of coherency strengthening (Eq. 3.25) and
Orowan looping (Eg. 3.39) is plotted versus precipitate radius. It is shown that the
precipitation hardening mechanism generally depends on the size of the precipitate particles.
At small r, cutting will dominate, while at large r, bowing will prevail. The plot of both
equations shows that there is a critical radius at which max strengthening occurs. With further
coarsening of particles, strengthening effect diminishes.
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Figure 3.11: Schematic visualisation of the Orowan mechanism. (a) Edge dislocation
encounters array of particles of diameter r. (b)(c) The line bows between the obstacles until
the segments at A and A’ are parallel (¢ = 0). They then attract and annihilate. (d) The line
moves forward leaving Orowan loops around the obstacles. Taken from T. Kruml [41].
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Figure 3.12: Increase of flow stress as a result of coherency (Eq. 3.25) and Orowan
strengthening (Eg. 3.39) mechanisms. In general, the strengthening mechanism depends on
the size of the precipitates. Small particles will be sheared while large particles will be
overcome by Orowan mechanism.

In some cases, Orowan stress is also the flow stress for dispersion strengthening, a process in
which incoherent obstacles such as oxide particles are deliberately added to a softer metal
matrix. However, at high temperatures, cutting and Orowan bowing can be replaced by
diffusional climb-controlled mechanisms: a dislocation stopped at a particle can bulge out of
the slip plane and surmount the particle. This introduces a temperature and strain rate
dependent component to this threshold [39]. Rosler and Arzt [2, 3] developed a model based
on the key idea that dislocations more commonly reside in attractive traps because the
dislocation line reduces its energy by lying at the interface between the matrix and an
incoherent dispersoid. The attractive interaction causes a threshold stress zq, which must be
exceeded in order to detach the dislocation from the particle after climb is completed [2]:

Tq = % 1-k?, (3.44)

where the mean spacing between neighboring precipitates A is defined as:
r=r [Z 3.45
=r |2 (3.45)

The attractive interaction between particle and dislocation is modeled by assuming that the
line energy of the dislocation is relaxed at the incoherent interface. The parameter k is then
considered as a relaxation parameter with values between 0 (maximum of attractive
interaction with the particle) and 1 (no attractive interaction). According to Arzt and
Wilkinson [2], only a very modest attractive interaction between dislocations and particles is
required in order for dislocation detachment to become the strength-controlling process.
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3.5 Dislocation forest strengthening

Dislocations have a characteristic stress/strain fields which are mainly responsible for their
interactions with different obstacles. In general, dislocations move on various intersecting slip
planes and interact with each other. Dislocations, which act as obstacles to the movement of
dislocations from other slip system are called forest dislocations. As the strain is increased the
dislocation density raises and in addition to primary also other slip systems are activated. The
number of mutual dislocation-dislocation interactions increases rapidly leading subsequently
to the increase of the flow stress. This process is called strain or work hardening.

There are several different types of dislocation-dislocation interactions possible. To move two
dislocations located on parallel slip planes of certain spacing past each other requires the
application of an external stress to act against their interaction force, called as Peach-Kéhler
force (see schematic visualisation in Fig. 3.13). This force can be characterized by the long-
range stress fields of two dislocations. Depending on their relative position and sign, the force
will lead to repulsion or attraction of the dislocations. Dislocations of different signs lying on
the same slip plane attract each other and annihilate, whereas dislocations on different planes
can arrange in a dipole configuration drawing an angle of 45° between each other. As the
thermal activation is ineffective in case of these interactions, only an athermal contribution to
the flow stress is introduced by this interaction. [36].
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Figure 3.13: Schematic of the Peach-Kohler force for two edge dislocations of same sign. The
bisecting line constitutes the equilibrium position, dislocation dipole. Behaviour is inverse for
edge dislocations of different sign. Taken from [39].

The intersection of gliding dislocations with forest dislocations is related to both thermal and
athermal flow stress. If the result of interaction is jog creation, the movement of such structure
is independent of internal stress. It has short-range character and is therefore related to the
thermal flow stress component. On the other hand, interaction of the long-range stress fields
of forest dislocations with the stress field of incoming dislocation contributes to the athermal
flow stress component. While interaction of two edge dislocations with perpendicular Burgers
vectors can result in a jog formation, the two edge dislocations with anti-parallel Burgers
vectors can form a kink. Since the length of the dislocation is increased by these processes,
they are associated with thermal activation providing necessary extra energy. Jogs created by
interactions of edge and screw or two screw segments of dislocations can move out of slip
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plane with the help of thermally activated processes, including the production of vacancies or
the take-up of interstitials. [39]

The athermal component of the flow stress imposed by the interaction of glide and forest
dislocations arises from their long-range internal stresses. Dislocations can either form
attractive or repulsive junctions what constitutes the major part of dislocation strengthening.
Assuming that the dislocations are completely randomly distributed within the grains, the
interaction of glide and forest dislocations should be well-approximated by the Taylor work-
hardening relationship between dislocation density p and flow stress zrayior in a single crystal
[55]:

TTaylor = aGb\/—, (3.46)

where a is constant 0.2 — 0.4 for polycrystals [56], G is the shear modulus of the matrix, b is
magnitude of Burgers vector and p is dislocation density.

Upon repeated activation of a dislocation source, dislocations of the same sign and mainly
edge segments moving on the same slip plane form dislocation arrangement called as pile-up,
mostly in front of obstacles such as grain boundaries. The obstacles cause a locally higher
yield stress than the surrounding matrix. Due to the elastic interactions between the
dislocations of a pile-up, the leading dislocation experiences a forward stress pushing against
the obstacle. This can cause the activation of dislocation sources in neighboring grains or
initiate cross-slip. On the other hand, the following dislocations in the pile-up are prevented in
their further movement by a long-range backstress. The forward stress equals the applied
stress amplified by the number of the piled-up dislocations. As the backstress opposes the
applied stress at the dislocation source, additional external load has to be applied to maintain
the plastic deformation. Pile-ups can therefore be responsible for large long-range
stresses.[39]

In materials that exhibit easy cross-slip the formation of dislocation pile-ups is rather unlikely.
However, long-range internal stresses in these materials arise from the presence of different
phases or from heterogeneous dislocation substructures. Determination of the flow stress
coming from the dislocation arrangements such as walls, channels or cellular structures was
thoroughly studied by [57, 58]. As reported by [59], during cyclic deformation of metal
structures characteristic by walls of high dislocation density surrounding areas free of
dislocations are formed. These heterogeneous, locally very different dislocation structures
feature locally different flow stresses so the plastic deformation of two different regions is
mainly localized into the soft dislocation cell interiors. Based on the composite approach
presented by [60], the macroscopic flow stress is the result of the local flow stresses of the
soft and hard regions weighted by their respective volume fractions.[39]

In case of two- or multi-phase alloys or precipitation hardened materials, plastically deformed
grains consist of uniformly and locally non-uniformly deformed areas [39, 61]. The uniform
deformation is accommodated by the accumulation of statistically stored dislocations which
are then responsible for work-hardening. Deformation of a heterogeneous microstructure
containing different phases, grains of different orientations or precipitates requires the
maintenance of the deformation compatibility between the regions of different strength. The
internal strain gradients are accommodated by so-called geometrically necessary dislocations
(GNDs) near the grain boundaries or precipitates [39]. These GNDs are then related to long-
range internal stresses that vary over a distance that is associated with the spacing between the
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phases, precipitates and other hard structural features. Mughrabi [62] has reported that the
contribution of GNDs to the macroscopic flow stress is marginal in the case of
heterogeneously distributed dislocations, while they role is more significant in the case of
two-phase or precipitation hardened materials, where GNDs are present in higher density.[39]

3.6 Grain boundary strengthening

There are important differences between plastic deformation in single-crystal and
polycrystalline materials, where the grain boundaries act as strong barriers to dislocation
motion. From experimental measurement of the yield stress oy of polycrystalline aggregates in
which grain size d is the only material variable, it has been found that the empirical
relationship is satisfied as follows:

ky
N3
The stress oo is @ material constant for the starting stress for dislocation movement (or the
resistance of the lattice to dislocation motion), ky is the strengthening coefficient (a constant
specific to each material). This empirical relation between yield stress and grain size is called
the Hall-Petch equation [36, 63, 64].

oy =0y + (3.47)

Figure 3.14: Schematic illustration of a pile-up formed of dislocations from source S in grain
1 under an applied resolved shear stress t. Sz is a dislocations source in grain 2. The trace of
the preferred slip plane in each grain is marked by a dashed line (after [36]).

One explanation of Hall-Petch relationship is that under an applied stress, existing
dislocations and dislocations generated by Frank-Read sources in one grain will move through
a crystalline lattice until reaching a grain boundary where repulsive stress field will present
obstacle to further dislocation motion. As more dislocations propagate to this boundary,
dislocation pile-up occurs composed of dislocations which are unable to overcome the
boundary. Within the pile-up, dislocations will generate repulsive stress fields leading to the
repulsive force on the dislocation incident with the grain boundary. If stress fields are large
enough, the energetic barrier for the dislocation diffusion across the boundary will be reduced
allowing further deformation in the neighbouring grain (see schematic in Fig. 3.14). In other
words, the dislocation sources in an adjacent grain will operate at the yield stress. Decreasing
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the grain size decreases the amount of possible pile-up dislocations at the grain boundary so
the higher applied stress is then necessary to move a dislocation across.

Although such a pile-up model was first used to explain the Hall-Petch relationship, other
interpretations are possible as well. Overview of alternative, non-pileup theories and
interpretation models such as source theory or work hardening theory was summarized by
[39].

3.7 Combination of strengthening mechanisms

In majority of structural alloys used in real service a combination of several strengthening
mechanisms operate. Some alloys contain more than one precipitate type where each will
make its own contribution to the strength of the alloy. In other cases additional strengthening
mechanisms, not necessarily associated with the particles, may be operating, e.g. solid
solution or grain boundary strengthening. The question than arises how these mechanisms
interact together and how to estimate their overall effect on flow stress increase. Some authors
suggest to find the most important strengthening mechanism and neglect remaining, others
propose to simply summarize all contributions Az; as [65]:

ATy = 2?:0 At; (3.48)

Makin and Foreman [66, 67] performed one of the first computer modelling experiments in
which a dislocation passed through random array of point obstacles. The strength of obstacles
was defined by critical angle ¢. (see Eq. 3.7). They determined the shear stress At for
dislocation passing through an array of obstacles of various strengths and combination of
various obstacle types. The result was following:

e for combination of two populations of weak obstacles, the resulting flow stress increase
is given by a Pythagorean superposition law, i.e. root mean square of stresses related to
the two obstacle arrays taken separately:

ATior =/ ATE + ATE; (3.49)
e for combination of two different strong obstacles, the result is close to arithmetic sum;
e small number of strong obstacles added to dense array of weak obstacles has significant
strengthening effect;
e small number of weak obstacles in dense array of strong obstacles has almost no effect
on the resulting strengthening.

Conclusion based on thorough work of Makin and Foreman [66, 67] suggests that the problem
of combining several strengthening mechanisms cannot be simply generalised and needs
careful modelling and simulations based approach dealing with every mechanism in
detail .[68]

At the end of chapter, it is worthy of note that the presented mathematical equations can be
used in a simplified analytical approach when trying to describe acting fundamental
mechanisms. However, to deliver proper quantified description of the problem, extensive set
of experimental data has to be used as an input into the physically-based models properly
dealing with the phenomena ongoing on atomistic level. Mobility of dislocations, their mutual
interactions or interaction with obstacles and subsequent effects on macroscopic response,
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thermodynamics and precipitation of secondary phases, etc. all of these can be studied using
various modelling and simulations based approaches such as ab-initio calculations, molecular
dynamics, three-dimensional discrete dislocation dynamics modelling, phase-field modelling,
and others. The multi-scale modelling approach then can combine several of these tools, using
a results from one type of simulations as a necessary input for another one [69-73].
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4. Low cycle fatigue damage

In materials science the term fatigue could be defined as a sequence of processes which occur
in material loaded by the time variable external forces and lead to initiation of fatigue crack,
its propagation and consequential final fatigue fracture. When a machine part or a whole
structure is loaded by cyclic external forces, a complete fracture may occur, although no
obvious damage can be observed throughout the majority of the loading cycles. Moreover, the
magnitude of the external forces may be so small that their single application does not result
in any noticeable damage.

Cyclic loading of material leads to cumulative and irreversible complex microstructural
changes on both atomistic and microscopic scale-level. As a result, fatigue cracks initiate and
propagate through the material leading consequentially to the final fatigue fracture [74-76].

4.1 Stages of fatigue life

The process of fatigue damage could be separated into several individual stages as is shown in
Fig. 4.1. However, despite the fact that each stage could occur in a different period of the
fatigue life, no clear boundary between them exists and usually each stage merges into one

another.
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Figure 4.1: Stages of fatigue damage leading to failure of material (adapted from [75]).

From the technological point of view, there are two important phases of fatigue life: (1)
initiation of a macrocrack and then (1) the crack growth and propagation until the fracture.
While the latter could be sufficiently described by the fracture mechanics, adequate
understanding of processes leading to the initiation of crack has to be reached by fully
microscopic approach at micro- and nano-scale levels.
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As the cyclic loading starts, due to the presence and accumulation of cyclic plastic
deformation, internal dislocation structure develops. Dislocation density increases as the
dislocations are generated and annihilated and their mutual interactions lead to the change of
macroscopic cyclic response of material what is characterised by initial cyclic hardening
and/or cyclic softening.

With further cyclic loading and evolution of the dislocation structure, cyclic plastic strain
localizes into persistent slip bands (PSB). Along with PSBs formation in the bulk of the
material, as a consequence, persistent slip markings (PSMs) emerge on the surface. As the
surface relief develops and PSMs are well established, fatigue cracks are initiated often within
them, as they act as a stress concentrators. With additional cycling, short fatigue cracks grow,
affect each other and coalesce until one of the cracks becomes major crack leading then to the
macrocrack initiation.

In following sections, the individual stages of fatigue damage are discussed in detail based on
[74-76].

4.2 Cyclic stress-strain response of material

Mutual correlation between stress and strain during the cyclic loading characterizes cyclic
plastic response of material. As mentioned previously, change in response to cyclic loading is
mainly due to the evolution of density and configuration of internal microstructural defects.

The standard symmetrical uniaxial cyclic loading tests could be performed in three basic
regimes depending on which variable is controlled and kept constant during the experiment.
The most common are strain-controlled fatigue tests, where the total strain amplitude (ea) is
pre-set as a constant and the other parameters are measured. The other two regimes are then
plastic strain amplitude (eap) and stress amplitude (oa) controlled tests.

In strain controlled cycling with constant strain amplitude, the growth in stress amplitude and
the drop in plastic strain amplitude represents cyclic hardening of the material. Cyclic
softening is then opposite effect, where stress amplitude decreases with each additional cycle.

The primary hardening or softening period can be followed by steady-state cyclic deformation
in which the stress-strain response remains unchanged. The hysteresis loop is closed and does
not change significantly with number of cycles. Example of such hysteresis loop is shown in
Fig. 4.2. The loop is characterised mainly by saturated stress amplitude oa and plastic strain
amplitude eap and also by the loop shape parameter Vu [75] defined as

Vy = —2 (4.1)

4€ap0a’

where the hysteresis loop area W represents the specific energy dissipated in a material within
one cycle.

The hardening/softening behaviour of the material within the fatigue life is often characterised
by plots called cyclic hardening/softening curves. In strain cycling with constant total or
plastic strain amplitude, these curves are represented by the dependence of the stress
amplitude on the number of cycles [75, 76].
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Figure 4.2: The saturated hysteresis loop. Taken from [75].

4.3 Microstructure evolution

The original microstructure of metals subjected to cyclic loading can differ substantially and
depends on composition, thermal and mechanical treatment, previous history, etc. However,
the evolution of the initial microstructure has some features common for various metals and
alloys. These are closely connected with the alternating character of cyclic plastic straining
and other specific features characteristic to lattice structure and the properties of dislocations
and other lattice defects in the material.

Cyclic plasticity and its relation to the dislocation structure has been studied thoroughly in
both face-centered cubic single crystals and polycrystals. Most intensive works were done on
polycrystalline metals and single-phase alloys, namely in copper [59, 77-84], copper alloys
[85-87], aluminium and its alloys [88, 89], nickel and its alloys [90], and stainless steels [91—
94]. Despite the fact that the grain size is an important parameter in cyclic straining of
polycrystals, considerable similarity between the behaviour of single crystals and polycrystals
has been noted as discussed in [75].

Solute additions can affect both the cyclic stress-strain response and the dislocation structures
considerably. As discussed in Chapter 3, the stacking fault energy of the structural alloy is
usually lower than that of the pure metal and, therefore, the slip character changes. Studies of
Feltner and Laird [78] on Cu-Al alloys and Lukas and Klesnil [79] on Cu-Zn alloys have
shown strong tendency to planar slip character and homogeneous dislocation distribution in
alloyed materials. As the content of alloying elements increased, the stacking fault energy
decreased notably resulting into large separation distance between the Shockley partial
dislocations therefore preventing easy recombination.

In case of structural materials, probably the most detailed and thorough studies have been
performed on 316-type austenitic stainless steel. The majority of works have been focused on
investigating the microstructures developed during cycling with different strain amplitudes at
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the failure [14, 16, 17, 95, 96]. A few detailed works on deformation structure evolution
during the fatigue life have been presented as well [14, 18].

As noted previously, the stacking fault energy in austenitic stainless steels is quite low (in
case of 316-type, it is reported to be lower than 20 mJm2 [16, 97]). Under cyclic loading, the
dislocation density increases significantly and since low stacking fault energy and possible
short-range ordering effects restricts cross-slip of dislocations, their movement is usually
limited to planar slip within one slip system only. As a result, dislocation interaction becomes
more complicated and more tangled structures are formed usually leading to the initial
hardening cyclic response of loaded material.

With further cyclic loading, dislocations move and can interact together, i.e. annihilate or
make a dipole configuration. As a consequence, the total dislocation density tends to reach its
equilibrium state and remains almost constant after achieving a maximum. Depending on type
of material, general structural state (stacking fault energy, alloying, thermo-mechanical
treatment, etc.) and depending also on the orientation of particular grain relative to the loading
axis, secondary slip systems can be activated further facilitating interactions between
dislocations. More complex dislocation structures are formed as the system tends to reach
minimum of internal energy. In this stage of cyclic loading, along with progressive change of
dislocation microstructure, cyclic plastic deformation localizes into PSBs. These structural
features can accommodate cyclic plastic deformation and in simple metals like copper [59,
80-83] and nickel [84] and also in 316-type of steels [16, 17, 59], they are usually observed in
the form of ladder-like structures consisting of dislocation-rich walls separated by dislocation-
free channels. As reported by Polak et al. [83], in polycrystalline copper localization of cyclic
plastic deformation occurs in the early stage of loading, in particular after 10 to 1000 cycles
depending on applied plastic strain amplitude and temperature. Cyclic softening response of
material is usually observed in relation to localization of cyclic plastic deformation.

As a result of continuous cyclic loading, different materials can exhibit different nature of
internal structure changes. For example, at sufficiently high loading levels, where several slip
systems are active, vein, labyrinth and wall/channel structures can transform into spatial
cellular dislocation structures. However, from the perspective of fatigue, the PSBs are the
most important structural features not only for cyclic slip localization but mainly in regard to
fatigue crack initiation. That is discussed in the next section.

4.4 Surface relief formation and fatigue crack initiation

The fundamental source of information allowing for an understanding of the mechanisms
leading to the initiation of fatigue cracks is the dislocation structure of the bands of localized
cyclic slip, i.e. PSBs. Numerous theoretical models describing the mechanism leading to
cyclic slip localization, formation of the surface relief and stage | fatigue crack initiation were
proposed. Following text is based on detailed overview recently presented by Polak et al. [98].

The first treatment of dislocation interactions in PSBs appeared in the work of Essmann and
Mughrabi [99]. They considered the expansion of dislocation loops from the walls across the
channels, interactions with dislocations in neighbouring walls, and their annihilation (see Fig.
4.3). Simultaneous formation and annihilation of dislocations lead to the achievement of a
saturated dislocation density in cyclic straining. Moreover, the production and annihilation of
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dislocations result in point defect production in the walls and their annihilation by sweeping
dislocations. Relatively high saturated point defect density was estimated [98, 99].

Figure 4.3: Schematics of loop emission from the dislocation rich wall in a ladder-like
structure of PSB (a) expansion of the loops from one wall (b) expansion of two loops from the
neighbouring walls on neighbouring slip planes and formation of unit dipole in the channel
(taken from Poldak and Man [100]).

The production of point defects in cyclic straining motivated Essmann et al. [101] to propose
the first physically-based model (EGM model) which was able to explain the formation of
extrusions and intrusions in fatigued metals. The EGM model is based on the production of
vacancies due to dislocation interactions in the walls of PSBs. Vacancies represent extra
volume and cause internal compressive stresses within PSBs. These stresses are relaxed in the
direction of active Burgers vector and an extrusion starts to grow where the PSB emerges on
the surface. Mughrabi [102] considers the source of crack initiation to be the stress
concentration from extrusion and notch effects due to random slip within PSBs. Stage | shear
fatigue crack forms as a result of previously formed extrusion and stress accumulation in the
roughened extrusion surface (acute angle between Burgers vector and specimen surface).

Coinciding with the work by Essmann et al. [101], Tanaka and Mura [103] modelled PSBs by
the line of dislocation dipoles impinging on the grain boundary. They proposed the formation
of embryonic cracks in dislocation pile-ups accumulated under cyclic stress. The layers of
dislocation dipoles can be transformed into a free surface (crack) when the stored energy
accumulated after N cycles becomes equal to the surface energy. They derived a simple
equation relating the number of cycles to crack initiation with the specific fracture energy of
the material and applied strain or stress amplitude. The Tanaka and Mura model has been
revised and modified many times (see e.g. [104, 105]) and used for the prediction of the
fatigue life curves for a number of materials. In spite of some success in fatigue life
prediction, the modelling of PSBs by the line of dislocation dipoles is not in a good agreement
with real dislocation structures of PSBs in simple face-centered cubic and body-centered
cubic metals. A more realistic dislocation structure of PSBs has recently been considered by
Sauzay et al. [105, 106] in calculation of the internal stresses produced at PSB impinging
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grain boundaries. Due to the finite thickness of PSBs and observed dislocation arrangement,
these stresses are substantially lower than calculated by the pile-up model.[98]
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Figure 4.4: Schematics of dislocation interactions and formation of point defects in a PSB, (a)
projection in (121) plane, (b) projection in primary (111) slip plane (taken from Poldik and
Man [100]).

The EGM model was further developed by Polak [107]. Since point defects in copper are
highly mobile at room temperature [108-110], they readily anneal out during cyclic loading
and static extrusions considered in the EGM model [101] cannot accumulate in room
temperature cyclic loading. Consequently, the mechanism of extrusion formation proposed in
the EGM model has been substantially modified [107]. Polak’s model considers the
production of point defects not only in the dislocation walls but also in channels of the PSBs
(see Fig. 4.4). Moreover, point defects, predominantly vacancies which are steadily produced
in the channels, migrate (during cycling) to the dislocation walls and to the matrix where they
are absorbed at edge dislocations. Migration of vacancies from PSBs to the matrix (see Fig.
4.5) results in systematic transfer of atoms in the opposite direction (i.e. toward PSBs). The
matter is thus readily accumulated at PSBs and internal compressive stresses arise within.
Compressive stress is relaxed plastically in the direction of the primary Burgers vector and the
steady growth of an extrusion is envisaged. The growth of extrusions has been described
quantitatively, provided vacancies are absorbed at PSB/matrix interface, by Polak and Sauzay
[111]. Due to the matter conservation law, intrusions arise on the PSB/matrix boundary. The
kinetics and the shape of the intrusions have been calculated using the data on vacancy
production and migration corresponding to polycrystalline copper [112, 113]. The intrusions
represent crack-like defects with high stress concentration and fatigue cracks start to grow
from the tips of intrusions parallel with the Burgers vector by slip-unslip mechanism.
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It is important to note, that in spite of numerous models of fatigue crack initiation
accompanied by numerous recent high resolution observations [114-118], different opinions
still exist on the sources of crack initiation in cyclic straining and the real initiation
mechanism has not yet been recognised.[98]
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Figure 4.5: Schematics of the relation of the internal ladder-like dislocation structure of a
PSB and resulting surface relief, (a) point defect production in PSB and their migration to the
matrix, (b) resulting surface profile consisting of central extrusion and two parallel
intrusions. Taken from Poldk and Man [100].

4.5 Fatigue crack growth

Fatigue cracks could be divided into several different categories, as follows [119].

e Cracks of length smaller than approx. 1 mm are considered as small cracks. Three
types of these cracks can be distinguished according to their dimensions:

1. Physically small cracks of length up to 1 mm. Here the difference between
long and small crack is determined by a different closure stresses.

2. Mechanically small cracks. These cracks have the same or smaller proportions
than the size of the plastic zone at the crack tip. Stress and strain fields around
this crack cannot be described by elastic fracture mechanics.

3. Microstructurally small cracks, which have the same of smaller proportions
when compared to characteristic structural unit (e.g. grain size).

e Short cracks defined and described in regard to the fracture mechanics. Here, the

range of stress intensity factor (AK) at the tip of the short crack is lower than the
threshold value (AKih).

e Long cracks where AK is larger than AK. In the certain interval of long crack length,
their propagation is described by Paris-Erdogan law.
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Crack propagation stage represents an important period which often determines the fatigue
life of the specimen, component or structure. In cyclic loading of smooth homogeneous
bodies above the fatigue limit, many fatigue cracks can be initiated and initially the
simultaneous growth of several cracks is observed. However, most cracks stop and generally
only one dominant crack propagates until final fracture [75].

4.6 Effects of high temperature

The fatigue behaviour of materials is influenced by temperature and additional effects must be
taken into account if complete characterization is desired. Thermally activated processes play
an important role, and diffusion and recovery are accelerated. From microstructural point of
view, the elevated temperature facilitates dislocation motion in cyclic straining. Various
thermally activated mechanisms, such as cross-slip and climb help to overcome obstacles to
dislocation motion, so the resulting dislocation structures can be notably different from that at
room temperature. The mobility of point defects produced in cyclic straining increases and
thermal fluctuations contribute to separating the row of point defects that arise through mutual
annihilation of edge dislocations or non-conservative motion of jogs on screw dislocations.
Dislocation climb is enhanced and recovery processes start easier than at room
temperature.[75, 120]

At high temperatures, the diffusion rates of interstitial and substitutional solutes are enhanced
what can lead to rapid precipitation and growth of secondary phases notably affecting
mechanical properties. As discussed in Chapter 3, dense dispersion of nano-scale precipitates
can significantly enhance strength of the alloy. On the other hand, secondary phases nucleated
on the grain boundaries can detrimentally affect corrosion and oxidation resistance of the
material. Formation of solute atom atmospheres can appear (Cottrell, Suzuki atmospheres,
etc.). The dislocations can be pinned by the interstitial atoms whose diffusion rate is high
enough to catch the moving dislocations. As a consequence of these microstructural changes,
cyclic stress-strain response of material could be significantly modified.

The microstructural features that lead to the cyclic strain localization and the initiation of
fatigue cracks at room temperature and at elevated service temperatures differ significantly
[121]. At high temperatures, the early fatigue damage is not only affected by the type of
loading [122, 123], but also by the environmental effects causing grain boundary oxidation
and cracking [124, 125]. Brittle oxides grown at the grain boundaries induce rapid crack
initiation due to their fracture during cycling. Coffin [120, 124] presented a repeated oxide
layer rupture model, where further oxidation of freshly exposed metal can be accelerated by
the oxidation of carbides, formation of corrosion pits or oxide intrusions along the grain
boundaries and within the grains. The cracks propagate preferentially intergranularly. High
impact on crack propagation has stress corrosion cracking when the brittle oxide layer cracks
under the tensile loading stress. During the period the crack is open oxygen can penetrate into
the metal and new oxides can rise [120, 124].

High temperature in participation with the environmental conditions has then a significant
detrimental effect on the degradation of the near-surface material properties. This leads
subsequently to the earlier crack initiation and growth under the conditions affected by
oxidation [123]. Material resistance to the near-surface high temperature degradation in terms
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of the oxide formation, especially along the interfaces, is closely connected with the chemical
composition and the initial microstructural state.

It is worth of noting that very important is also the effect of the time factor, i.e. the role of
strain-time and the stress-time history. Strain rate plays fundamental role. In high temperature
cyclic straining with low strain rate or in cycling with dwell/hold periods applied during the
cycle, in addition to fatigue, also creep damage mechanisms has to be considered.
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V. EXPERIMENT

5. Mechanical testing
5.1 Specimens

From both materials, Sanicro 25 and Manaurite XTM, the specimens for the mechanical
testing were machined parallel to the rod/tube axis. Cylindrical specimens with the diameter 8
mm and the gauge length 14 mm for room temperature testing and 6 mm in diameter and 15
mm gauge length with button ends for elevated temperature testing were produced (see Fig.
5.1). To eliminate the effect of the surface roughness on the fatigue life the area within the
gauge length was mechanically grinded. In case of Sanicro 25 the specimens were solution
annealed at 1200°C for one hour and cooled in the air after the production of their crude
shape.
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Figure 5.1: Geometries of (a) standard cylindrical specimen used for room temperature tests
and (b) cylindrical specimen with button ends used for isothermal cycling at elevated
temperatures.

In case of centrifugally casted alloy Manaurite XTM, anisotropy of mechanical properties for
monotonic and cyclic loading of material at room temperature has been investigated. For that
purpose, special small specimens perpendicular to the tube axis were designed and prepared
as shown in Figure 5.2a.
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The first type of the small sample was selected as perpendicular to the tube axis and parallel
to the direction of dendrites, i.e. the direction of melt solidification. This direction was
marked as “radial” and the geometry of the specimen is shown in detail in Fig. 5.2b. The total
length of the sample was 27 mm, while gauge length was 8 mm. Second type of small
specimen was produced from the tube wall as perpendicular to the tube axis and perpendicular
to the direction of dendrite solidification. This direction was marked as “tangential” and the
specimen geometry is shown in Fig. 5.2c. It had total length of 35 mm and gauge length of 9
mm. For both samples, diameter of gauge length part was 2.3 mm, while the diameter of grip
part was 5 mm. For mounting into the grips of the testing machines, adapters were used.

28 mm

===

Tangential

e
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m

Figure 5.2: (a) Schematic drawing showing the orientation at which the two types of small
samples were produced from the tube wall. (b) Geometry of small sample marked as “radial”
produced parallel with the solidification direction. (c) Geometry of small sample marked as
“tangential” produced perpendicular to the solidification direction.

5.2 Methodology

All tests were performed using computer controlled electrohydraulic MTS system. At room
temperature mechanical grips held at constant temperature were used and strain was measured
and controlled with an extensometer having the 8 mm base. High temperature tests were
performed with hydraulic grips, split resistance furnace and high temperature axial
extensometer with 12 mm base. Tensile tests at room and at elevated temperatures were
performed using identical specimens and extensometer as used for high temperature fatigue
testing. The constant strain rate 2x107 s was used in tensile loading. At the onset of the
tensile test both the displacement and the strain using the extensometer were measured. When
the maximum strain range of the extensometer was reached (approx. 8%) the extensometer
was removed and tensile test continued with control of the displacement and the displacement
rate corresponding to the selected constant strain rate. Engineering strain was later calculated
from the displacement.
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In cyclic loading at room temperature specimens were cyclically strained in symmetrical
cycle with total strain control and constant total strain rate 5x10° s in symmetric cycle.
Constant strain amplitudes e cycling was applied to individual specimens at each temperature
using standard MTS low cycle fatigue (LCF) program. Number of cycles to fracture Nt
corresponds to the drop of the ratio of the mean stress to the stress amplitude below -0.1.
Hysteresis loops were recorded during cycling and stress amplitudes and plastic strain
amplitudes were evaluated. Plastic strain amplitude was defined as equal to the half-width of
the hysteresis loop at mean stress.

Continuous isothermal high temperature tests were carried out in a computer controlled
electro-hydraulic MTS 810 test machine at a temperature of 700°C in air. High temperature
hydraulic grips and a split three-zone resistance furnace were used to keep the desired
temperature with minimum temperature gradient across the gauge length. Specimen
temperature was controlled and monitored by three thermocouples. During the experiment,
temperature is maintained at the set temperature with precision of +-2 °C. Grips were cooled
by water. Fully reversed total strain controlled cyclic loading (R: = -1) with constant strain
rate 2x 107 s was applied. Force was measured by a load cell and strain was measured and
controlled using high temperature extensometer with long ceramic rods and 12 mm base,
touching directly the specimen. Specimen was heated up to high temperature (about 30 min)
and after full stabilization (about 1 h) cyclic straining was started.

6. Microstructural characterization
6.1 Scanning electron microscopy

Surface of the specimens considered for further characterization by scanning electron
microscope (SEM) or for extraction of thin TEM lamella were mechanically polished by SiC
grinding papers up to Grit Rating 4000. For finer finish, oxide polishing suspension (OPS), in
particular colloidal silica of 40 nm in size, was used. As a last step, specimen was put for one
or two days into the vibratory polishing machine. Cleaning was done using ultrasound
cleaning system.

The surface observations of the specimens were done by use of Tescan Lyra3 XMU SEM
operating with field emission gun (FEG). Microscope is equipped with focused ion beam
(FIB), X-Max80 energy dispersive X-ray spectroscopy (EDS) detector for compositional
microanalysis and also with electron backscatter diffraction (EBSD) detector, all produced by
Oxford Instruments and operated with Aztec software.

In case of Manaurite XTM, technique of FIB nanofabrication was used to produce site-
specific and crystallographic orientation-specific lamellae for subsequent high resolution
characterization using transmission electron microscopy. For that purpose, FEI Helios
Nanolab 660 dualbeam (SEM + FIB) microscope was used. First, the area of interest was
found and documented using standard secondary electrons (SE) imaging mode in SEM. Then,
a platinum layer of the thickness of about 1.5 to 2 um was deposited using focused ion beam.
Afterwards, FIB was used to trench rectangular craters from both sides of the future thin foil
(see Fig. 6.1a). Lamella was further bonded to the extraction needle (nanomanipulator),
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completely separated from the grain (see Fig. 6.1b), mounted to the supporting copper grid
and subjected to further thinning. Both surfaces of the lamella were finally thinned with ions
using low acceleration voltage (5 kV) in order to remove or minimize the damage caused by
previous steps. Final thin lamella thickness was about 100 nm.

Figure 6.1: SEM secondary electrons mode image showing examples of steps from the
procedure of thin TEM lamella preparation. (a) Rectangular craters were trenched from both
sides of future thin TEM lamella. (b) Foil is undercut, mounted to nanomanipulator and
extracted from the grain. Later, it is bonded to the supporting copper or molybdenum grid
and subjected to further thinning.

6.2 Transmission electron microscopy

The microstructure was investigated using both transmission electron microscopy (TEM) and
scanning transmission electron microscopy (STEM). The spatial arrangement of dislocations
in grains was determined using the technique of oriented foils. Thin plates were cut from the
gauge length of the bulk specimens by electric-discharge machine perpendicular, parallel and
at the angle of 45° to the loading axis. The samples were mechanically grinded to prepare thin
plates of a thickness of approximately 0.08 mm, which were then punched out to produce
discs having a diameter of 3 mm. These were marked to indicate the loading direction. The
discs were then electrolytically polished using a double jet device TenuPol2. For Sanicro 25,
the electrolyte was composed of 95% of acetic acid and 5% of perchloric acid. The polishing
conditions were 80V-90V, 0.2 mA and temperature of 13°C to 16°C. Owing to its cast
dendritic microstructure, only site-specific FIB foil extraction was used for samples
preparation in case of Manaurite XTM.

The samples were investigated by standard bright field (BF) diffraction contrast imaging
(DCI) technique on the Philips CM12 TEM working at 120 kV equipped with a double tilt
holder. Later, for both diffraction contrast and high resolution phase contrast imaging (high
resolution TEM (HRTEM)), the JEOL JEM-2100F TEM working at 200 kV and equipped
with STEM and EDS detectors was used. Both TEM microscopes are located at the Institute
of Physics of Materials, Czech Academy of Sciences.

The foils were fixed in the TEM holder with the mark of the loading direction aligned with
respect to the holder axis in order to know the loading axis during observations. Dislocation
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structure was analysed using different diffraction vectors. The Burgers vectors and the types
of dislocations were determined using zero contrast conditions. Diffraction patterns and
Kikuchi lines were used to determine the crystallographic orientation of the stress axis in
individual grains. If not stated otherwise, the Miller’s indexes were permutated so that the
strain axis vector lay in or on the border of the basic stereographic triangle defined by the
apexes [001], [011], [114].

For atomic resolution observations of inspected grains, the foils were tilted in order to
perform high-angle annular dark-field (HAADF) zone axis imaging using a probe aberration-
corrected FEI Titan3 80-300 kV STEM. Defects contrast was also imaged by using low-angle
annular dark-field (LAADF) STEM. By simply adjusting the microscope camera length, and
thus the acceptance angle of the annular detector, it is possible to transition from HAADF Z-
contrast imaging mode performed by exclusively collecting electrons which have been
scattered to high angles to the small-angle scattered electrons sensitive on defect contrast.
High spatial resolution energy dispersive X-ray spectroscopy was conducted at 300 kV using
an image-corrected FEI Titan3 60-300 kV with a Super-X EDS detector, and utilizing the
Bruker Esprit software. The detection system uses four silicon drift detectors that are located
radially around the objective pole piece and specimen stage for improved collection
performance. The presence of carbon and nitrogen was verified using electron energy-loss
spectroscopy (EELS). Two aberration-corrected FEI Titan3 microscopes were used during the
Fulbright fellowship supported stay at the Center of Electron Microscopy and Analysis at The
Ohio State University. Later, work was finished using an image-corrected FEI Titan-Themis
60-300 kV S/TEM within the research infrastructure of Central European Institute of
Technology. For analysis of data, VELOX software was used as delivered by ThermoFisher
Scientific/FEI. Atomic resolution STEM images were corrected for possible drift and
scanning beam distortions using drift corrected frame integration (DCFI) function integrated
in VELOX software.
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V. RESULTS

7. Initial state of the material
7.1 Sanicro 25

The experimental material, highly-alloyed austenitic stainless steel Sanicro 25 of grade UNS
S31035, was supplied by Sandvik Sweden in bars of 150 mm in diameter. The nominal
composition (in wt%) of the material reported in datasheet delivered with rods is given in
Tab. 7.1. After machining of the crude shape of the specimens for mechanical testing, they
were annealed at 1200 °C for one hour and cooled in air. This state of the material is referred
to as “initial” in the text.

Fe Ni Cr w Cu Co Nb Mn N Si C
This 1 o9 250 | 225 | 36 | 30 | 1.5 | 05 | 05 | 023 | 02 | 01
work
Producer | o [235-|215—| 20— | 20— | 10— | 03— | 06 |0.15-| 04 |0.04-
Min/Max 266 | 235 | 4.0 35 2.0 06 | Max | 0.30 | Max | 0.1

Table 7.1: The nominal composition of studied Sanicro 25 highly-alloyed austenitic stainless
steel (in wt%). Composition of steel studied in this work is compared with the composition
guaranteed by the producer [9].

Representative low magnification view of the overall microstructure in the initial state is
shown as EBSD scan in Fig. 7.1. Area containing 256 grains was analysed with the scanning
resolution of 1 micrometer. Grains are oriented randomly with no texture.
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Figure 7.1: EBSD scan showing overall microstructure in the initial state. Grains are
oriented randomly with no texture present.
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The average grain size, determined by the intercept method, was 60 um; but, large grains of
size up to 500 pm were found as well. After annealing at 1200 °C for 1 h, only one
predominant primary precipitate is present in the microstructure, the complex nitride
designated as Z-phase with a composition of (Cr,Nb)N as will be discussed further below.
Depending on their size they could be subdivided into three categories. Particles of the size up
to approx. 100 nm are the smallest and also the most numerous. They are present mainly in
the interior of larger grains (30 pm and more in diameter) (see Figs. 7.2a and 7.2b). Second
type of precipitates, mostly of spherical shape and notably larger (approx. 400 nm) when
compared to those in the interior, were observed at the grain boundaries (see Fig. 7.2b). The
third group formed chain-like arrangements of the largest rod-like particles, around 1 um in
diameter, oriented parallel to the hot-rolling direction. They are imaged and highlighted by
arrow in the upper right corner of Fig. 7.2a.

Figure 7.2: SEM micrographs (backscattered electrons mode) of electrolytically polished
surface of the Sanicro 25 after annealing for 1 hour at 1200°C and cooling in air. () Primary
Z-phase precipitates are clearly distinguishable present as chain-like arrangements of large
rod-like particles parallel with rolling direction (highlighted by arrow in the image). (b) They

are also located within the grains and at the grain boundaries.

In STEM mode, energy X-ray dispersive spectroscopy was used on particles located at the
edge of electropolished TEM foil to analyze the chemical composition. In Fig. 7.3, colored
chemical maps of detected elements are shown. It is evident that the particle is rich mainly in
Nb, Cr and N, while Fe, Ni, Co and Cu are significantly depleted. Rapid change of the
composition at the particle/matrix interface is clearly documented by linescan performed on
precipitate located at the grain boundary as shown in Fig. 7.4. The composition of the particle
is similar to that previously reported for a complex nitride, i.e. (Cr, Nb)N designated as Z-
phase [25, 126, 127]. Particles of Z-phase have been observed frequently in Nb stabilised
austenitic steels containing a high level of nitrogen [16, 83]. Since they precipitate relatively
fast and form a fine distribution of small particles, they are referred as beneficial for
strengthening effects [25, 126, 127].
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Figure 7.3: STEM EDS map analysis of Z-phase particle in initial state of the material.
Colored map shows that particle is rich mainly on Nb, Cr, N. Also Mn, W and Si are present
preferentially in particle rather than in matrix. On the contrary, Fe, Ni, Co and Cu are
depleted or even absent within the particle volume.

Crystal structure of the Z-phase for the stoichiometry CrNbN has been proposed as a distorted
body-centered tetragonal (unit cell with space group P4/nmm) with lattice parameters a = 3.04
A and ¢ = 7.39 A [126, 127]. Small concentrations of a few substitutional elements (e.g. Fe,
Mo) can be dissolved in Z-phase [126, 127]. In austenitic steels, the empirical formula is
approximately (Cr0.8Fe0.2)(Nb0.9Mo00.1)N [127], however the composition varies with the
composition of the steel. According to Sourmail [126], the Z-phase exhibits very good
stability at high temperatures since its dissolution starts between 1300°C and 1450°C,
depending on the composition of the steel. At high temperatures, it is usually the predominant
precipitate.
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Figure 7.4: STEM-EDS linescan obtained across the particle of Z-phase present at the
boundary of three neighbouring grains in initial state. Mainly Nb, Cr and N are rich within
the particle, while Fe, Ni, Cu and Co are significantly depleted or absent.

The microstructure of Sanicro 25 in the as-received condition was studied thoroughly by
Zurek et al. [25]. They have found only Z-phase particles present, what is in a good agreement
with our study. In addition to Z-phase, the presence of a very small amount of M23Cs
chromium carbides has been reported in the initial state. However, according to Sourmail
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[126], the dissolution temperature of these carbides should be below 1100°C, suggesting their
presence after annealing is arguable.

In Fig. 7.5, a bright field STEM diffraction contrast image shows the microstructure of the
initial state of the material. Annealing at 1200°C for 1 h significantly decreases dislocation
density. Only individual dislocations and pile-ups are observed, mostly tangled close to the
incoherent Z-phase precipitates. Based on foil thickness measurement (t/A) determined using
EELS, the average dislocation density has been roughly estimated to be ~9x10'2 m™ in the
initial state.

Figure 7.5: BF-STEM image of the microstructure in the initial state taken close to [001] zone
axis. As a result of annealing, dislocation density is low (~9x10*? m'). The only precipitates
present are Z-phase complex nitrides.

7.2 Manaurite XTM

The experimental material with the trade name Manaurite XTM belongs to the class of
highly-alloyed Ni-based refractory steels with austenitic matrix. The nominal composition (in
wt%) of the alloy reported in datasheets delivered with the material is given in Tab. 7.2.

Fe Ni Cr Cu Nb Mn Si C Mo P S Pb Sn Ti Zr
Producer 43.0-1350-| 0- 05— 1.20-{0.40- 0- 0- 20 50
MinMax | Re | 480 | 370 | 025 | 10 [°1%| 200 | 045 |0 %] 0.025 | 0015 | ppm | ppm | A9% | Add

Table 7.2: The nominal composition of highly-alloyed Manaurite XTM alloy (in wt%) as
guaranteed by producer.

The material was supplied in the form of centrifugally cast tube. In centrifugal casting, a
permanent mold is rotated continuously about its axis at relatively high speeds (usually from
300 to 3000 rpm). The molten metal is poured inside and as a result of centrifugal rotation it is
thrown towards the inside surface of the outer mold wall where it solidifies after cooling. The
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metal solidifies from the outside toward the center (axis) of rotation. Centrifugal casting is
usually characteristic by fine-grained structure near the outer diameter as is discussed further
below. On the other hand impurities and inclusions are driven to the surface of the inner
diameter (to the center of rotation) and therefore in the most cases the inner and outer layers
of the tube are machined away.

Based on the customer’s requirements, there is a broad range of tube types produced by
Manoir Industries. However, straight pipes of 4 m in length and tube wall thickness varying
from 6 to 10 mm are the most common standard. Standard type of tubes can be further
manufactured, bent and welded together to produce more complex piping arrangements used
in the ethylene cracking furnaces. For the purpose of research works, special tubes with the
wall thickness of 28 mm were produced as shown in Fig. 7.6a. With walls being thick enough,
it was possible to prepare specimens for the mechanical testing.

UONOBIIP UOEOUIPIOS

Figure 7.6: (a) Centrifugally casted pipe prepared with wall thickness of 28 mm. Outer
diameter and inner diameter of the pipe is 82 mm and 26 mm, respectively. (b) Detail of
polished surface visualized by light microscope reveals dendritic microstructure. Central axes
of the dendrites are aligned in the.

Centrifugal casting as a method of production leads to the specific microstructure of the alloy
characteristic by dendritic morphology. With the high degree of thermal undercooling in the
molten metal, nucleated crystals grow preferentially along energetically favourable
crystallographic directions during the solidification. As a result, each growing crystal has a
distinctive, non-faceted tree-like form, known as a dendrite. As each dendritic spike grows,
latent heat is transferred into the surrounding liquid restraining the formation of other spikes
in its nearest vicinity. Usually, the spacing of primary dendrites and secondary dendritic arms
is regular.

Two types of grains can be observed. Fine equiaxed grains are found in the areas where
solidification of the melt originated while large columnar elongated grains aligned parallel
with the casting direction form the major part of the tube wall. During post-manufacturing,
outer layer of the tube wall containing equiaxed grains is usually machined away.
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Overview image of the characteristic microstructure with the dendritic morphology in initial
state obtained on the polished surface by light microscope is shown in Fig. 7.6b. Clearly, the
central axes of the dendrites are aligned along the solidification direction.

Dendritic morphology of the alloy was studied further in detail by use of scanning electron
microscopy techniques. Electron backscattered diffraction was used on the polished surface to
reveal individual grains, bring further information about their misorientation and the character
of the grain boundaries between them. In Fig. 7.7a, the dendritic structure is visualized by
secondary electrons imaging mode. Corresponding EBSD scan in Fig. 7.7b then reveals
individual dendritic grains, which have columnar character and are aligned along the casting
direction. Average misorientation of the grains determined from the EBSD scan is about 31
degrees, the boundaries between the dendritic grains are therefore the large angle boundaries.
Detail of a few columnar grains and their grain boundaries is shown in Fig. 7.8a and Fig. 7.8b
in secondary electrons imaging mode and corresponding EBSD scan, respectively. It is well
resolved that the grain boundaries have serrated character. Moreover, they are decorated with
numerous primary precipitates formed during solidification. The precipitates are located not
only at the grain boundaries, but also within the columnar grains where they are aligned along
the axes of dendritic spikes.

UOOBIIP UOHEOUIPIIOS

Figure 7.7: (a) SEM image taken in secondary electrons imaging mode shows typical
microstructure in the as-received condition of the material. (b) Corresponding EBSD scan
reveals individual dendritic grains, which have columnar character and are aligned along the
casting direction. Average misorientation of the grains determined from EBSD scan is about
31 degrees.
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UOIOBIIP UOHEDYIPIOS

Figure 7.8: (a) SEM image showing dendritic structure of grains in detail accompanied by
corresponding EBSD scan (b).

Figure 7.9: SEM-EDS mapping performed at the grain boundary. Numerous M7C3/M23Ce
precipitates rich in Cr are found in the areas in between of dendritic spikes and also at the
grain boundaries. Smaller carbides of MC type rich in Nb are found there as well.
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In Fig. 7.9, SEM-EDS analysis of the area at the grain boundary maps distribution of the
chemical elements. Two populations of precipitates are observed. Notably larger and more
numerous are precipitates rich in Cr, Mn and C. As will be discussed later, they are mostly
M7Cs or M23Ce Cr-rich carbides. Smaller are then carbides of MC type rich in Nb and Mo. In
addition, a few spherical particles rich in Ti were found as well (see Fig. 7.10).

Figure 7.10: Along with two populations of M7Ca/M23Cs Cr-rich and MC Nb-rich carbides
also particles rich in Ti were detected by SEM-EDS mapping.

Cast dendritic structure can be characteristic by inhomogeneous distribution of matrix
elements within the dendritic grains. This is well documented by SEM-EDS linescan which
was performed across several dendritic spikes perpendicular to their growth axis as shown in
Fig. 7.11a. It is clear that the content of Fe is decreased in areas between the dendritic spikes,
while content of Si and Cr is notably increased. Both content of Fe and Cr in matrix varies
within 5 wt.% as shown in Fig. 7.11b.
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Figure 7.11: SEM-EDS linescan was performed across several dendritic spikes perpendicular
to their growth axis to reveal content variation as highlighted by white arrow. (a) SEM image
is accompanied by EDS maps showing Fe and Si content in the area. (b) SEM-EDS linescan
demonstrates, that Fe is depleted in the regions between the dendritic spikes while Si content
is notably increased there.

Joubert et al. [29] used the method called computer coupling of phase diagrams and
thermochemistry (CALPHAD) based on different thermodynamic databases to determine
phase equilibrium of Manaurite XM alloy. As was already noted in Chapter 1.2, Manaurite
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XM is grade very similar to the Manaurite XTM. They have found out that in the as-cast
material, primary precipitates are mostly eutectic binary carbides M;Cz and M23Ce rich in Cr
and MC carbides rich in Nb and also Ti. For some thermodynamic databases, also a Nb(Ti)-
Ni silicide called G-phase is reported, however it has not been confirmed experimentally.

As a result of thermal exposure at high temperatures above 700°C, along with secondary
intra-granular precipitation of M23Ce Cr-rich carbides, eutectic primary carbides of M-Cs type
were observed to decompose and transform into M23Cs type.
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8. Mechanical behavior of Sanicro 25
8.1 Tensile tests

Two sets of monotonic loading experiments were performed. First, the effect of temperature
on the performance of material during tensile test was studied. Tensile tests at room and at an
elevated temperature of 700°C were done using MTS servo-hydraulic machine, hydraulic
collet grips and split resistance furnace. Loading was performed under total strain control at
strain rate 2x107 L. Strain was measured using an axial extensometer with 12 mm base.

At the onset of the tensile test both the displacement and the strain were measured using the
extensometer. When the maximum strain range of the extensometer (approx. 8%) was reached
the extensometer was removed and tensile test continued with control of the displacement and
the displacement rate corresponding to the selected constant strain rate. Engineering strain
was later calculated from the displacement.
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Figure 8.1: Tensile stress-strain curves of Sanicro 25 at room temperature and at 700°C.

Tensile stress-strain curves of the Sanicro 25 steel obtained at room and at elevated
temperature are shown in Fig. 8.1. Tensile stresses and yield strength at a temperature of
700°C are substantially lower than those at room temperature. Characteristic tensile
parameters are displayed in Tab. 8.1a.

Additional tensile experiments were performed to study difference between as received and
solution annealed (initial) state and also to study the effect of aging at 700°C on the
mechanical properties of the material. Four different samples were selected for the room
temperature tensile test — two specimens representing as received and initial state of the
material and two specimens after 6 h and 153 h of thermal exposure at 700°C in air (cooling
to room temperature was done in air). Comparison of tensile stress-strain curves of these
specimens is shown in Fig. 8.2 and characteristic tensile parameters are summarized in Table
8.1b.
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Figure 8.2: (a) Comparison of room temperature tensile stress-strain curves of specimen
representing initial state of the material and specimens aged at a temperature of 700°C for 6
and 153 h. (b) Detail of elastic part of stress-strain curves emphasizing increase of yield
strength as a result of thermal exposure.

Total
Specimen E [GPa] Y'S['GLZ]Z% EJM-II-DE] fracture
strain [%0]

(a) Effect of testing temperature
RT 198 368 765 52
700°C 150 198 485 44
b) Effect of thermal exposure at 700°C
As received, RT 197 433 816 47
Initial state, RT 198 368 765 52
Aged 6h, RT 209 410 795 50
Aged 153h, RT 208 426 790 40

Table 8.1: Tensile properties of Sanicro 25. (a) Characteristic tensile parameters are
compared for material tested at room and elevated temperature and (b) for material in as
received and initial state and after thermal exposure to 700°C in air tested at room
temperature.

Mechanical data clearly indicate that the exposure of the material in initial state to a
temperature of 700°C leads to notable increase of yield stress, ultimate tensile strength while
the total fracture strain slightly decreases. Already after 6 h spent at 700°C, yield stress and
ultimate tensile strength increases by 42 MPa (+11 %) and 30 MPa (+4 %), respectively. With
further thermal exposure leading to total 153 h spent at a temperature of 700°C, additional
increase by 16 MPa (+5 %) is observed for yield stress while ultimate tensile strength slightly
decreases to 790 MPa. Microstructural origins of this mechanical behaviour and consequences
having governing role in the increased cyclic strength of this alloy are discussed later in the
text.
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8.2 Cyclic response of the material

Cyclic hardening/softening curves of specimens loaded over a wide interval of total strain
amplitudes at room and elevated temperature are plotted in Figs. 8.3a and 8.3b, respectively.
Stress amplitude o, is plotted vs. number of cycles N. Corresponding plots of plastic strain
amplitude €sp versus number of cycles N are shown in Fig. 8.4.
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Figure 8.3: Cyclic hardening/softening curves of Sanicro 25 at (a) room temperature and at
(b) temperature of 700°C. Stress amplitude oa is plotted vs. number of cycles N. Strain
amplitudes are given in the Figures.
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Figure 8.4: Cyclic hardening/softening curves of Sanicro 25 at (a) room temperature and at
(b) temperature of 700°C. Plastic strain amplitude &ap 1S plotted versus number of cycles N.

At room temperature cycling with total strain amplitudes lower than 5x10 material exhibits
cyclic softening which starts from the beginning of loading and persists until failure. In
cycling with strain amplitudes higher than 5x107 significant cyclic hardening is present
during the initial period of loading (about 20-30 cycles) followed afterwards by cyclic
softening stage for the rest of the fatigue life. The stress amplitude and plastic strain
amplitude has a tendency to saturation during the fatigue life for all strain amplitudes.

Substantially different behaviour is observed in cyclic loading at temperature 700°C. Plot in
Fig. 8.3b shows appreciable cyclic strengthening for all strain amplitudes. The initial increase
of the stress amplitude with each cycle indicates a notable work-hardening effect. The higher
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the applied strain amplitude, the more significant the increase of the cyclic stress is observed
during the initial period of cycling. With further cyclic loading, the hardening rate decreases
and the tendency to reach saturation of the cyclic stress is noticed, especially in the case of
lower strain amplitude tested samples, i.e. samples tested for the highest number of cycles.
Duration of fatigue test, i.e. the time of thermal exposure of specimens, ranged from 153 to 6
h for the lowest and highest strain amplitude, respectively.

8.3 Cyclic stress-strain curves

The fraction of fatigue life during which the stress and plastic strain amplitudes are close to
the saturated values is higher in room temperature cycling than in cycling at 700°C. In both
cases, however, the major part of the fatigue life can be characterized by the stress and plastic
strain amplitudes at half-life. These values were thus used for the construction of the cyclic
stress-strain curves (CSSCs), which are shown in Fig. 8.5.
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Figure 8.5: Cyclic stress-strain curves of Sanicro 25 at two temperatures.

Unlike conventional austenitic steels, the CSSC of Sanicro 25 at a temperature of 700°C is
substantially above the curve plotted at room temperature. For selected stress amplitude,
reached amplitude of plastic strain is lower at a temperature of 700°C than at room
temperature. Curves were fitted by the power law

02 = K'(€ap)™. (8.1)

The fatigue hardening coefficient K" and fatigue hardening exponent "~ were evaluated using
least square fitting. They are shown in Tab. 8.2.

8.4 Fatigue life curves

Fatigue life curves were plotted in Coffin-Manson plot in Figure 8.6a and in derived Wohler
plot in Figure 8.6b. It is evident that both plots in cycling at room temperature shows longer
fatigue life than in cycling at a temperature of 700°C. The Coffin-Manson plot expresses the
resistance of material to the cyclic plastic strain. Experimental data were fitted by the Coffin-
Manson law
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Sap = Slf(ZNf)C (82)

Parameters £x and ¢ were evaluated by least square fitting and are shown in Tab. 8.2. Fig.
8.6a shows that when compared to room temperature the cycling of Sanicro 25 at a

temperature of 700°C results in approximately 50 times reduction of the fatigue life for equal
saturated plastic strain amplitudes.
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Figure 8.6: Sanicro 25. (a) Coffin-Manson fatigue life curves and (b) Derived Wéhler fatigue
life curves at two temperatures.

Derived Woéhler plots shown in Fig. 8.6b were fitted with the Basquin relation
0, = O',f(ZNf)b (83)

Parameters o’ and b determined by least square fitting are again listed in summarizing Tab.
8.2 along with the rest of the low cycle fatigue parameters of Sanicro 25 at two temperatures.

T[°C] | K’ [MPa] n’ &’ c o' [MPa] | b [MPa]
22 1006 0.186 0.700 -0.526 962 -0.100
700 1243 0.181 0.090 -0.539 797 -0.090

Table 8.2: Low cycle fatigue parameters of Sanicro 25 at two temperatures.
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9. Mechanical behavior of Manaurite XTM
9.1 Tensile tests

Four tensile tests were performed at different temperatures using MTS servo-hydraulic
machine and hydraulic collet grips. Loading was done under total strain control at strain rate
1x107 s, Strain was measured using an extensometer. Heating of the sample was maintained
by a heating induction coil and the temperature was measured by thermocouples on three
different places of the sample. Tensile stress-strain curves of Manaurite XTM steel obtained
at room temperature and at elevated temperatures of 600°C, 900°C and 1050°C are shown in
Fig. 9.1a.
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Figure 9.1: (a) Comparison of tensile stress-strain curves of Manaurite XTM obtained at RT,
600°C, 900°C and 1050°C. (b) Detail of stress-strain diagrams highlighting notable decrease
of yield strength at elevated temperatures.

Temperature dependence of characteristic tensile parameters was studied. Young modulus of
elasticity E, yield stress Rpo.2 and Rpo.02, ultimate tensile strength of and total fracture strain &
are given in Tab. 9.1.

Temperature RT 600°C 900°C 1050°C
Young Modulus E (GPa) 172 122 107 89
Yield Strength at 0.2% (MPa) 302 170 118 56
Yield Strength at 0.02% (MPa) 224 136 96 58
Ultimate Tensile Strength (MPa) 581 442 124 59
Total Fracture Strain (%) 145 >23 >28 >25

Table 9.1: Summary of tensile properties of Manaurite XTM at four different temperatures.

It is clear that the elevated temperature affects all the characteristic tensile parameters.
Modulus of elasticity, yield and ultimate tensile strength decreases notably as the material
becomes very ductile close to the operation temperature of 1050°C.

With elastic part of the stress-strain curve being negligibly small at service temperature the
deformation is driven mostly in the plastic region. The transition from the elastic zone through
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a yield point to the plastic zone is rapid and followed by a strong immediate relaxation. With
force remaining constant large strains are reached by relaxation of the material.

Since the high temperature stress-strain curves have sharp yield point, both the yield strength
at 0.2% and at 0.02% of total strain was determined. Temperature dependence of both
parameters is plotted in Fig. 9.2b.
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Figure 9.2: Temperature dependence of Young modulus (a) and yield strength (b).

Tensile stresses and yield strength of material at elevated temperatures are substantially lower
than those at room temperature (see Fig. 9.1). At temperature of 900°C and 1050°C,
Manaurite XTM shows easy plastic flow and no work hardening.

9.2 Tensile tests — investigation of material anisotropy

Anisotropy of mechanical properties of Manaurite XTM at room temperature monotonic
loading was studied using small samples prepared from the tube wall. They were extracted
with two different orientations - radial and tangential - with respect to the tube axis, as was
discussed in detail previously in chapter 5.1.
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Figure 9.3: Comparison of tensile stress-strain curves obtained at room temperature with
three different types of samples prepared from the tube wall parallel with axial, radial and
tangential direction.

86



Tensile tests were performed at room temperature and with same strain rate as in case of
standard cylindrical specimens parallel with the tube (axial specimens). To mount small
samples to standard grip system, adapters had to be fabricated and used. Comparison of
tensile stress-strain curves corresponding to samples tested in axial, radial and tangential
direction is shown in Fig. 9.3.

Orientation of sample Axial Radial Tangential
Yield Strength at 0.2% (MPa) 302 349 298
Yield Strength at 0.02% (MPa) 224 148 196
Ultimate Tensile Strength (MPa) 581 577 536
Total Fracture Strain (%) 14.5 14-16 11-14

Table 9.2: Summary and comparison of parameters obtained from room temperature tensile
experiments performed on three different types of samples prepared from the tube wall
parallel with axial, radial and tangential direction.

Tab. 9.2 shows comparison of obtained characteristic tensile parameters in axial, radial and
tangential direction. It is clear that in axial and tangential directions, i.e. directions
perpendicular to the central axes of dendrites, tensile parameters differ notably from the radial
direction. Yield strength at 0.2% of total strain is higher by approximately 16%. Also the
shape of tensile stress-strain curve obtained for radial direction is slightly different from that
in axial and tangential directions. The conclusion is that Manaurite XTM should be
considered as close to anisotropic material, in spite of its aligned dendritic microstructure.

9.3 Cyclic response of the material

Cyclic hardening/softening curves of specimens loaded over a wide interval of total strain
amplitudes at room and elevated temperature are plotted in Fig. 9.4a and Fig. 9.4b,
respectively. Stress amplitude oa is plotted vs. number of cycles N. Corresponding plots of
plastic strain amplitude eap Versus number of cycles N are shown in Fig. 9.5.
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Figure 9.4: Cyclic hardening/softening curves of Manaurite XTM at (a) room temperature
and at (b) temperature of 700°C. Stress amplitude o4 IS plotted vs. number of cycles N.
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Figure 9.5: Cyclic hardening/softening curves of Manaurite XTM at (a) room temperature
and at (b) temperature of 700°C. Plastic strain amplitude cap iS plotted versus number of
cycles N.

In case of room temperature cyclic loading, Manaurite XTM exhibits initial hardening for all
strain amplitudes (Fig. 9.5a). The higher the applied strain amplitude, the more significant the
increase of the cyclic stress is observed during the initial period of cycling. Specimens tested
with strain amplitude lower than 3.5x10° have a tendency to saturation shortly after about
40-60 loading cycles. On contrary, in loading with higher strain amplitudes, appreciable
cyclic softening follows immediately after initial hardening period. Again, the higher the
applied strain amplitude, the higher the rate of cyclic softening is after inflection point. The
plastic strain amplitude has a tendency to saturation during the fatigue life for all strain
amplitudes.

At a temperature of 700°C, material exhibits cyclic strengthening for all strain amplitudes.
The rate of hardening, i.e. the increment of stress amplitude per cycle, decreases immediately
from the beginning after first cycle. With further cycling, tendency to saturation of the stress
amplitude is clearly visible for all strain amplitudes (see Fig. 9.5b).

9.4 Cyclic stress-strain curves

The fraction of fatigue life during which the stress and plastic strain amplitudes are close to
the saturated values is higher in room temperature cycling than in cycling at 700°C. In both
cases, however, the major part of the fatigue life can be characterized by the stress and plastic
strain amplitudes at half-life. These values were thus used for the construction of the cyclic
stress-strain curves, which are shown in Fig. 9.6.

The CSSC of Manaurite XTM at a temperature of 700°C is below the curve plotted at room
temperature. For selected stress amplitude, reached amplitude of plastic strain is much higher
at a temperature of 700°C than at room temperature. Curves were fitted by the power law
stated previously by Eqg. (8.1). The fatigue hardening coefficient K” and fatigue hardening
exponent n " were evaluated using least square fitting. They are shown in Tab. 9.3.
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Figure 9.6: Cyclic stress-strain curves of Manaurite XTM at two temperatures.

9.5 Fatigue life curves

Fatigue life curves were plotted in Coffin-Manson plot in Fig. 9.7a and in derived Woéhler plot
in Fig. 9.7b. It is evident that both plots in cycling at room temperature shows longer fatigue
life than in cycling at a temperature of 700°C. The Coffin-Manson plot expresses the
resistance of material to the cyclic plastic strain. Experimental data were fitted by the Coffin-
Manson law defined by Eq. (8.2). Parameters £’y and ¢ were evaluated by least square fitting
and are shown in Tab. 9.3. Fig. 9.7a shows that when compared to room temperature the
cycling of Manaurite XTM at a temperature of 700°C results in reduction of fatigue life by
factor of 7.
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Figure 9.7: Manaurite XTM. (a) Coffin-Manson fatigue life curves and (b) Derived Wohler
fatigue life curves at two temperatures.

Derived Wohler plots shown in Fig. 9.7b were fitted with the Basquin relation (Eq. 8.3).
Parameters o’y and b determined by least square fitting are listed in summarizing Tab. 9.3
along with the rest of the low cycle fatigue parameters of Manaurite XTM at two
temperatures.
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Tl°C] | K'[MPa] | n’ &’ c ot’[MPa] | b[MPa]
22 1084 0.173 | 0.138 | -0.457 877 -0.095
700 802 0.167 | 0.085 | -0.510 600 -0.106

Table 9.3: Low cycle fatigue parameters of Manaurite XTM at two temperatures.

9.6 Cyclic response — investigation of material anisotropy

Cyclic experiments were performed at room temperature and with same strain rate as in case
of standard cylindrical specimens prepared for testing in axial direction. Again, adapters were
used for mounting small samples into the grip system of mechanical testing system. Tests
were performed at room temperature with three different total strain amplitudes, in particular
3x10®, 5107 and 1x1072 Hardening/softening curves are plotted in Fig. 9.8a while graph
showing corresponding plastic strain amplitudes as a function of number of cycles is plotted
in Fig. 9.8b. It is clear that the cyclic response of material is almost the same in case of axial
and tangential directions for total strain amplitudes 5x107 and 1x1072. In case of amplitude
3x107 reached level of plastic strain amplitude is slightly lower for tangential direction.
Regarding cyclic response of Manaurite XTM in radial direction, stress amplitude is slightly
lower for amplitude 1x1072, while for total strain amplitudes 5x107 and 3x107 it is similar as
in case of axial testing. Largest difference has been found for testing at strain amplitude 3x10°
3 where reached plastic strain amplitude for radial direction is notably lower than in axial and
tangential directions.
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Figure 9.8: (a) Comparison of cyclic hardening/softening curves of fatigued samples
produced with “axial”, “radial” and ‘“‘tangential” orientation for three total strain
amplitudes. (b) Corresponding plot showing plastic strain amplitude as a function of number
of cycles.

9.7 CSSC and fatigue life curves — investigation of material anisotropy

Fatigue life curves were determined for anisotropy tests in radial and tangential. Despite the
fact that sets of only three fatigued samples were used for radial and tangential direction,
results were compared to get at least approximate insight into the differences in behavior and
properties of material with respect to the type of direction used.
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Figure 9.9: Comparison of cyclic stress-strain curves of fatigued samples produced in
“axial”, “radial” and “tangential” direction.

Comparison of cyclic stress-strain curves of fatigued samples produced in axial, radial and
tangential direction is shown in Fig. 9.9. It seems that the lower the stress amplitude the
higher the difference between the reached plastic strain amplitude is. For example in radial
direction, for stress amplitude slightly below 350 MPa, reached plastic strain amplitude is
almost by one magnitude lower than in axial direction. When considering the distribution of
measured points in cyclic stress-strain curves, there is a slight indication that two different
mechanisms of deformation could be present — one at high stress amplitudes and one at low
stress amplitudes.

Comparison of Coffin-Manson fatigue life curves of fatigued samples produced in axial,
radial and tangential direction is shown in Fig. 9.10a. Again, it is evident that for lower
reached plastic strain amplitudes, fatigue life is shorter in radial direction, while in axial and
in tangential direction it is comparable.
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Figure 9.10: (a) Comparison of Coffin-Manson fatigue life curves of fatigued samples
produced in “axial”, “radial” and “tangential” direction. (b) Derived Wohler fatigue life
curves.

In Fig. 9.10b, Derived Woéhler fatigue life curves are shown for samples tested in axial, radial
and tangential direction. All three curves are consistent and reached cycles to failure for
selected stress amplitudes are almost the same for all three directions.
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10. Microstructural evolution — Sanicro 25
10.1 Microstructural changes as a result of cyclic loading at room temperature
10.1.1 Low strain amplitudes

Microstructural changes in the material as a result of cyclic loading at room temperature were
investigated by use of conventional transmission electron microscopy (CTEM) methods. TEM
foils of three different types were produced for each studied sample as was mentioned in
Chapter 6. Tens of grains were investigated on each foil and selected grains were then
subjected to a detailed analysis in terms of crystallography. Sample loaded with total strain
amplitude €2 = 3.5x107 (saturated plastic strain amplitude eaps = 1.8x107%) was selected as a
representative for the study of the dislocation arrangements at conditions of low strain
amplitude.
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Figure 10.1: Overview of typical dislocation structures observed at low strain amplitudes
after failure. (a) Planar arrangement with individual dislocations, pile-ups, stacking faults
etc. similar to the as received condition. (b) Planar structure with onset of localization of slip
to primary slip plane. (c) (d) Two intersecting systems of high dislocation density bands
separated by dislocation-poor regions.

In the case of planar structures in typical representative of conventional Fe-Ni-Cr based
austenitic steels, alloy of 316L type, dislocations gliding on primary planes {111} are
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distributed relatively randomly within the volume of grains [14, 16-18, 128]. This type of
planar microstructure was observed in Sanicro 25 as well, but the general character is
different. Fig. 10.2 presents typical deformation microstructure at the end of fatigue life and it
could be seen that in majority of grains there is a tendency to dislocation generation and their
arrangement in thin parallel bands with high dislocation density which are separated by areas
almost free of dislocations. Beam direction was perpendicular to the normal vector of active
primary slip plane (111) and dislocation structure is imaged in the plane (121) (see the
schematic drawing in Fig 10.2). Most of the observed dislocations belong to the primary slip
system (111)[101] with Schmid factor (SF) 0.490. The trace of the primary slip plane is
marked in the image as well as the projection of the primary Burgers vector.
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Figure 10.2: Characteristic planar dislocation structure with dislocation rich bands
separated by areas free of dislocations. B = [109 1], g = [111], foil plane [12 15 8] and
loading axis [036]. Trace of the primary slip plane (111) and the direction projection of the
primary Burgers vector [101] to the plane of the image are marked.

Detail of parallel dislocation rich bands in a different grain oriented for single slip is shown in
Fig. 10.3. TEM foil was cut perpendicular to the loading axis and when compared to previous
grain, the same type of dislocation arrangement is shown but from the different
crystallographic direction (see schematic drawing in Fig. 10.3). By tilting of the sample and
by comparing several diffraction conditions the thickness of the bands was found to be 380
nm and the average distance between the bands was estimated to be 1.6 um. Tilt of the bands
with respect to the beam direction was taken in consideration in this estimation.

For diffraction condition g = [111], the primary slip plane (111) is tilted by 69° with respect
to the beam direction and therefore it is possible to distinguish individual dislocation
segments in Fig 10.3. Both Burgers vector and character of dislocations were determined.
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Mostly edge segments of ordinary dislocations from primary slip system (111)[101] having
SF 0.486 are observed.

More extensive TEM study revealed that the dislocation density within the bands is not
always homogeneous and areas with lower dislocation density can be observed even within
these arrangements. Here, it is worthy to note that along with the high dislocation density
bands, also ladder-like dislocation structure characteristic by alternations of dislocation rich
walls and dislocation poor channels like in copper [59, 80, 81, 83] was found. However, such
structures were observed very rarely as will be discussed further in the next sections.

Figure 10.3: Overview picture of characteristic planar dislocation structure consisting of
dislocation rich bands. Detail of high dislocation density band is shown in black inset. Mostly
edge segments of primary dislocations with b = 1/2[101] are visible. B = [358], g = [111], foil
plane and loading axis [124].
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Figure 10.4: Comparison of SEM micrograph of grain surface showing persistent slip
markings (PSMs) and TEM micrograph (a different grain; the one which is shown in Fig.
10.2) of internal dislocation microstructure showing dislocation rich bands. Loading
direction for surface grain is marked in the SEM image.

Based on the observation of tens of grains from three different types of TEM foils, it could be
stated that the strong planarity of dislocation slip prevails. In the majority of the grains only
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one slip system is active, however also grains with two developed intersecting slip systems
were found (e.g. see Fig. 10.1d).

The dislocation arrangement of the high dislocation density bands can also carry localized
high plastic strain and produce persistent slip markings on the surface. That is in a good
agreement with the high resolution surface observations. Comparison of SEM micrograph of
grain surface with distinctive PSMs and TEM micrograph of internal deformation
microstructure with dislocation rich bands is shown in Fig. 10.4. It is obvious that the distance
between dislocation rich bands and also their thickness corresponds well to the PSMs
observed on the surface.

10.1.2 High strain amplitudes

Sample loaded with total strain amplitude €a = 7x107 (saturated plastic strain amplitude €aps =
4.8x10%) was selected as a representative for the study of the dislocation arrangements at
conditions of high strain amplitude. The most observations were performed on foils cut at the
angle of 45° to the loading axis. Planarity of slip strongly prevailed in majority of observed
grains. However, much more grains oriented for double or even triple slip were found in
comparison with low strain amplitude.

[0710]
loading axis

Figure 10.5: Overview picture of grain oriented for triple slip. In inset highlighted by a white
square the details of slip band intersections are shown. Traces of activated slip planes are
marked as well as projections of important Burgers vectors. Foil plane is [16 3 18], B=[13 1
12], g =[111] and loading axis is [0 7 10].

Typical deformation microstructure for selected loading conditions is shown in Fig. 10.5. On
the left side of the micrograph, overview of grain with three activated slip systems is
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presented. Magnified detail of slip planes intersection (highlighted by a white square) is
visualised within two insets. Observations in different diffraction conditions revealed that the
majority of dislocations belong to the slip systems (111)[101], (111)[110] and (111)[011]
with corresponding Schmid factors 0.466, 0.326 and 0.140.

The distance of dislocation rich bands is approximately the same as in arrangements observed
at low strain amplitude. Nevertheless, since there are more slip systems activated, dislocation
density is generally higher than in the case of loading with low strain amplitudes.

foil plane [1 2 10]

loading axis
® [1210
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Figure 10.6: Inspected grain from the foil cut perpendicularly to the loading axis. The inset
shows the details of interaction of edge dislocations from secondary slip system with Z-phase
precipitates of size approx. 200 nm. B = [5 5 18], g = [220], foil plane and loading axis had
same vector [1 2 10].

The high amount of Z-phase precipitates of size about 400 nm or smaller was observed within
the grain interior and at the grain boundary. However, only a few grains were found with the
clear evidence of interaction of dislocations with these particles. Example of such a grain is
shown in Fig. 10.6.

Overview picture on the left reveals that the majority of observed dislocations (edge
segments) belongs to the primary slip system (111)[101] with the highest SF = 0.470. Near
the grain boundary (see the lower left corner of the picture) a few edge segments of
dislocations from secondary slip system (111)[011] with SF = 0.420 were found. Further from
the grain boundary, in the area within the grain volume (marked by a white square) the
interaction of edge dislocations from the secondary slip system (111)[011] with SF = 0.404
with precipitates of the size of approx. 200 nm was detected. Based on these observations it
can be concluded that at certain conditions, Z-phase particles of size about 200 nm or smaller
could act as obstacles to dislocation as will be discussed later.

Although, the planar configuration of dislocations is prevailing and represents characteristic
deformation microstructure observed in the majority of grains, few exceptions were found as
well. In Fig. 10.7, a grain oriented for single slip is shown. The dislocation arrangement
reminiscent of ladder-like structure is found. The analysis reveals that high dislocation density
walls are perpendicular to the primary Burgers vector [101] (SF of primary slip system is
0.443). These walls alternate with areas of low dislocation density, so called channels. In case
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of simple metals like copper and nickel and also in case of some structural alloys like
conventional 316L steel, cyclic plastic strain localization is connected with the formation of
ladder-like dislocation structures [59].

Figure 10.7: Grain oriented for single slip. Dislocation structure reminiscent of ladder-like
structure is formed in between areas with planar dislocation arrangements. Details show
characteristic walls and channels in three different diffraction conditions. Angle between
normal vector of primary slip plane (111) and beam direction is noted for each g.

In the case of Sanicro 25, it is important to note that the spatial dislocation configuration
resembling walls/channels or ladder-like structure is rare. Strong tendency towards planar slip
is preserved in the majority of grains.

It was documented earlier [14, 16-18] that at high strain amplitudes, planar dislocation
structures in 316L rearrange into spatial formations after activation of cross-slip and slip on
additional slip systems. Complex, multi-pole configurations, so-called vein-like dislocation
arrangements form and decrease the internal stored energy of the system. The onset of such
phenomena was observed also in Sanicro 25 and is shown in Fig. 10.8.

Overview micrograph visualises part of relatively large grain oriented for double slip. On the
left side of image, within the interior of grain and further from the boundary, dislocations are
arranged into planar structure while on the right side of the picture, near the grain boundary,
dislocation structure resembling well known veins or vein-like spatial arrangements is
present.

The area of the grain marked by symbol A is shown in detail in two diffraction conditions in
Fig. 10.9. High density of slip bands is observed, i.e. when compared to low strain amplitude
images, much higher density of dislocations is present but general nature of the arrangement

97



is similar. TEM analysis of this region revealed that screw segments of dislocations from slip
system (111)[110] with SF = 0.263 form the majority of dislocations arranged into planar-like
structure.

foil plane [265]
B=[177]

loading axis

Figure 10.8: Overview picture of a grain oriented for double slip. Within the bulk of the
grain, planar dislocation arrangement with high dislocation density is present. Close to the
grain boundary rearrangement into spatial vein-like dislocation structure could be observed.

Figure 10.9: Detail of planar high density dislocation arrangement from the place marked by
symbol A in Fig. 10.8. Dislocations from three different slip systems are visible.

The cross-slip mechanisms have been probably already activated in this grain and also
dislocations from other slip systems were present. Few edge segments of dislocations from
the secondary slip system (111)[101] with SF = 0.247 as well as from the system (111)[011]
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with SF = 0.212 are visible in an image with g = [022]. These secondary dislocations play a
significant role in the formation of spatial vein-like dislocation configuration in the region
near the grain boundary where their density has increased. This area marked by symbol B in
Fig. 10.8 is visualised in detail in Fig. 10.10.

Figure 10.10: Detail of spatial dislocation structure reminiscent of vein-like arrangement
from the place marked by symbol B in Fig. 10.8. In the image taken with g = [022]
dislocations from three different slip systems are distinguishable as they form vein-like
dislocation structure.

On the right image under diffraction condition g = [022], the structure of vein-like spatial
arrangement is very well resolved. It is evident that the dislocations of primary slip system
with b = 1/2[110] form the base of the whole dislocation configuration. In comparison with
area A showed in Fig. 10.9, the onset of alternation of areas rich and poor in dislocations is
much more conspicuous. Primary dislocations 1/2[101] and secondary slip system
dislocations 1/2[011] form spatial arrangement which highly resembles well known vein
structure observed in conventional 316L steel [16-18], where the formation of these lower-
stored-energy configuration is usually connected with the softening response of material.

Several studies performed on 316L [14, 16-18, 95, 96] showed that when the plastic strain
amplitude is sufficiently high the rearrangement from planar to spatial structures starts due to
the activation of cross-slip mechanisms. In the case of 316L some evidence of spatial
rearrangement of dislocations is found almost in every grain. In our case the observations of
vein-like and wall/channel structures were extremely rare even for high strained samples.
Based on these facts, conclusion is made that the plastic strain amplitude s = 4.8x1073
reached in case of Sanicro 25 is near a transient value of saturated €sp Which is needed for the
start of the formation of low energy spatial dislocation arrangements and therefore for the
change of the cyclic stress-strain response of the material leading to cyclic softening. It should
be also noticed that no cellular structures were observed at room temperature for all strain
amplitudes.
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10.2 Microstructural changes as a result of cyclic loading at 700°C
10.2.1 Dislocation structure evolution

Cyclic loading leads to a significant change in the substructure of the alloy. First, the
dislocation structure changes depending on the composition of the material, interstitial
content, temperature, and the imposed plastic strain amplitude. At room temperature,
surprisingly strong planarity of the dislocation slip prevails with significant plastic strain
localization into thin deformation bands (Chapter 10.1 and [116, 129]).

Figure 10.11: (a) BF-STEM image of the microstructure in the initial state taken close to
[001] zone axis. As a result of annealing, dislocation density is low (~9x10'2 m). The only
precipitates present are Z-phase complex nitrides. BF-STEM-DCI images of typical
dislocation structure observed after cyclic loading with total strain amplitudes (b) 0.2% and
(c) 0.7%, respectively. Dislocation densities were estimated to (b) ~9x10* m2 and (c)
~4.5x10* m2. Images were taken close to [112] zone axis with preferential use of <111>
diffraction vector.

At high temperatures, the importance of thermally activated effects is significantly enhanced
leading to completely different dislocation structures. Regardless of the imposed plastic strain
during cyclic loading, all grains are filled with a high density of homogeneously distributed
dislocations. In Figs. 10.11b and 10.11c, the dislocation structures observed post mortem in
samples tested with total strain amplitudes of 0.2% and 0.7%, respectively, are shown. When
compared to the initial state (see Fig. 10.11a), cyclic loading leads to a dramatic increase of
the dislocation density. Knowing the thickness of the foil, the average dislocation density was
roughly estimated as ~9x10'® m?2 and ~4.5x10* m for samples tested with total strain
amplitudes 0.2% and 0.7%, respectively. That is by several magnitudes higher than
dislocation density of 9x10*2 m2 measured for solution annealed initial state. Several different
samples cut from specimens loaded at total strain amplitudes 0.35% and 0.50% were
inspected in detail and results are presented as follows.

10.2.1.1 Low strain amplitudes (ea = 3.5x107%)

Characteristic dislocation structures in the specimen cycled at 700°C with g2 = 3.5x107
(saturated plastic strain amplitude eaps = 1.0x103) differ significantly from structures
produced at room temperature. The striking feature is a very high dislocation density in all
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grains. Typical and representative arrangements are shown in Fig. 10.12. In the foil cut
perpendicular to the loading axis of specimen the grain oriented appropriately for double slip
was analysed in detail. In Fig. 10.12a, the bands rich in dislocations are found. Observations
in different diffraction conditions have shown that mainly dislocations from primary slip
system (111)[101] and secondary slip system (111)[011] with the two highest SFs 0.462 and
0.401, respectively, are present.

© [349)
loading axis

loading axis
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Z1117]

Figure 10.12: Characteristic dislocation structures observed at 700°C. (a) High dislocation
density bands and areas with homogeneous high dislocation density distribution in grain
oriented for double-slip. (b) Grain oriented for single slip. Dislocations from at least two slip
systems are imaged.

The most significant and notable difference when compared to ambient temperature
conditions is that the areas between the bands are filled with homogeneous high density
distribution of dislocations. In these areas no significant localization was observed and
dislocations were distributed homogeneously. Grain oriented for single slip investigated in the
foil cut parallel with the loading axis is shown in Fig. 10.12b. Traces of primary and
secondary slip planes are marked in the image as well as direction of loading axis. Inclination
of (111) and (111) planes to the beam direction was 49 and 19 degrees, respectively. Because
of the different tilt of the slip planes with respect to the electron beam direction, the
dislocations from secondary slip system appear to form the high dislocation density bands
while the primary dislocations appear as homogeneously dispersed within observed volume of
the material.

Detail of area between high dislocation density bands in the grain cut from a foil at the angle
of 45 degrees relative to the loading axis is shown in Fig. 10.13. Using imaging in different
diffraction conditions it was found that numerous dislocations lie on other slip planes than the
primary one. This evidence supports the hypothesis that the cross-slip of the primary
dislocations, as a thermally activated process [45, 130], substantially contributes to the
production of high dislocation density in regions between bands, since the dislocations
movement is no more fixed only to primary slip plane.
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Figure 10.13: Detail of dislocation structure from the area between high dislocation density
bands. Dislocations lying on several {111} slip planes were distinguished supporting
hypothesis about high temperature enhanced cross-slip effect.

10.2.1.2 High strain amplitudes (sa = 5x107)

In case of cyclic loading with g4 = 5x107 (saturated eap = 2.2x107%) character of deformation
microstructure is almost the same as for lower strain amplitude. Typical dislocation structure
observed for these loading conditions is shown in Fig. 10.14. In diffraction condition g1 =
[111] dislocations from primary slip system are very well distinguished as parallel with the
trace (111) since the beam direction is perpendicular to the normal vector of primary slip
plane (111). Tilting of grain into other diffraction condition g2 = [200] reveals microstructure
from different perspective where it could be seen that volume in between primary slip planes
is homogeneously filled with dislocations from other slip systems. Additional TEM work then
proved that dislocations which moved on all four possible slip planes {111} are present there.

Almost no signs of low energy spatial dislocation structures were found. Only in a few grains
(<5% of all investigated grains), the onset of cellular structure formation close to grain
boundaries was observed. Example of such a grain is shown in Fig. 10.16. In the central part
of the grain, deformation microstructure is the same as in Fig. 10.14, i.e. the same as in the
majority of grains. Mostly dislocations lying on primary (111) and dislocation activity on
secondary (111) slip planes are observed. However in the areas near the grain boundary,
where the influence of additional internal stresses of neighbour grains could be expected,
arrangement of dislocations is different and onset of oriented cellular structure formation is
found.
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Figure 10.14: Typical dislocation structure observed at 700°C at ea = 0.50%. TEM foil cut
perpendicular to loading axis. On the left, image taken in g1 = [111], B1 = [527]. On the
right, image taken in g2 = [200], B2 = [025].

Figure 10.15: Dislocation structure in grain located in foil cut parallel with the loading axis
(marked in the image). Homogeneously distributed dislocations lying on three different slip
planes are present; g1 = [111], B1 = [761]. In inset, detail of low angle (4°) grain boundary
shows arrangement of cuboidal secondary M23Cs chromium carbides of size about 80 nm; g2
= [002], B2 = [430]. Indication of dislocations pinned by nanoparticles is marked by black
arrows.

It has been reported previously for both simple metals (e.g. copper [131]) and complex
structural alloys (e.g. 316L [132, 133]) that after a rapid initial increase the total dislocation
density has a tendency to reach saturated equilibrium values in the very early stage of cyclic
loading. After which, dislocations tend to form arrangements with lower stored internal
energy. Sufficiently high temperature and external loads enhance diffusion of point defects
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and facilitate dislocation climb and cross-slip. Mutual interaction of dislocation strain fields
leads to dislocation annihilation or dipole formation and are important to the recovery
processes. Initially tangled dislocations rearrange to cellular structures featuring boundaries
that are made up of walls with a high density of dislocations with alternating signs. Upon
further recovery, dislocations in the cell interiors are annihilated. The internal stored strain
energy is significantly decreased usually leading to so called softening of the material
response to external load.

Figure 10.16: Grain oriented conveniently for double-slip. Within the bulk, homogeneous
high dislocation density arrangement is observed. In the area near the grain boundary,
oriented cellular structure could be observed. g = [111], B = [134].

In Sanicro 25, despite the evidence of cross-slip, climb, and activation of various slip systems
[129], no signs of recovery process leading to the formation of wall and cellular structures are
observed. Tangled and homogeneous dislocation structures of high density prevail during the
entire fatigue life, suggesting the presence of other microstructural features that dramatically
affect the mobility of dislocations.

10.2.2 Precipitation of secondary phases

Along with the Z-phase present already in the initial state, the large number of alloying
elements with high concentration in Sanicro 25 results in a significant precipitation of
secondary phases.

The presence of interstitial carbon in steels with high Cr content is known to lead to rapid
nucleation of numerous M23Ce¢ Cr-rich carbides [123, 126]. At high temperatures, they
nucleate very quickly and can be found even in stabilized steels after very short aging times
(e.g. less than one hour at 750°C [126]). Preferential nucleation sites are grain boundaries, but
they can be found partially also inside the grains at twin boundaries and dislocations or
stacking faults. According to literature [126, 134], structure of M23Cs is cubic Fm3m (space
group 225, Pearson symbol cF116). The term M23Cs, where M means “metal”, is a more
general notation for Cr23Cs, as also Ni, Mo, Fe or in small quantities Mn can be found to
substitute partially for chromium. Lattice parameter is reported to vary between 10.57 and
10.68 A, depending on the chemical content. Model of the CrxsCs carbide created using
parameters of Bowman et al. [134] in Crystal Maker software is shown in Fig. 10.17.
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Figure 10.17: Model of Cr23Cs carbide. Unit cell is viewed along [511] direction.
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Figure 10.18: (a) An array of Mx3Cs Cr-rich carbides nucleated at the low angle grain
boundary. (b) HAADF-STEM image showing atomic structure of carbide viewed along [011]
zone axis. (c) Experimentally obtained and FFT filtered image of the carbide structure is
compared with the model of structure made in Crystal Maker software.
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An example of cuboidal M23Cs Cr-rich carbides nucleated at the low angle grain boundary
(approx. 4°) during fatigue at 700°C is shown in Fig. 10.18a. The atomic resolution HAADF-
STEM imaging then reveals structure of the particle viewed along the [011] zone axis. Fast
Fourier transformation (FFT) filtering (frequencies corresponding to the noise were excluded)
of the image was used to emphasize the carbide structure and also the (111)-type interface
with the matrix. The FFT diffraction patterns determined from the matrix and M23Cs
precipitate suggest a cube-on-cube orientation. In the reciprocal space, the shorter distance to
the carbide diffraction spots (by a factor of 3) relative to that of the FCC matrix corresponds
well to the reported lattice parameter of M23Cs, Which is approximately three times larger than
the lattice parameter of the austenitic FCC matrix [126]. Small lattice misfit of carbide and
austenitic matrix suggests the coherent, and later, when particle coarsens, semi-coherent
interface with misfit dislocations accommodating lattice mismatch and relieving coherency
strains. According to Howe [50] such an interface can have rather small energy ranging from
50 to 300 mJm. In Fig. 10.18d, the experimentally obtained atomic structure was compared
to a Cr23Ce model created in the Crystal Maker software. In the model, carbon atoms are
colored in black and chromium atoms in pink.

. *simulated SAD

Figure 10.19: FFT diffraction patterns demonstrate cube-on-cube orientation of carbide
relative to the FCC matrix. The shorter distance to the carbide diffraction spots by a factor of
3 relative to that of the matrix documents that the carbide has lattice parameter almost
exactly three times bigger than that of austenitic matrix. On the right, FFT diffraction

patterns are compared to the selected area electron diffraction (SAD/SAED) pattern of Cr23Cs
simulated using Crystal Maker software.

Chemical content of the carbide and its surroundings was studied by high spatial resolution
EDS-STEM analysis. In Fig. 10.20, HAADF-STEM Z-contrast image accompanied with
elemental maps shows M23Cs Cr-rich carbides nucleated at the grain boundary. Sample was
extracted from the grip of the specimen fatigued with total strain amplitude 0.2% at 700°C.
The microstructure observed in the sample corresponds to the material aged for 153 hours at
700°C. 1t is clear that the carbides are rich in Cr, C and also Mn. In the vicinity of
precipitates, matrix is significantly enriched in Ni at the expense of heavily depleted Cr.

In addition to Z-phase and M23Cs Cr-rich carbides, Zurek et al. [25] also observed Cr2N, p-
phase of the type Fe7We, and a small amount of W-rich Laves phase. However, these phases
were detected only after aging of Sanicro 25 for several thousands of hours. Fatigued samples
in this work were thermally exposed from 6 to 153 h. None of the latter phases were
detectable by electron microscopy or neutron diffraction, suggesting that the time needed for
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their nucleation and coarsening is significantly longer than reached during cyclic loading
[135].

Figure 10.20: HAADF-STEM Z-contrast image shows M23Cs Cr-rich carbides nucleated at
the grain boundary. Material was aged for 153 hours at 700°C. Carbides are rich in Cr, C
and also Mn. In the vicinity of precipitates, Cr-depleted and Ni-enriched zones are found.

Thermodynamic calculations (ThermoCalc) reported by Chai et al. [9] indicate nucleation of
two additional phases, one Cu-rich and one Nb-rich, that may be more directly relevant in
terms of high temperature strengthening. To confirm their presence in fatigued samples,
advanced scanning transmission electron microscopy characterization methods were used.
Selected samples of specimens fatigued over a wide range of strain amplitudes at 700°C
(further details in [129, 136, 137]) were analysed and the presence of strengthening
nanoparticles was evaluated. The grips of the specimens were also studied in order to separate
thermal from thermo-mechanical effects on microstructure.

High spatial resolution EDS mapping was performed on a TEM foil extracted from the
sample cyclically loaded with the total strain amplitude €2 = 0.27% (4482 cycles to fracture;
i.e. 23 hours at 700°C). As apparent in Fig. 10.21, two different kinds of nanometer-sized
particles embedded in the matrix were detected: copper-rich and niobium-rich. A detailed
analysis of the structure of each of these particle types, and their role in high temperature
strengthening will now be presented.
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Figure 10.21: High spatial resolution EDS mapping of specimen loaded with ea = 0.27%
(exposed for 23 hours at 700°C) obtained close to <112> zone axis. Spherical Cu-rich
particles are densely and homogeneously dispersed while Nb-rich nanoprecipitates are less
numerous and not uniformly located. In (a), few Nb-rich particles are arranged along a
dislocation line. In (b) Nb-rich particles are distributed more as arrays of individual
particles.

10.2.3 Cu-rich nanoparticles

Numerous, spherically-shaped copper-rich particles distributed homogeneously within the
measured volume were reported in very similar alloys containing the same Cu levels [21, 129,
138, 139], as fine round objects with higher contrast than the austenitic matrix. In the present
work, probe-corrected HAADF-STEM imaging together with high spatial resolution Super-X
EDS mapping is utilized for complete characterization of these particles (see Fig. 10.22).

Two types of spherical objects were found, exhibiting either lower or higher contrast relative
to the matrix (see Fig. 10.23a). Thorough analysis has shown that the lower contrast objects
are truncated spherically-shaped holes in the matrix. As a result of sample preparation, Cu-
rich particles located close to the TEM foil surface were polished out by the electrolyte, as
confirmed by EDS, which indicates no copper in the dark features. The higher contrast objects
of similar size scale are the Cu-rich nanoparticles remaining embedded in the matrix. In order
to identify these objects, HAADF-STEM imaging was utilized using a low camera length of
73 mm, with an inner and outer angle cut off of approximately 55 mrad and 370 mrad,
respectively, to enhance Z-contrast. Under these conditions, the intensity of atomic columns is
approximately related to their mean square atomic number (Z?). Since Cu has a higher atomic
number (29) than Cr (24), Fe (26) and Ni (28), Cu-rich regions have slightly higher contrast
than the matrix, enabling their visualization as exemplified in Figs. 10.22 and 10.23b.
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Super-X EDS

Figure 10.22: (a) HAADF-STEM Z-contrast image showing Cu-rich nanoparticle embedded
in the austenitic matrix. The structure is viewed along [001] zone axis. (b) The location of
copper atoms is further confirmed by STEM-EDS scan performed on the same area.
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Figure 10.23: [011] zone axis HAADF-STEM image showing (a) comparison of Cu-rich
precipitate (higher contrast) and truncated spherically-shaped hole in the matrix from which
a precipitate was polished out (lower contrast). (b) Detail of inset shows fully coherent Cu-
rich nanoparticle embedded in the matrix. Since copper has a higher atomic number than
matrix elements, Z-contrast enables imaging of precipitates. (c) FFT made from particle and
matrix shows no extra superlattice spots. Inset illustrates increased atomic columns intensity
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in the Cu-rich region (area marked by red dashed rectangle in (b)). Dashed line in inset
denotes decreasing signal variation with decreasing specimen thickness.

For specimen loaded with total strain amplitude 0.27% for 23 h, a surface areal density of
3.2x10* m was determined by counting only holes and dividing by two (accounting for
holes at the top and at the bottom of the foil). In addition to latter specimen, two other
samples were investigated, one loaded with total strain amplitude 0.5% (6 h at 700°C) and
one loaded with 0.2% (153 h at 700°C). EELS enabled estimation of the average foil
thickness t, based on the t/A measurement. Taking the Sanicro 25 density and stoichiometry
values, the electron inelastic mean free path 1 was estimated to be 124 nm for Sanicro 25 by
using the equation of lakoubovskii et al. [140] revised by Egerton [141]. The thickness of the
foil was then calculated to (100+30) nm. For best interpretation of results, areas with similar
thickness were selected at different samples. Knowing the distribution of precipitates from
EDS mapping, the particle volume density was estimated as well as the mean size of the
particles, a median, and a minimum and maximum size of the particles. Results are shown in
Figs. 10.24 and 10.25. It is clear that average size of the particles increases with time,
however, particles are very stable and do not coarsen significantly. Particle volume density
seems to be decreasing slightly with time spent at 700°C. Nucleation and coarsening behavior
of Cu-rich particles will be discussed later.
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Figure 10.24: (a) Histograms showing size distribution of Cu-rich particles in specimens
fatigued with different total strain amplitudes with different times of exposure to temperature
of 700°C. Average and median diameter of the particles is noted. (b) Diagram showing
evolution of the average, median, maximum and minimum diameter of Cu-rich particles
determined for different samples.
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Figure 10.25: (a) Cu-rich particle volume densities determined for specimens loaded with
different strain amplitudes. (b) Cu-rich particle volume densities as a function of time spent at
a temperature of 700°C.

In earlier studies of conventional steels [139, 142], Cu-rich nanoparticles are reported to be
semi-coherent with the matrix. However, in the present work, no misfit dislocations or
discontinuities in atomic column spacing across the precipitate/matrix interface were
observed. Pure copper has the same cubic Fm3m crystallographic structure as the austenitic
matrix with the lattice parameter acy = 3.615 A (JCPDS 04-0836) [143]. As reported
previously [135], neutron powder diffraction on the instrument MEREDIT@NPI was used to
precisely measure the austenitic matrix lattice parameter of Sanicro 25 a, = 3.60692(8) A,
which is slightly larger when compared to conventional steels. Therefore, in Sanicro 25, pure
copper would have a small positive lattice misfit of 6 = 0.22%, smaller than that for Cu in
conventional austenitic steels. The coherency between particles and matrix is consistent with
fast Fourier transformation pattern analysis made from the HAADF-STEM image of the
particle area as shown in Fig. 10.23c. Only spots corresponding to the matrix are observed in
the FFT, indicating coherent lattice matching. Taking in account the coefficient of thermal
expansion which is reported to be about 17x10® K for both pure copper [144] and Sanicro
25 [9], small positive lattice misfit is suggested to prevail also at 700°C. Coherent Cu-rich
nanoparticles are in perfect cube-on-cube orientation relationship with the matrix. The
surprising conformity of crystal structures suggests a particularly low interfacial energy, as
well as a potentially low nucleation barrier, as is discussed further below.

The composition of the initial state of the alloy was also analysed using STEM EDS. Raw
data were extracted from the original spectral maps and quantified using the Bruker Esprit
software and the Cliff-Lorimer k-factor fit. Standard k-factors calculated by Bruker Esprit
software were used. No Cu-rich nanoparticles were found. Quantified maps showed a
homogeneous Cu-enriched solid solution with an average of approximately 3.3 at.%. This
result is fully in agreement with recent work of Chi et al. [142], who used 3D atom probe
tomography (APT) to perform compositional analysis of Cu-phase precipitation. After solid
solution treatment and cooling to room temperature, their APT results indicated that all Cu
atoms dissolved in the austenitic matrix and formed a supersaturated solid solution.
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Figure 10.26: (a) EDS mapping of specimen loaded with ea = 0.27% obtained close to <112>
zone axis. One particle was selected for detailed chemical content quantification. (b)
Quantified EDS line scan across the Cu-rich particle demonstrates an increase of copper
content and depletion of base matrix elements.

After 23 hours of exposure at 700°C and superimposed cycling of Sanicro 25, spherical
regions rich in copper are formed. In Fig. 10.26b, the composition (in at.%) is plotted as a
function of distance across such a region. Compared to the initial state, the copper content in
the matrix decreased notably to about 1.9 at.%, while in the spherical Cu-rich regions it
increased substantially, with the relative ratios of Fe, Ni, and Cr all decreasing. Using a
particle thickness of 9 nm (the measured diameter of sphere) and foil thickness of 50 nm
(from EELS t/2 measurement), the EDS data confirm a Cu content within the particle of at
least 75 at.%, consistent with the APT results of Chi et al. [142]. Jiang et al. and Chi et al.
[139, 142] also reported that the nucleation of the Cu-rich precipitates is a process with an
incremental change in the chemical composition without crystallographic structure
transformation. An increase of temperature to 700°C and an apparently high chemical driving
force in the supersaturated solid solution induces rapid diffusion of copper atoms into cluster-
type Cu-rich regions. As high temperature exposure continues, the Cu-rich nanoprecipitates
are formed as the base matrix elements (Fe, Cr, Ni) diffuse away. Inspection of the foil from
the specimen grips has not revealed any notable difference in nanoparticle distribution or
average size, suggesting that mechanical loading does not have any significant effect on their
nucleation.

10.2.4 Nb-rich nanoparticles

The Nb-rich particles not only have distinctly different structural characteristics, but their
distribution is also non-uniform. In fatigued samples, these Nb-rich particles are usually found
in three different configurations. Most frequent are accumulations of a few single particles
(see Fig. 10.27a) gathered closely together into chain-like features in the matrix. In terms of
the whole grain volume, these groups are dispersed very heterogeneously forming areas with
a high density of particles separated by regions free of nanoparticles, as seen in the LAADF
image of Fig. 10.27a, where Nb-rich particles have higher intensity than the matrix.
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Figure 10.27: (a) LAADF-STEM [011] zone axis image with enhanced strain contrast
enabling visualisation of nanoprecipitates along with dislocations in a fatigued specimen. The
particle volume density can differ significantly on a local basis. Example of group of NbC
particles with high volume density is highlighted by black arrow. (b) HAADF-STEM [011]
zone axis image of one of the NbC nanoprecipitates of size about 4 nm, long camera length of
230 mm is used to emphasize elastic strain field caused by precipitate in the matrix. (c) Same
image visualised using Z-contrast using low camera length of 73 mm. (d) Magnified image
was FFT filtered using a mask which included all fundamental and satellite intensities for
central and diffracted beams.

In the second mode of configuration, particles are arranged in high density along dislocation
lines (see Figs. 10.28a, 10.28b and 10.30a). Finally particles can also be observed in more
sparse, pinning interaction with dislocations, as will be discussed further below. Due to their
highly inhomogeneous spatial distribution, the particle density differs locally. Using average
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foil thickness (100+30 nm) determined by EELS the particle volume density was roughly
estimated to vary from (8.9+2.8)x10%° m= to (3.7+1.2) x 10! m™ as seen in Fig. 10.27a.
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Figure 10.28: Specimen loaded with total strain amplitude 0.27% (exposed for 23 hours at
700°C). HAADF-STEM image showing (a) NbC particles nucleated on the dislocation viewed
along [001] zone axis. (b) Detail of Moiré-like pattern observed in locations where NbC
particles are present and overlap with the matrix. (c) Comparison of an FFT pattern from
NbC and matrix demonstrating cube-on-cube relationship. Schematic drawing explains which
lattice each spot corresponds to.

The average size of Nb-rich particles found in aggregated groups, their median, minimal and
maximal size was determined for three different specimens cyclically loaded with total strain
amplitudes 0.2%, 0.27% and 0.35% (exposed to temperature of 700°C for 153 h, 23 h and 10
h). Results are shown in Fig. 10.29. The shapes of the particles were found to be not well-
defined or consistent in all investigated cases.

Probe-corrected HAADF-STEM imaging was used for atomic resolution structural analysis of
areas where strong Nb content was detected by EDS. For both [001] and [011] zone axes,
distinctive Moiré-like contrast was typically observed at nanoparticle locations, similar to the
high resolution TEM images first reported in [129, 135].
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Figure 10.29: Statistics of Nb-rich particle diameter(median and average diameter, maximal
and minimal size of particles) observed in three different samples cyclically loaded with total
strain amplitudes 0.2%, 0.27% and 0.35% (exposed to temperature of 700°C for 153 h, 23 h
and 10 h).

Translational Moir¢ fringes are parallel contrast lines formed in high resolution TEM imaging
by the interference of diffracting crystal lattice planes that are overlapping, which might have
different spacing and/or orientation [145, 146]. Definitive determination that the contrast
exemplified in Figs. 10.27b, 10.28b and 10.30b is indeed due to a Moiré effect requires
additional analysis. Unlike HRTEM, HAADF-STEM images are formed from incoherent
inelastically scattered electrons. For this imaging mode, Moiré fringe contrast has not been
rigorously simulated previously. Rather than adding wave function amplitudes as in HRTEM,
the intensities from individual atoms, considered here as individual scatterers, must be
summed in HAADF-STEM. Since the incoherent HAADF-STEM images are interpreted
more directly in terms of atom types and positions, the term “Moiré-like contrast” is used
below.

Particles observed in fatigued specimens are too small for thorough structural analysis.
Therefore, samples after only thermal exposure were additionally inspected revealing that
without the presence of mechanical loading, groups of aggregated small 4-6 nm sized
nanoparticles are not present in the matrix. On the contrary, much larger precipitates of size
10-20 nm are found, but only at dislocations, as seen in Fig. 10.28b, 10.30a and 10.30b. As
cyclic stress was not present, and dislocations were immobile, particles had more time to
coarsen and grow as was reported previously by Poddar et al. [145].

The corresponding FFT pattern from the NbC particle region in Fig. 10.30b and FFT filtered
image in Fig. 10.30c is shown in Fig. 10.30d. In addition to the intense spots of the austenite
matrix, weaker satellite reflections belonging to a second lattice and several double-
diffraction reflections are observed. Although not shown here for brevity, this interpretation
of the FFT features has been validated by STEM nano-beam diffraction showing consistent
results. Patterns obtained for [001] and [011] zone axis orientations indicate that the
precipitates have a FCC crystal structure oriented in a cube-on-cube relationship with the
austenite matrix.
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Figure 10.30: (a) BF STEM-DCI image showing array of NbC nanoparticles nucleated along
a dislocation in the grip part of specimen after thermal exposure only (23 hours at 700°C).
(b) Raw HAADF-STEM [011] zone axis image showing NbC precipitates of size about 13 nm
arranged along a dislocation. (c) FFT filtered image showing detail of (111) interface
between the matrix and NbC precipitate. The Moiré-like contrast indicates that the matrix is
overlapping with the NbC precipitate. (d) Comparison of an FFT pattern from NbC and
matrix demonstrating cube-on-cube relationship. Schematic drawing explains which lattice
each spot corresponds to.

By measuring the distance from the central spot (000) to the diffracted spots (hkl)
corresponding to matrix and precipitate cube directions in reciprocal space, it was determined
that the precipitate has a d-spacing that is about 1.22 times larger than that of the FCC matrix,
indicating positive lattice misfit of about 22%. Using both the lattice parameter of the
austenitic matrix (from neutron diffraction measurements) and the matrix/precipitate misfit,
the precipitate lattice constant is estimated to be approximately 4.41 A, what is in good
agreement with results previously obtained using TEM-based methods [129, 135].
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The remarkable features of these precipitates — (a) Nb-rich, (b) observation of Moiré-like
contrast and (c) corresponding FFT diffraction patterns indicating FCC structure with cube-
on-cube orientation and large positive lattice misfit — are consistent with the results published
earlier by Sourmail [126] and Haddrill et al. [147]. In the Fe-Ni-Cr based steels with high
carbon and nitrogen content, they report a strong tendency for nucleation of NbX (X = C, N)
precipitates due to the high affinity of Nb to form both carbides and nitrides. Possible phases
have a Fm3m structure with lattice parameters of NobN and NbC a = 4.4 A and a = 4.47 A,
respectively [126].

To identify which type of nanoparticles is present in Sanicro 25, EELS analysis was used for
the detection of light elements. Only a carbon signal was found in the Nb-rich
nanoprecipitates, whereas no nitrogen was detected, suggesting the presence of NbC.
Nucleation of the NbN phase is presumably less probable since the coarse Z-phase (CrNbN)
primary precipitates likely consumes most of the available N [129, 135]. It is important to
note that despite the fact that only NbC variant of MX phase was experimentally confirmed in
our measurements, Nb(C,N) variant cannot be completely excluded. Therefore, further within
the text, if particular case in which composition was experimentally measured is not
commented, more general designation Nb(C,N) will be used for correctness.

For further analysis of the contribution to the strengthening mechanisms, most important is to
determine the nature of the interface between these NbC nanoparticles and the matrix. Several
authors describe NbC precipitates as coherent or semi-coherent [145, 148-151]. Nevertheless,
if both lattice misfit and particle size are taken in account, coherency with the matrix is very
arguable. Howe [50] stated that the physical limit for misfit dislocation-based interface
structures is approximately at misfits of 25%, where spacing of misfit dislocations is close to
4b and their cores start to overlap. If we consider lattice parameter of NbC to be 4.47 A [126],
according to Eq. (3.4) lattice misfit with matrix of Sanicro 25 will be 24% what is close to the
Howe's limit. Spacing between misfit dislocations (Eq. 3.5) lying on {111} planes would then
be 16.83 A, what is 4.7b.

No clear experimental evidence of misfit dislocations presence at the particle-matrix interface,
which might be able to accommodate significant lattice misfit, was obtained within the
framework of this study. Fig. 10.27b shows a small single particle in the fatigued part of
specimen without any clear observation of misfit dislocations. The same results were obtained
in the case of an array of larger NbC precipitates nucleated along a dislocation in the grip part
of the specimen as seen in Fig. 10.30b. Here, it is important to note that just the experimental
observation of the structure of interface is not an easy task. Usual thickness of the TEM foil is
about 50 to 100 nm. Particles were found to be from about 3 to 15 nm in size. That means in
majority of cases there will be an overlap of precipitate structure with the structure of the
matrix forming some level of Moiré effect thus preventing direct observations of the interface.

For closer inspection of the (111) NbC/matrix interface, the image was FFT filtered using a
mask which included all fundamental and satellite intensities for central and diffracted beams
(see Fig. 10.30c). It is evident that the two structures have cube-on-cube orientation. Detail of
the interface in Fig. 10.31a reveals presence of coincidence lattice points where the two
lattices are well aligned. However, as a result of significant lattice misfit, these alternate with
areas several atomic planes thick where atomic columns of the two crystal structures do not
align well with each other, as demonstrated by schematic structural model in the red dashed
rectangle in Fig. 10.31a. Hypothetically, if the nature of the interface is incoherent (similarly
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as schematically visualised in Fig. 3.8a), it would suggest a notable decrease of local atomic
density in these “misaligned” regions, consistent with the significant decrease of relative
atomic column intensities in HAADF-STEM Z-contrast images as illustrated by line scans
plotted in Fig. 10.31b. However, if the interface is indeed semi-coherent, the decrease of
relative intensity could be connected with the presence of misfit dislocations cores. Here it
should be added that in reality, MX precipitates are three-dimensional objects of octahedral
shape [151] and arrangement of possible misfit dislocations would then be very complicated
thus preventing easy experimental characterization. Also, there is a possibility that at the onset
of nucleation, nano-sized MX precipitates do not have perfectly stoichiometric structure what
would also affect character of interface. Considering experimental evidence, nano-sized NbC
precipitates exhibit characteristics of an incoherent, rather than semi-coherent, relationship
with the austenitic matrix. However, other tools such as constitutive modelling and
simulations along with further experimental work at atomic-scale have to be used to find
definite answer and solution.
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Figure 10.31: () FFT filtered HAADF-STEM image showing fully incoherent interface
between NbC nanoparticle and matrix. Area of the interface marked by red dashed rectangle
is visualized in inset as atomic structure model. Unit cells of two crystal structures are
highlighted. Decrease of atomic density in the areas where atomic columns of two lattices do
not fit each other leads to decrease of contrast in HAADF-STEM image. (b) Line scans across
the interface showing relative intensity of atomic columns in the HAADF-STEM image as a
function of distance. They demonstrate decrease of contrast where atomic density is
diminished as a result of relatively poor lattice plane alignment across the interface.
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10.2.4.1 HAADF-STEM simulation of Moireé-like contrast exhibited by NbC

In order to further validate the interpretation of the NbC nanoprecipitate structure observed
experimentally with Moiré-like contrast, HAADF-STEM images were simulated using the
USTEM program, based on the quantum excitation of phonons (QEP) model [152].
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Figure 10.32: Schematic of the crystal structure used as input for the image simulation.
Relaxed 10 nm thick incoherent NbC particle was placed on top of the austenite matrix with
cube-on-cube orientation. Total thickness of the structure used in the model was 80 nm in the
[011] direction as based on the experimental sample shown in Fig. 10.29b.

In the QEP model, a quantum mechanical approach is taken, whereby momentum and energy
transfer are included through inelastic scattering, specifically through phonon excitation. The
crystal structure used as input for the image simulation was a relaxed incoherent NbC particle
on top of the austenite matrix with cube-on-cube orientation (see Fig. 10.32 and Table 10.1
summarizing structural information about two nano-scale phases studied in this work). The
structure used in the model was 80 nm thick in the <011> direction, consisting of a 10 nm
thick NbC particle and 70 nm austenite matrix. The foil thickness was determined to be
around 85 nm thick in the region of interest by comparison between experimental and
simulated position averaged convergent beam electron diffraction (PACBED) patterns [153].
The thickness of the particle was estimated to be about 10 nm based on the measurement of its
diameter in the {011} plane. To ensure accurate representation of the experimental data in the
simulations, the microscope conditions from the probe corrected FEI Titan® 80-300 S/TEM
were used. Specifically, a convergence semi-angle of 12 mrad, Cs coefficient of 2 um, and Cs
of 1. mm were used at a Scherzer defocus of -2.3 nm. Finally, a detection range from 55 to 370
mrad was used, which corresponds to HAADF image acquisition using a camera length of 73
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mm on this microscope. Additionally, finite source size and detector noise were incorporated
in the simulation as described by LeBeau et al. [154].
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Figure 10.33: (a) Experimentally obtained HAADF-STEM image of NbC precipitate on the
top of austenite matrix is compared to (b) simulated image along the [011] zone axis (with
reference to Figure 10.32) based on the atomic structure model (c). Fully incoherent
nanoparticle overlaps with austenite matrix with cube-on-cube relationship forming Moiré-
like contrast.

In Fig. 10.33, results from experiment and simulation are compared. The experimental image
of Fig. 10.33a was corrected for scan distortion using the method of Ophus et al. [155]. Fig.
10.33b shows the simulated image that clearly exhibits the distinctive Moiré-like contrast.
Finally, in Fig. 10.33c, the simulated image is overlaid with the atomic model used in the
simulations, with NbC carbide on top of the austenite matrix. The simulated structure shows
good qualitative agreement between the experimental and simulated images, with increased
contrast on columns that are coincident between the two overlapping crystals, supporting the
assumed structure of NbC nanoprecipitates with cube-on-cube orientation relationship to the
matrix and an incoherent nature of the interface.

Wyckoff Lattice
Phase Space Group Structure positions of | Site occupancy
parameter (A)
atoms
Fe (0.472)
Austenite Fm3m (225) - 4a (Fe, Ni, Cr) | Ni(0.262) 3.60692(8)*
Cr (0.262)
Cu Fm3m (225) Al/cF4 4a (Cu) Cu (1) 3.615**
NbC Fm3m (225) | B1/cF8 4a (Nb):4b (C) gtz 1()1) 4475

Notes:

*neutron powder diffraction

**taken from JCPDS 04-0836, [143]
***taken from T. Sourmail [126]

Table 10.1: Overview summarizing the structural information of the austenitic matrix and two
studied nano-scale phases used in this work.

As reported by [126, 145] the precipitation of fully incoherent Nb(C,N) particles in the defect-
free austenite is extremely difficult due to the large positive misfit. However, the present
results indicate that nucleation does occur at lattice defects, where part of the strain energy
can be released by replacement of a dislocation segment with the precipitate nucleus, thereby
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helping to overcome the nucleation barrier and enabling the existence of Nb(C,N)
nanoprecipitates in the austenite matrix. In the presence of thermal exposure only, Nb(C,N)
precipitates are found nucleated only on defects (Figs. 10.29a and 10.29b). It is surmised that
the abundant nanoparticle arrays embedded in the matrix found only after high temperature
cyclic loading (Figs. 10.28a and 10.28b) are remnant left behind after detachment from
dislocations. A more quantitative investigation of this detachment phenomenon and
subsequent interaction with dislocations under fatigue loading conditions will be described in
discussion section.[135, 156]
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11. Microstructural evolution — Manaurite XTM

Several specimens were selected for a post-mortem study of deformation microstructure
which formed as a result of cyclic loading both at a room temperature and at a temperature of
700°C. Since overall microstructure of Manaurite XTM centrifugally casted alloy has
heterogeneous characteristics in terms of large columnar dendritic grains, instead of
traditional electrolytic polishing the focused ion beam nanofabrication was used to prepare
site-specific TEM lamellae. Details of preparation of specimens with polished surface from
which TEM foils were extracted are described in Experimental section IV. The foils were
subsequently characterized using high-resolution STEM microscopy.

11.1 Room temperature cyclic loading

Two specimens were selected for analysis of microstructures formed at room temperature
cyclic loading. Specimen loaded with total strain amplitude e, = 3.5x10° (saturated plastic
strain amplitude eaps = 1.4x107) represents loading with lower strain amplitudes while the
specimen loaded with g, = 6.5x107 (saturated plastic strain amplitude gaps = 3.7%107) is
representative of loading with higher strain amplitudes. In Fig. 11.1, the two columnar
dendritic grains with the serrated grain boundary are shown using secondary electrons mode
in SEM. The site for the extraction of TEM foil was localized in the grain on the right hand
side as shown in Fig. 11.1a. The goal was to avoid regions possibly affected by long-range
stress fields such as serrated grain boundaries or interdendritic regions with primary
precipitates. To obtain representative deformation microstructure of the face-centered cubic
matrix, site was selected approximately in the middle of the central dendrite axis, as shown in
Fig. 11.1b.

Figure 11.1: (a) SEM overview image of the polished area where the thin foil was extracted
for subsequent analysis in TEM. Secondary electrons mode is showing serrated grain
boundary of two dendritic grains. Foil was extracted approximately 120 microns from the
grain boundary, in the middle of right hand side grain close to the central dendrite axis. (b)
Extraction was done in such a way so the foil contains mostly face-centered cubic matrix.
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After final thinning, TEM foil of approx. 150 nm in thickness was obtained and subsequently
analyzed using high-resolution STEM. Overview of the whole lamella is shown in Fig. 11.2a
and 11.2b using BF and annular dark field (ADF) detector, respectively.
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Figure 11.2: (a) BF-STEM diffraction contrast image showing dislocation structure formed
after cyclic loading with total strain amplitude 0.35% at room temperature. View direction is
along the zone axis [111]. Loading axis corresponds to vector [110] when taken with respect
to the grain orientation. (b) ADF-STEM image.
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Extracted lamella contains region of two grains separated by low-angle grain boundary
(misorientation is less than 2°). Two large primary eutectic M7Cz Cr-rich carbides are
observed. View direction is parallel with the zone axis [111] of the matrix. Individual
dislocations and pile-ups are observed with no evidence of any significant localization, neither
complex spatial dislocation structures formation. Grains orientation with respect to the
loading axis of the cylindrical specimen was determined and is shown in stereographic
triangle demarked by three vectors [010], [111] and [110]. For this notation, loading axis
corresponds to vector Lp = [110]. Schmid factors of possible slip systems were determined
revealing that for this particular orientation of grain only four of twelve possible slip systems
have non-zero Schmid factors. These slip systems correspond to glide planes (111) and (111)
and all have Schmid factors equal to 0.408.

goiz
0 [111]

922

\?ow] P

Figure 11.3: (a) Detail showing dislocations from four slip systems lying on two slip planes
(111) and (111). View direction is along the zone axis [111]. (b) Detail showing dislocation
with Burgers vector 1/2[101].

The grains were tilted out of the zone axis to obtain two-beam STEM diffraction contrast
imaging with different excitation vectors corresponding to particular lattice vectors of <220>
and <111> types. Dislocation structure was analysed and dislocations identified using g.b
analysis of Burgers vector. Indeed, most of the dislocations observed are located on glide
planes (111) and (111) corresponding to slip systems with high Schmid factors. Also a few
dislocations were found located on (111) plane. However, the trace of this set of planes is
parallel with the direction of ion beam scanning during the foil thinning, so there is a chance
that dislocation segments lying on (111) plane are just artefacts related to the specimen
preparation. Few individual dislocations lying also on the fourth possible plane, i.e. the plane
(111) parallel with the plane of the image, were also observed as shown in Fig. 11.3b.
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Figure 11.4: Specimen after cyclic loading with total strain amplitude 0.65% at room
temperature. (a) SEM overview image of the polished area where the thin foil was extracted
for subsequent analysis in TEM. (b) Extraction was done in such a way so the foil contains
only face-centered cubic matrix and other phases are avoided.
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Figure 11.5: Dislocation structure observed in thin foil extracted from the specimen after
loading with total strain amplitude 0.65% at room temperature. Image was obtained using
BF-STEM detector in dual-beam system Helios. Individual dislocations are observed, mostly
from one activated slip system. No evidence for cyclic slip localization and formation of
spatial dislocation arrangements.

Analysis of dislocation structure reveals that there is a higher dislocation density around the
grain boundary and especially in the vicinity of primary eutectic precipitates when compared
to the areas of matrix far away from any primary phases. This can be result of locally different
stress fields coming from the precipitates presence.
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The most important observation is that the character of the deformation structure, i.e.
dislocation arrangement, is significantly planar. When compared to Sanicro 25 alloy, there is
no evidence for localization of cyclic slip into high dislocation bands, neither for formation of
spatial dislocation structures. Also, at room temperatures, there are no small precipitates
present in the matrix, only large primary eutectic Cr-rich carbides (M7Csz and M23Cs) and
occasionally smaller Nb-rich particles (MC).

In Fig. 11.4, area of the lamella extraction is shown for the specimen loaded with total strain
amplitude 0.65% at room temperature. Again, lamella was prepared from the matrix region
corresponding to the central dendritic axis. In Fig. 11.5, the whole lamella is shown after final
polishing. Same as for the specimens tested with low strain amplitude, low dislocation density
is observed. Only one slip system is activated with individual dislocations of pile-ups present.
No evidence for localization of cyclic plastic behavior is found as shown in details in Fig.
11.6. Same structure was also observed in case of another lamella (not shown here) prepared
from different area of this fatigued sample.
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Figure 11.6: Details of dislocation structure observed in thin foil extracted from the specimen
after loading with total strain amplitude 0.65% at room temperature. Individual dislocations
are observed with no evidence for cyclic slip localization and formation of spatial dislocation
arrangements.

11.2 Cyclic loading at a temperature of 700°C

At high temperature, first specimen loaded with total strain amplitude e, = 3.5x 107 (saturated
plastic strain amplitude eaps = 1.3%10°%) was selected for detailed microstructural analysis as a
representative of testing with low strain amplitude. Specimen was cyclically loaded for 5
hours, so with 2 hours needed for stabilization, in total it spent about 7 hours at a temperature
of 700°C. Area from which the thin foil for subsequent high resolution analysis was extracted
is shown in Fig. 11.7. Place was selected in the austenitic matrix in such a way that the
primary eutectic carbides were avoided.
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Figure 11.7: Specimen after cyclic loading with total strain amplitude 0.35% at temperature
of 700°C. (a) SEM overview image of the polished area where the thin foil was extracted for
subsequent analysis in TEM. Position is marked with black bar. (b) Detail of the extraction
area. Foil was lifted out from the area of central dendritic axis. Primary eutectic precipitates
were avoided.
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Figure 11.8: LAADF-STEM diffraction contrast image showing deformation structure formed
after cyclic loading with total strain amplitude 0.35% at 700°C (spent 7 hours at high
temperature). View direction is close to the zone axis [011], however two beam condition is
set only for diffraction vector [111]. Loading axis corresponds to vector [011] when taken
with respect to the grain orientation.

Thin TEM lamella after final step of polishing with focused ion beam is shown in Fig. 11.8
using LAADF-STEM diffraction contrast imaging. View direction is close to the zone axis
[011], however two beam condition is set only for the diffraction vector [111]. Grain
orientation with respect to the loading axis of the cylindrical specimen was determined and is
shown in stereographic triangle demarked by three vectors [001], [111] and [011]. For this
notation, loading axis corresponds to vector Lo = [011]. Schmid factors of possible slip
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systems were determined revealing that for this particular orientation of grain only four of
twelve possible slip systems have non-zero Schmid factors. These slip systems correspond to
glide planes (111) and (111) and all have Schmid factors equal to 0.408. More detailed
picture of the microstructure is shown in Fig. 11.9.

Contrast and crystallography analysis has revealed that the majority of the dislocations
observed are screw segments with Burgers vector %»[110] lying on (111) slip planes.
Individual dislocation segments are observed with no evidence of cyclic slip localization or
formation of complex spatial dislocation structures.
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Figure 11.9: LAADF-STEM diffraction contrast image showing details of deformation
microstructure. Dislocations with Burgers vector '4[110] lying on (111) slip planes are
observed as well as numerous secondary M23Cs carbides precipitated as a result of cyclic
loading at a temperature of 700°C. Carbides are found in the matrix or nucleated along
immobile '5[011] dislocations. Black rectangle highlights area where EDS analysis was
done.

Along with dislocations, also numerous secondary precipitates are found nucleated during
cyclic loading at high temperature. Some of the precipitates are located in the free matrix and
some particles are nucleated along the dislocations. These dislocations were found to be screw
or mixed/almost screw segments with Burgers vector 5[011] lying on (111) or (111) planes.
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Since Schmid factors for these slip systems are zero, it is suggested that these dislocations
were immobile during cyclic loading thus being nucleation site for particles precipitation.

High resolution EDS analysis was done in the area highlighted by black rectangle in Fig. 11.9.
Results are shown in Fig. 11.10 plotted as EDS maps. It is clear that the precipitates are rich
in Cr, C and also in Mn and Si. Owing to high carbon and chromium content, several different
types of carbides can precipitate in Manaurite XTM at high temperatures as was noticed
previously [29]. Chemical content and also relatively short ageing time would suggest M23Cs
type of carbide, usually observed as first nucleated phase in alloys with high Cr and C
content. To confirm what phase is present, specimen was tilted into zone axis [011] to
conduct high-resolution HAADF-STEM Z-contrast imaging.

200 nm

Figure 11.10: EDS map analysis from the region highlighted by black rectangle in Fig. 11.9.
Precipitates are rich in Cr, C and also Mn and Si.

Comparison of LAADF-STEM two-beam diffraction contrast image and HAADF-STEM Z-
contrast zone axis atomic-resolution image is shown in Fig. 11.11a and 11.11b, respectively.
Several precipitates were analysed in detail. Example of detailed structure characterization of
two precipitates highlighted by black rectangle in Fig. 11.11b is demonstrated in Fig. 11.12.
Both particles have well distinguished octahedral shape with {111}-type of facets at the semi-
coherent interface with the matrix. FFT pattern was obtained from the STEM image of the
precipitate atomic structure and compared with simulated diffraction pattern corresponding to
Cr23Cs carbide (see Fig. 11.12c). It demonstrates cube-on-cube orientation of the particle with
the matrix. As a last step, the structure of carbide was confirmed by direct comparison of
Cr23Cs structural model created using the Crystal Maker software and FFT filtered STEM
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image of the atomic structure of the precipitate. Good agreement was obtained as is shown in
Fig. 11.12d.

According to ThermoCalc analysis presented by Joubert et al. [29], several phases are
possible to precipitate in alloy as Manaurite XTM at high temperatures, e.g. MC ((Nb,Ti)C),
G-phase (NiNbSi) and also M23Ce. However, our experimental results suggest that prevailing
secondary phase nucleated in specimens cyclically loaded at a temperature of 700°C is semi-
coherent carbide of M23Ce-type rich in Cr, Si and Mn. Interestingly, no nano-scale MC
precipitates were observed as in case of Sanicro 25.

As is shown in Fig. 11.12, carbides are of size in tens of nanometers, what can be considered
as large from the perspective of the strengthening effect. Average diameter of M23Cs carbides
was estimated to be 69 nm with particle sizes ranging from 35 to 110 nm. As was already
mentioned, M2Ces Cr-rich carbide is usually first secondary phase to appear at high
temperatures around 700°C in alloys rich in Cr and C. Taking into account elementary
concepts of precipitation strengthening, it can be expected that in the early stages of their
nucleation and growth, M23Ce Cr-rich carbides can present obstacle for dislocation movement,
especially in cases where they nucleate at immobile dislocation cores, with pipe diffusion
facilitating their growth. However, as they overcome the critical size and Orowan bowing
becomes the governing mechanism of particle-dislocation interaction, their strengthening
effect rapidly diminishes with further coarsening and growth.

Figure 11.11: (a) LAADF-STEM diffraction contrast image showing array of M23Cs carbides
precipitated along dislocation. Primary dislocations lying on (111) slip planes are visible as
well. (b) Specimen was tilted so the view direction is along [011] zone axis. Several
precipitates were analyzed to confirm the structure of M23Cs Cr-rich phase. Two precipitates
highlighted by black rectangle are shown in detail in Fig. 11.12.
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Figure 11.12: (a) HAADF-STEM Z-contrast image showing two M23Cs carbides rich in Cr, Si
and Mn. They have facetted {111}-type of the interface with the matrix. (b) Atomic structure
of the precipitate was analysed and FFT diffraction patterns obtained. (c) FFT pattern of the
carbide is compared to the diffraction pattern simulated using crystal model of Cr23Cs
structure. (d) Atomic structure of carbide is viewed along [011] zone axis. Experimentally
obtained and FFT filtered image of the carbide structure is compared with the model of
structure made in Crystal Maker software.
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V1. DISCUSSION

In this section, basic mechanical properties as well as properties corresponding to cyclic
loading are discussed in relation to microstructural characteristics of Sanicro 25 and
Manaurite XTM. Both materials are also compared with other similar alloys used in same or
similar industrial applications and in similar service conditions. List of the materials discussed
in this section is shown in Tab. 12.1 along with their chemical composition.

As was already noted previously, austenitic stainless steel (AISI) 316L is typical
representative of conventional alloy widely used in applications up to 600°C. On the other
hand, Super304H, NF709 and HR3C as well as Sanicro 25 belong to the class of advanced
heat-resistant alloys designed for construction of coil and pipe systems sustaining higher
operation temperatures up to 700°C. The three other alloys, Manaurite XTM, Sandvik 353MA
and Fe-45Ni-23Cr-7W alloy, were designed mainly as structural materials of coil and pipe
systems in ethylene cracking furnaces. Notably higher content of Ni and Cr in the matrix is
the main characteristic differentiating these three alloys from the conventional AISI 316L or
advanced heat-resistant steels. Manaurite XTM is the only alloy from the list produced by
centrifugal casting.

Fe Ni Cr w Cu Co Nb Mn Si N C Mo
San25 |Bal. 25.0 225 3.6 3.0 15 05 0.5 0.2 0.23 0.1
316 10.0- 16.0-
(L/H) Bal. 14.0 180 - - - - 2.0 max | 1.0 max | 0.1 max | 0.03-0.1|2.0-3.0 |+P,S,B
23.0- 19.0- 0.75 .
NF709 |Bal. 270 220 - - - 0.1-0.4 [1.5 max max 0.1-0.2 |- 1.0-2.0 |(+B,Ti,
17.0- 24.0- 0.75
HR3C |Bal. 23.0 26.0 - - - 0.2-0.6 |2.0 max max 0.15-0.3|0.04-0.1 | -
Super 17.0- 0.05- |0.07-
- Bal. 7.5-10.5 19.0 - 25-35 |- - 1.0 max | 0.3 max 012 013 - +B, Al
Man 43.0- 35.0- 1.20- 0.40- +Ti, P,
XTM Bal. 48,0 370 - 0-0.25 |- 0.5-1.0 |[0-15 200 . 0.45 0-0.5 s
45Ni-
23Cr- | Bal. 45.2 23.4 7.5 - - 0.18 1.02 0.15 - 0.07 - +Ti
W™
Sand
353MA Bal. 35 25 - - - - 15 1.6 0.16 0.07 - +P,S

Table 12.1: Comparison of chemical composition of different Fe-Ni-Cr based alloys used for
construction of coils and pipes in high temperature applications (in wt.%).[9, 10, 24, 27, 157—
161]

After discussion of basic tensile mechanical properties at room and elevated temperatures,
general cyclic properties related to the fatigue life of materials are compared and discussed.
Afterwards, attention is focused on the materials response under load, change of the cyclic
stress within the fatigue life and differences between room and elevated temperature cyclic
loading. In the last section, key mechanisms leading to extraordinary cyclic strengthening of
Sanicro 25 alloy are identified, explained and discussed.
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12. Basic mechanical properties — tensile tests

Tensile stress-strain curves of Sanicro 25 and Manaurite XTM (axial direction) are compared
both at room and elevated temperature as shown in Fig. 12.1. Corresponding tensile
parameters are noted in Tab. 12.2 along with tensile parameters of similar alloys listed in
Table 12.1.
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Figure 12.1: Tensile stress-strain curves of Sanicro 25 at room temperature and at 700°C
compared with stress-strain curves of Manaurite XTM at room temperature and at 600°C.
Corresponding parameters as modulus, yield strength, ultimate tensile strength and
elongation are listed in Tab. 12.1. Plotted stress-strain curves of Manaurite XTM were
obtained from testing of specimens produced as parallel with axis of centrifugally casted tube,
i.e. perpendicular to the dendrites.

Sanicro 25 has higher ultimate tensile strength and yield strength both at room and elevated
temperatures, when compared to Manaurite XTM. Striking difference is in a ductility of
materials. While Sanicro 25 in solution annealed state has elongation at fracture about 52% at
room temperature, Manaurite XTM reaches only about 15%. This prevails also at high
temperature, where Sanicro 25 has elongation about 44% while Manaurite XTM only about
23%. This suggests that Manaurite XTM will have much lower workability than Sanicro 25.

In Fig. 12.2, ultimate tensile strength versus total elongation to fracture diagram is plotted.
Sanicro 25 and Manaurite XTM are compared with similar alloys. Here it is important to note,
that mechanical properties of alloys and austenitic steels can differ significantly depending on
the thermo-mechanical treatment defining initial state in which the materials are delivered.
For comparison in this work, selection of alloys was done in such a way that the list contains
the similar types not only regarding composition, but also the thermo-mechanical treatment.
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Y.S. at 0.2% Total fracture

E [GPa] [MPa] U.T.S. [MPa] strain [%6]
Sanicro 25
Initial state, RT 197 >310 >680 >40
(producer)
Initial state, RT 198 368 765 52
Initial state,
700°C 150 198 485 44
Manaurite XTM
RT (producer) 182 345 570 12
RT 172 302 581 14.5
600 122 224 442 >23
316L [159, 160]
RT 193 290 579 50
600 153 140 452 44
700 143 131 345 43
NF709/Alloy 709 [161]
RT (official
datasheet) 193 >270 >640 >30
RT 193 251 624 51
650 153 168 519 36
750 145 174 368 32
HR3C [149]
RT 196 368 740 48
650 148 180 492 45
Super304H [162]
RT - 284 576 72
600 - 193 432 42
650 - 204 402 40
Sandvik 353 MA (producer)
RT 190 >300 >650 >40
600 155 >138 >422 -
Fe-45Ni-23Cr-7W alloy [157]
RT - 260 637 59
600 - 163 453 74
700 - 151 423 69

Table 12.2: Basic tensile properties of similar type of alloys used as structural materials for
construction of pipes and coils in power generation industry are compared at room and
elevated temperatures. Part of the tensile data sets of Sandvik Sanicro 25, Sandvik 353 MA
and Manaurite XTM were obtained from hard copies of datasheets delivered with the
material.
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Figure 12.2: Ultimate tensile strength versus elongation diagram. Alloys of similar class used
as structural materials for construction of pipes and coils in power generation industry are
compared both at room temperature and at elevated service temperatures ranging from
600°C to 750°C.

It is clear that Sanicro 25 has the highest strength of all alloys both at room and high
temperatures. The closest competitor, NF709, has the ultimate tensile strength by more than
100 MPa lower with ductility being similar. However, at high temperatures contrary to
Sanicro 25, NF709’s elongation to fracture diminishes as well as total strength. Most
comparable material to Sanicro 25 in the diagram is modified HR3C alloy as it has similar
strength and ductility both at room and high temperature. On the other hand, conventional
316L austenitic steel has similar level of ductility, but is much weaker regarding strength.
Interestingly, when in solution annealed state, the modified Super304H austenitic steel
alloyed with copper has worse characteristics then conventional 316L steel.

When compared to other alloys, Manaurite XTM has very poor tensile characteristics, i.e. low
ductility and low ultimate tensile strength. Opposite case is the Fe45Ni23Cr7W alloy which
has the best values of total elongation to fracture of all materials in Fig. 12.2. Tensile test data
for another alloy used in ethylene cracking furnaces, Sandvik 353MA, are available only for
room temperature, thus the high temperature comparison was not done.
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13. Fatigue properties
13.1 Comparison of fatigue life curves - Sanicro 25 versus Manaurite XTM

In this section, fatigue properties of both materials are discussed also in relation to other
alloys from the Tab. 12.1. Coffin-Manson and Derived Wohler fatigue life curves as well as
cyclic stress-strain curves were plotted. Corresponding parameters obtained from the fatigue
life curves are summarized in Tab. 13.1.

T[°C] | K'[MPa] | n’ | g | c | o[MPa] | b[MPa]
Sanicro 25
22 1006 0.186 0.700 -0.526 962 -0.100
700 1243 0.181 0.090 -0.539 797 -0.090
Manaurite XTM
22 1084 0.173 0.138 -0.457 877 -0.095
700 802 0.167 0.085 -0.510 600 -0.106

Table 13.1: Comparison of low cycle fatigue parameters of both studied materials at two
temperatures.

Fatigue life of both materials can be characterized by the Coffin-Manson law. In Fig. 13.1,
plastic strain amplitude in half-life is plotted as a function of number of cycles to fracture for
both materials at two temperatures. In case of Sanicro 25, the cycling at a temperature of
700°C results in more than 50 times reduction in fatigue life for equal saturated plastic strain
amplitudes when compared to room temperature. The study of the surface relief evolution at
both temperatures presented in [116, 123, 136, 163] revealed the principal sources of this
difference in fatigue life.
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Figure 13.1: Comparison of Coffin-Manson fatigue life curves of Sanicro 25 and Manaurite
XTM at two temperatures.

Fatigue crack initiation in room temperature cyclic loading is due to the pronounced
localization of the cyclic plastic strain into PSBs and formation of the PSMs consisting of
extrusions and intrusions, similarly to the case of conventional steels as thoroughly studied
316L steel. From the tips of intrusions stage | cracks develop in individual grains and start
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growing and linking with other cracks until principal crack is formed. Despite the fact that
cyclic slip localization starts early in fatigue life, crack initiation and early growth of short
cracks leading to macrocrack formation is a slow process. Polak et al. [136] and Mazanova
and Polak [116, 163] reported that the number of initiated cracks in low strain amplitude
cyclic loading is low and linking of the cracks does not contribute to the short crack growth
significantly. Since the fatigue life is determined preferentially by the growth rate of short
cracks the fatigue life of Sanicro 25 in cycling at room temperature depends primarily on the
plastic strain amplitude and for low plastic strain amplitudes is therefore long.

At high temperatures, the situation is completely different. As shown previously, cyclic slip
localization during the cyclic loading of Sanicro 25 at 700°C is very weak and plays no role in
fatigue crack initiation. It was reported by Mazanova et al. [123] that the fatigue crack
initiation at high temperature is intergranular. The observations of the specimen surface
already at the low number of loading cycles revealed that the majority of grain boundaries are
oxidized and cracked, and the network of surface cracks is produced in the regions around
grain boundaries. It is indicated that the cracking and the enhanced oxidation of grain
boundaries is connected with the decrease of the chromium content in the matrix close to the
grain boundaries and thus lower resistance to oxidation. Chromium content decreases as a
result of rapid nucleation of Cr-rich M23Cs carbides at high temperatures. It is concluded that
the presence of the dense network of surface cracks would promote their linkage during
further cycling and substantially enhance the growth rate of short cracks leading to early
formation of the principal crack. Both the early initiation of the cracks and the enhanced crack
growth rate due to linkage of grain boundary cracks result in substantial reduction of the
fatigue life of Sanicro 25 at high temperature in comparison with that at room temperature
[123, 136].

Coffin-Manson fatigue life curves in Fig. 13.1 demonstrate that at room temperature
Manaurite XTM has shorter fatigue life than Sanicro 25. This can be caused by the presence
of high amount of brittle eutectic primary carbides within the cast dendritic microstructure of
the alloy. Overview SEM image in Fig. 13.2a shows bulk microstructure after cyclic loading
with total strain amplitude 0.35% at room temperature. Experimental observations reveal that
majority of eutectic primary carbides are cracked (see details in Figs. 13.2b and 13.2¢). It has
been also found that several cracks initiated and propagated from the cracked carbide into the
matrix. That is in contrast with Sanicro 25 where room temperature crack initiation is
observed only on the surface. Taking into account weak localization of cyclic plastic slip in
austenitic matrix, initiation, propagation and further connection of cracks from brittle eutectic
primary carbides can be the main reason why fatigue resistance of Manaurite XTM at room
temperature is worse than that of Sanicro 25.

At high temperatures, where the major role is played by surface oxidation, Manaurite XTM
has higher fatigue life than Sanicro 25. Here, it is important to focus on chemical composition
of both alloys. Mazanova et al. [123] reported that high Cr content leads to formation of thin
oxide layer on the surface, which then acts as a barrier and prevents further penetration of
oxygen into the matrix. While Sanicro 25 has chromium content of 22.5 wt%, Manaurite
XTM can have up to 37 wt%. Moreover, it is alloyed also with Ti, which is another element
known to contribute to the oxidation resistance. Having higher content of Cr, Ti and also Ni,
Manaurite XTM has better oxidation resistance than Sanicro 25 what is the main factor
standing behind its longer fatigue life at a temperature of 700°C.
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Figure 13.2: Manaurite XTM: (a) Overview of polished cross-section of the specimen after
cyclic loading with total strain amplitude 0.35% at room temperature. Austenitic matrix
contains high amount of eutectic primary carbides. Black arrow highlights place shown in
detail in (b) and (c). Brittle primary eutectic carbides crack as a result of cyclic loading at
room temperature. Interface between cracked carbides and matrix then acts as site for fatigue
crack initiation and growth.

In Fig. 13.3, comparison of derived Wohler fatigue life curves is plotted for both materials at
room temperature and at 700°C. The curves show fatigue life dependence in case of constant
stress amplitude loading. In this loading regime, Manaurite XTM has slightly longer fatigue
life than Sanicro 25 at room temperature. That is probably connected with significant cyclic
plastic localization behaviour exhibited by Sanicro 25. As will be explained in next chapter, it
leads to cyclic softening behaviour. If constant stress amplitude loading is applied, plastic
deformation produced during cycling will increase in Sanicro 25 subsequently leading to
fatigue fracture earlier than Manaurite XTM.
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Figure 13.3: Comparison of Derived Wéhler fatigue life curves of Sanicro 25 and Manaurite
XTM at two temperatures.

When tested at high temperature, fatigue life of both materials diminishes. As was discussed
earlier in relation to chemical composition of both materials, Sanicro 25 seems to have worse
oxidation resistance then Manaurite XTM. However, due to internal microstructural changes,
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it also exhibits extraordinary cyclic strengthening. When cyclically loaded with constant
stress amplitude, Sanicro 25 has much longer fatigue life than Manaurite XTM due to the
cyclic increase of the strength.

In Fig. 13.4, comparison of cyclic stress-strain curves is done for Sanicro 25 and Manaurite
XTM at two temperatures. At room temperature, to reach given plastic strain amplitude in
half-life, much higher stress amplitude is needed in case of Manaurite XTM than for Sanicro
25. As will be discussed in relation to the curves of cyclic plastic response, this is connected
to strong localization of cyclic slip observed in Sanicro 25 and not in case of large dendritic
grains with high amount of eutectic primary carbides in Manaurite XTM.

550 — ey :
s00] v ManXTM (22°C)
4 ManXTM (700°C) v
—~ 450 3 ¢ ) 3
S o San25 (22°C) o 1
2 400§ e San25 (700°C) 3
o 3 3
g 350 3
g s
= ]
£ 3004 E
© 3
(2] 3
F ]
& 250 :
200 S — R —

10* 10° 10”

Plastic strain amplitude, €,

Figure 13.4: Comparison of cyclic stress-strain curves of Sanicro 25 and Manaurite XTM at
two temperatures.

When cyclic loading of Manaurite XTM is done at high temperature, cyclic stress-strain curve
is lying at much lower stresses. That is commonly seen high temperature behaviour for many
austenitic steels and alloys, but not in case of Sanicro 25. At a temperature of 700°C, this
alloy exhibits significant increase of cyclic stress, with cyclic stress-strain curve lying well
above that at room temperature. This extraordinary behaviour will be explained in further
sections.

13.2 Comparison of high temperature fatigue life curves with other alloys

In following graphs, comparison of fatigue life curves of Sanicro 25 and Manaurite XTM at
high temperature is made with other similar alloys. Coffin-Manson fatigue life curves are
compared in Fig. 13.5. In case of loading with constant plastic strain amplitude, the Sanicro
25 alloy would have the shortest fatigue life of all alloys, even shorter than Manaurite XTM
and conventional 316L steel loaded at 600°C.

When cyclic loading is done with constant stress amplitude, Sanicro 25 again belongs to the
alloys with the best fatigue performance. Derived Wohler curves in Fig. 13.6 reveal that for
stress amplitudes below 300 MPa, the Sanicro 25 has the longest fatigue life, while for
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loading with stress amplitudes higher than 300 MPa, more cycles to failure are needed in case
of Fe45Ni23Cr7W alloy. Again, the most comparable to Saniro 25 is HR3C alloy, which has
just slightly shorter fatigue life. On the other hand, Manaurite XTM is the material with
shortest fatigue life when loaded in stress controlled mode.

-
S
N
1
I

ap

= San25 (700°C)
A ManXTM (700°C)

« HR3C (700°C)
Fe45Ni23Cr7W (700°C)
316L (600°C)

Plastic strain amplitude, ¢
=)
l(d

-
o
A
1
o

1(')2 10° 10°* 10°
Cycles to fracture, N,
Figure 13.5: Comparison of Coffin-Manson fatigue life curves of Sanicro 25 and Manaurite
XTM obtained at 700°C with other alloys tested at high temperatures. Data for HR3C, 316L
and Fe45Ni23Cr7W are taken from [158], [164] and [157].
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Figure 13.6: Comparison of Derived Wéhler fatigue life curves of Sanicro 25 and Manaurite

XTM obtained at 700°C with other alloys tested at high temperatures. Data for HR3C, 316L
and Fe45Ni23Cr7W are taken from [158], [164] and [157].

In Fig. 13.7, fatigue life curves of Sanicro 25, Manaurite XTM and other alloys cyclically
loaded at high temperatures are plotted as total strain amplitude versus number of cycles to
fracture. Interestingly, in this case the longest fatigue life is exhibited by HR3C alloy at
700°C.
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Figure 13.7: Comparison of fatigue life curves of Sanicro 25 and Manaurite XTM with other
alloys. Total strain amplitude versus number of cycles to fracture is plotted as (a) logarithmic
versus linear scale and as (b) logarithmic versus logarithmic scale micrographs. Data taken

from [158], [164], [157], [24].

Cyclic stress-strain curves in Fig. 13.8 demonstrate significant cyclic strength of Sanicro 25
relative to other alloys. For given constant plastic strain amplitude, to cyclically load Sanicro
25 the highest stress amplitude is needed. Similar performance is exhibited by HR3C and
Fe45Ni23Cr7W alloys. On contrary, cyclic stress-strain curve of Manaurite XTM is lying
well below on the similar level as curve of conventional 316L steel loaded at 600°C.
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Figure 13.8: Comparison of cyclic stress-strain curves of Sanicro 25 and Manaurite XTM
obtained at 700°C with other alloys tested at high temperatures. Data for HR3C, 316L and
Fe45Ni23Cr7W are taken from [158], [164] and [157].
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13.3 Cyclic response at room temperature

Cyclic hardening/softening curves of Sanicro 25 and Manaurite XTM loaded over a wide
interval of total strain amplitudes at room temperature are compared in Fig. 13.9. Stress
amplitude o3 is plotted vs. number of cycles N. Same scales were used for x and y axes in both
diagrams.
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Figure 13.9: Cyclic hardening/softening curves of Sanicro 25 and Manaurite XTM at room
temperature are compared. Stress amplitude o is plotted vs. number of cycles N. Applied
total strain amplitudes are given in the Figures.

Cyclic plastic behaviour of both alloys at room temperature is comparable, especially for high
strain amplitudes. After initial hardening period which is more significant for high strain
amplitudes, cyclic softening occurs with tendency to saturation into the stabilized cyclic
response. It is clear that in case of Sanicro 25, the softening is more distinctive than for
Manaurite XTM. Origin of the cyclic behaviour of both alloys is discussed as follows.

At room temperature, under cyclic loading with low strain amplitudes, the dislocation density
increases significantly. In structural alloys, easy cross-slip of dislocations is restricted and
their movement is limited to planar slip within one slip system only. As a result, dislocation
interaction becomes more complicated and more tangled structures are formed. Characteristic
initial hardening cyclic response of material occurs for both Sanicro 25 and Manaurite XTM.
Such a behaviour was thoroughly documented for example in case of conventional 316L
austenitic steel [16, 18]. Simple planar structures characteristic by pile-ups, stacking faults
and dislocation tangles were observed in both studied materials (see Figs. 10.1 and 11.2).
However, there are also some differences. In case of Sanicro 25, in the majority of grains
localized dislocation structure developed. High dislocation density thin bands reminiscent of
PSBs are separated by dislocation-free regions. These bands correspond well to PSMs
observed on the surface. It is known that PSBs are the main structural features that can
accommodate cyclic plastic deformation and they are usually observed in the form of ladder-
like structures in copper [59, 80-83], nickel [84] and 316L steels [16, 17, 59].

Sanicro 25 is a complex structural material with high content of Ni and Cr in the matrix and
alloyed with several other substitutional elements as W. When compared to simple metals, in
majority of observed cases, PSBs in Sanicro 25 have dislocation configuration different from
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the typical ladder-like structure. No distinctive walls or dislocation rich laths separated by
channels are found. They have character of thin localized bands of high dislocation density
where dislocation rich and dislocation poor areas could alternate randomly. Bands are
substantially thinner than the typical ladder-like structure what suggests much stronger
localization than in the case of simple metals. As noted in Section 2, the materials with high
stacking fault energies, e.g. aluminium (= 140 mJm™) or copper (= 78 mJm™), exhibit more
spatial dislocation arrangements then metals, e.g. silver (= 20 mJm™) or structural alloys with
low stacking fault energies.[36, 39, 41]

In the case of many austenitic stainless steels, the stacking fault energy was determined to be
relatively low. For example, stacking fault energy of conventional 316L austenitic steel was
reported to be even lower than 20 mJm™ [23, 97, 165]) implying large dissociation distance
between Shockley partial dislocations, thus preventing easy recombination and cross-gliding.
High-purity austenitic stainless steels with high Ni and Cr content comparable to Sanicro 25
alloy were recently studied by Lu et al. [23]. Depending on elemental content, they have
determined stacking fault energy to be about ~27 or ~35 mJm™. Bonny et al. [166] used
interatomic potentials for tertiary system FeNiCr to model stable stacking fault energy for
various combinations of Ni and Cr in the solid solution. For Ni/Cr ratio corresponding to
Sanicro 25, the stacking fault energy determined from the model is about ~25 mJm as shown
in Fig. 13.10.
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Figure 13.10: Stable stacking fault energy (mJm) as a function of composition obtained from
the interatomic potential. Assumed Sanicro 25 composition is marked by black dot. Taken
from Bonny et al. [166].

For complex highly-alloyed steel, these are rather high values, not very different from
conventional steel as mentioned 316-type. It is therefore suggested that the stacking fault
energy is not the main factor causing strong planarity of dislocation slip in Sanicro 25. There
are other important factors to be considered which can be playing a role in the slip
modification in FCC metals, such as short range ordering (SRO) of nitrogen and chromium
atoms, as was reported previously [132, 167, 168].
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Both planar character of dislocation slip and strong localization are probably one of the
reasons why dislocation configuration reminiscent of ladder-like structure is found only
exceptionally. The onset of this arrangement was observed at high strain amplitude at fracture
(see Fig. 10.7) or also at low strain amplitude (0.25%) in TEM lamellae prepared from the
surface grains of samples cycled only to 10% of the fatigue life as shown in Fig. 13.11 [169,
170].

At high strain amplitudes, secondary slip systems are activated. In most of grains of
Sanicro25, two or three slip systems are active what leads to significantly increased
dislocation density in comparison with low strain amplitudes. Similarly to conventional 316L
steel [18], this causes notable initial cyclic hardening (up to 20 or 30 cycles at the highest
strain amplitude). In further cyclic loading, dislocations move and annihilate by interacting
with opposite sign dislocations. As a consequence, the total dislocation density tends to reach
its equilibrium state and remains almost constant after achieving a maximum. Subsequently,
slip on the critical plane prevails leading to further localization on this plane. That is well
documented by observations presented in [115, 169, 170]. In contrast with the matrix, there
are no dislocations from the secondary slip systems present in PSBs, what suggests that at the
beginning of the loading, all systems were active, but later only one slip system prevailed.
This localization of plastic strain leads to so-called cyclic softening response of the material.
In case of Manaurite XTM, no strong evidence of plastic deformation localization, neither
formation of any complex dislocation structures, was found. That is the main reason, why
Manaurite XTM does not exhibit so significant cyclic softening behaviour as Sanicro 25.

(131) tracey
-—-—""—-—_

Figure 13.11: BF-STEM diffraction contrast image of the lamella extracted from the surface
of fatigued Sanicro 25 alloy. Specimen cycled with constant total strain amplitude 0.25% to
10000 cycles (~1/10 Nf) Detailed image shows the persistent slip marking consisting of
extrusion and intrusion and a crack starting from the tip of the intrusion. Dislocation
arrangement in the underlying persistent slip band is ladder-like, i.e. multipole configurations
of edge dislocations forming dislocation walls in PSB are separated by dislocation-free
channels. Taken from [116].
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Investigations of simple metals and then also structural materials as 316L steels [14, 16-18,
95, 96] showed that at sufficiently high plastic strain amplitudes the activation of secondary
slip systems facilitate the interactions between dislocations. Dislocations can form multi-pole
arrangements or they can annihilate. As a result of these reactions, the planar structures can
rearrange into configurations where the overall internal energy of the system will be lowered.
Such a low energy dislocation structures are veins, walls and channels and as a final stage of
recovery, dislocation cells. However, these spatial low energy structures are observed very
rarely in Sanicro 25, what is well in accordance with the overall strongly planar character of
dislocation slip documented in this alloy. Usually they are not so well developed like in
copper or 316L and even at high strain amplitudes they show distinctive planar character (see
Fig. 10.8).

Fraction of grains containing the characteristic types of dislocation structures observed in
Sanicro 25 is shown in Tab. 13.2. Our results are compared with 316L steel study made by
Obrtlik et al. [16]. For a given saturated plastic strain amplitude low energy spatial structures
are already formed in case of 316L steel while in Sanicro 25, planar arrangements still
strongly prevail.

316L Sanicro 25

€ap (%) 0.10 0.50 0.18 0.48
Low'dlslocatlon i i 10% i
density

Planar structures 5% - 90% 90%

Imperfect vein 68% ) i 504
structure
Wall/channel
structures
Equally oriented cells - 35% - -
Disoriented cells - 31% - -
Table 13.2: Fraction of grains containing the characteristic types of dislocation structures
observed in Sanicro 25 compared with 316L steel study made by Obrtlik et al. [16].

27% 34% - 5%

It is worthy to note that the experimental results are also in a good agreement with work
published by Polak and co-workers [137] who used a statistical-theory-based analysis of the
hysteresis loop shape to study the evolution of the cyclic plastic response of Sanicro 25. The
effective stress and the probability density function of the internal critical yield stresses of the
microvolumes as a function of number of cycles was evaluated. At the beginning of cyclic
loading, the early hysteresis loops were characterized by the presence of two peaks of
approximately same height in the second derivative. First peak corresponded to the fictive
stress 250 MPa and the other to 440 MPa in case of low strain amplitude and 630 MPa at high
strain amplitude. With increasing number of cycles, in the domain where material exhibits
saturation of cyclic stress, second peak diminished while the first peak increased and shifted
to the smaller fictive stress. As the localization of cyclic slip is promoted into the PSBs, the
first peak completely dominates. This statistical analysis documents that the microvolumes
with smaller internal critical stresses become more active what exactly corresponds to the
cyclic softening behavior of the alloy.
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13.4 Cyclic response at high temperature

Cyclic hardening/softening curves of Sanicro 25 and Manaurite XTM loaded over a wide
interval of total strain amplitudes at a temperature of 700°C are compared in Fig. 13.12. Stress
amplitude o3 is plotted vs. number of cycles N. Same scales were used for x and y axes in both
diagrams.

It is evident that the behaviour of both alloys is significantly different from that at room
temperature. At high temperature cyclic loading, they exhibit significant increase of cyclic
stress, i.e. cyclic strengthening. In case of Manaurite XTM, most notable increase of strength
is observed in the initial period of cycling, during first 20 to 100 cycles. Then there is a
tendency to reach saturated level of stress. Sanicro 25 shows even better properties. For
example, at the end of fatigue life the stress amplitude of 298 MPa needs to be applied to
produce total strain of 0.51% in Manaurite XTM, while in case of Sanicro 25 it is the stress
amplitude of almost 407 MPa. The cyclic strengthening of Sanicro 25 lasts for longer period
and is much more significant than in case of other similar alloys as was discussed in relation
to Figs. 13.5 and 13.7. In following chapters, the attention is focused on detailed explanation
of cyclic strengthening behaviour of Sanicro 25 alloy. The key acting mechanisms are then
discussed in relation to Manaurite XTM.
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Figure 13.12: Cyclic hardening/softening curves of Sanicro 25 and Manaurite XTM at
temperature 700°C are compared. Stress amplitude oa is plotted vs. number of cycles N.
Applied total strain amplitudes are given in the Figures.

Evolution of the hysteresis loop shape in Fig. 13.13a for total strain amplitude 0.7% illustrates
the significant increase of cyclic stress as a function of number of cycles. Cyclic strengthening
is also demonstrated in Fig. 13.13b where the increase of cyclic stress in four different stages
of fatigue life is plotted for all strain amplitudes. The increase of stress amplitude doa is
defined as the difference between magnitudes of the stress amplitude in a particular cycle N>1
and the first cycle N=1. It is apparent that cyclic strengthening is present during the whole
fatigue life in all tests of Sanicro 25 at 700°C. The higher the applied strain amplitude, the
more significant the increase of the cyclic stress is observed during the initial period of
cycling. With further cyclic loading, the tendency to reach saturation of the cyclic stress is
noticed, especially in the case of lower strain amplitude tested samples, i.e. samples tested for
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the highest number of cycles. Thermal exposure of specimens ranged from 153 to 6 hours for
the lowest and highest strain amplitude, respectively.
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Figure 13.13: (a) Evolution of the hysteresis loop shape with cycling at total strain amplitude
0.7% at 700°C. (b) Increase of stress amplitude with respect to the cyclic stress in the first
loading cycle in different stages of the fatigue life plotted for all strain amplitudes tested in
case of Sanicro 25 at 700°C.

Sanicro 25 exhibits extraordinary cyclic strengthening not only in the isothermal symmetrical
cyclic loading, but also in different modes of loading. In particular, it was observed during
isothermal cycling with 10 min dwell periods at 700°C (see Fig. 13.14a), and then also during
thermo-mechanical cyclic loading (TMF) in temperature interval of 250-700°C (see in-phase
TMF in Fig. 13.14b, and out-of-phase in Fig. 13.14c) as reported in [171, 172].
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Figure 13.14: Cyclic hardening/softening curves of Sanicro 25. (a) Cyclic loading with 10
min dwell period in tension at temperature 700°C. Thermo-mechanical fatigue cyclic loading
in range of temperatures from 250°C to 700°C. (b) In-phase loading. (c) Out-of-phase
loading. Taken from [171, 172].

Cyclic plastic response of Sanicro 25 loaded in total strain amplitude control at 700°C was
compared with conventional 316L austenitic steel loaded at 600°C (more details about the
material and testing can be found in [164]). Hardening/softening curves are plotted in Fig.
13.15 as stress amplitude oa versus number of cycles N. All tests were conducted until failure,
where the number of cycles at failure of the specimen is designated as Nr. In case of
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conventional 316L steel, after short initial hardening, saturated cyclic response prevails until
failure. On the contrary, Sanicro 25 exhibits an extraordinary increase of cyclic stress that
persists for a much longer fraction of the total fatigue life.
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Figure 13.15: Selected cyclic hardening curves of Sanicro 25 loaded in constant total strain
amplitude at temperature of 700°C compared with hardening/softening curves of
conventional 316L austenitic steel tested at 600°C. Stress amplitude versus number of cycles
is plotted.

Cyclic loading leads to significant change of the alloy microstructure. Thorough and detailed
studies of cyclic response of 316L steel in relation to observed dislocation substructures were
reported by Li et al. [95, 96], Obrtlik et al. [16], Kruml et al. [17] and Gerland et al. [133].
Fundamental work on the dislocation structure evolution was then accomplished by Pham et
al. [132]. With initial cyclic loading, dislocation sources are activated leading subsequently to
dramatic increase of dislocation density. At high temperatures, thermally activated and
diffusion-assisted effects are facilitated, so dislocations can climb and cross-slip. Increased
mutual dislocation-dislocation interactions suppress dislocation mobility and lead to initial
cyclic hardening. However, shortly after a rapid initial increase the total dislocation density
has a tendency to reach saturated equilibrium value in the very early stage of cyclic loading (a
few tens of cycles as shown in case of 316L in Fig. 13.15) [132]. Both at room and elevated
temperatures, dislocations tend to form arrangements with lower stored internal energy.
Mutual interaction of dislocation strain fields leads to dislocation annihilation or dipole
formation and are important for the recovery processes. Initially tangled dislocations
transform into veins and walls and channels. With further cyclic loading, sub-grain-type
cellular structures featuring boundaries that are made up of dislocation walls are formed.
Upon further recovery, dislocations in the cell interiors are annihilated and the internal stored
strain energy is significantly decreased leading to the softening of the material response to
external load (see schematic visualisation in Fig. 13.16).
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Figure 13.16: Schematic showing evolution of dislocation structure in conventional 316L
austenitic steel as a result of cyclic loading at high temperature. (a) Individual dislocations
and pile-ups are observed in initial state. (b) Dislocation tangles formed as a result of initial
cyclic loading. (c) Onset of recovery process where veins and walls and channels are formed.
(d) Cellular dislocation structure. (e) With further cyclic loading, dislocations in the cells
interior are annihilated. (d) Well developed sub-grain-type of cellular structure at the end of
recovery process. Image modified after T. Mayer [39].

Figure 13.17: Comparison of dislocation structures. (a) Well developed oriented cells formed
in conventional 316L steel after cyclic loading with total strain amplitude 0.6% at 600°C. (b)
Microstructure characteristic by homogeneous dislocation distribution with high density
observed in Sanicro 25 alloy after cyclic loading with total strain amplitude 0.5% at 700°C.

When oriented and disoriented cells are established, stabilized cyclic plastic response usually
prevails until the fracture. Dislocation structure observed in 316L steel after cyclic loading
with total strain amplitude of 0.6% at a temperature of 600°C (see Fig. 13.17a) is compared
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with dislocation structure found in Sanicro 25 loaded with total strain amplitude 0.5% at
700°C. (corresponding hardening/softening curves are shown in Fig. 13.15). While in case of
conventional 316L steel, well developed dislocation cells are observed as expected, in Sanicro
25 homogeneous dislocation structure with high density is found with no evidence of
recovery. In following chapter, the nanostructure origins of the mechanisms possibly affecting
mobility of dislocations in Sanicro 25 during cyclic loading so the recovery processes are
suppressed are summarized and discussed.

14. Nanostructure origins of the extraordinary cyclic strengthening of
Sanicro 25 at a temperature 700°C

Initial condition of the alloy, particularly the chemical composition and microstructural state,
determines mechanisms of deformation and corresponding overall mechanical response of
material under static and cyclic loading conditions. The present work has shown that a
specific combination of a high number and content of alloying elements in Sanicro 25 leads to
accelerated diffusion and precipitation effects resulting in the nucleation of two distinctive
populations of nanoparticles embedded in the matrix - particles rich in copper and nano-sized
NbC carbides. Both types of nanoprecipitates play essential roles in the unusual high
temperature cyclic behaviour that is not observed in the case of conventional stainless steels
(see Fig. 13.15).

14.1 Cu-rich particles

In the initial state, i.e. after annealing at 1200°C for 1 h and rapid cooling to room temperature
in air, no Cu-rich precipitates are present. All copper atoms are dissolved and homogeneously
dispersed in the austenitic matrix forming a supersaturated solid solution [135]. This state
does not correspond to the minimum of the free enthalpy. Since the diffusion rate at room
temperature is very low, the equilibrium arrangement cannot be achieved. However, when
exposed to an elevated temperature of 700°C, the diffusion of copper atoms is high enough to
facilitate nucleation of spherical Cu-rich cluster-type regions in the austenitic matrix thereby
allowing reaching the minimum of the enthalpy. As copper atoms segregate, matrix elements
diffuse away resulting in the formation of Cu-rich particles. In addition to the atom probe
tomography work of Chi et al. [142], the precipitation and coarsening behaviour of Cu-rich
nanoparticles was later studied by Bai et al. [21] and Ou et al. [22] in 18Cr-9Ni austenitic
steel (Super304H) at 650°C. Both studies state that the growth and coarsening behaviour of
the Cu-rich particles follows the diffusion-controlled Lifshitz-Slyozov-Wagner (LSW) theory
of Ostwald ripening. Two main factors are reported to dominate the growth kinetics: (1)
interfacial energy between the Cu-rich nanoparticles and the matrix and the (2) diffusion
coefficient of solute atoms.

Bai et al. used the Lifshitz-Slyozov equation and measured data at 650°C to evaluate the
interfacial energy. In the first approximation they used a diffusion factor and diffusion
activation energy of Cu in a simple y-Fe instead of that in the austenitic matrix and
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determined the diffusion coefficient of Cu in y-Fe as 1.961x10"Y" cm?/s and the interfacial
energy equal to 86 mJ/m?. In the second approximation, the austenitic matrix was considered
as a complex solid solution Fe-18Cr-9Ni-3Cu. The diffusion coefficient of Cu in this solid
solution was then calculated to 9.351x10" cm?/s and the interfacial energy to 17 mJ/m?. In
other work, Ou et al. [22] measured the average particle diameter as a function of time and
empirically determined the activation energy for the Cu-rich phase coarsening to be (21243)
kJ/mol. This is close to the activation energy of 254 kJ/mol for volume diffusion of copper in
the 18Ni-8Cr austenitic steel [22, 173], suggesting that the coarsening of Cu-rich precipitates
is controlled mainly by the volume diffusion of copper atoms in the austenitic matrix.

In accordance with the latter, both works report very slow growth rate for Cu-rich precipitates
in Super304H steel at 650°C. First, homogeneously dispersed small Cu-rich nanoparticles
with very high volume density nucleate. Their size is only about 3 nm after 5 hours of aging at
650°C, as documented by Chi et al. [142] and Jiang et al. [139]. At higher temperature
slightly larger particles can be observed, in good agreement with our results obtained for
Sanicro 25. After 6 hours at 700%, precipitates have an average diameter 4.9 nm, then after
23 hours they have an average diameter 7.4 nm and an average volume density
(1.1+0.4)x 10?2 m™3, As thermal exposure continues, Chi et al. reports that the volume density
of particles reaches saturation (within approximately 100 hours) and then significantly
decreases at the expense of their coarsening. That is also in a good agreement with our results
as was shown in Figs. 10.24 and 10.25. After 153 hours at 700°C, the volume density of Cu
particles decreased while their average diameter reached 13.1 nm. Once nucleated and
stabilized, the growth rate is slow. Remarkably, the size of the copper particles is reported to
be only about 35 nm even after 10,000 hours of aging at 650°C. Very small interfacial energy
along with small coherency strains imply that the driving force for further coarsening is small
as well.

14.2 Nb(C, N) particles

Sanicro 25 has a high content of Nb, along with interstitial C and N, relative to conventional
stainless steels. As reported by Sourmail [126], owing to high affinity of Nb for both
interstitial elements, having a sufficient amount of free Nb and C and/or N available in the
solid solution is one of the key prerequisites for possible nucleation of Nb(C,N) phase in the
austenitic steels at high temperatures. In Sanicro 25, no nitrogen was detected by EELS in
precipitate locations suggesting that it is mostly consumed by coarse Z-phase and therefore
the precipitated secondary nanoparticles are primarily NbC [135].

While there are no precipitates present in the initial state of the alloy, after aging at 700°C,
numerous NbC carbides are nucleated on individual dislocations. Poddar et al. [145] reported,
that because of large positive lattice misfit between the two crystal structures, the
precipitation of the NbC phase in the defect-free austenite matrix is extremely difficult.
According to Howe [50], two structures with mutually large lattice mismatch (6 > 0.25)
preventing good matching across the interface will have large interfacial energy significantly
dominated by the structural contribution. Such an incoherent structure can have interfacial
energy up to approximately 500-1000 mJ/m?. However, a large nucleation barrier can be
overcome by nucleation at lattice defects, where part of the strain energy can be released by
replacement of the dislocation line length and strain field with the precipitate nucleus. As a
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result, the mode of NDbC precipitation is profoundly affected by plastic deformation.
Depending on the deformation conditions, the overall characteristics of nanoprecipitates in
terms of their size and distribution can differ significantly.
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Figure 14.1: Evolution of average size of two populations of nanoparticles during cyclic
loading. Both Cu and Nb(C,N) precipitates maintain nano-scale character even after more
than 100 hours spent at 700°C.

The application of cyclic straining dramatically increases the dislocation density. With the
aide of thermally-enhanced cross-slip and climb, dislocations develop a homogeneous
distribution of tangled configurations, with very high density within all grains. During the
tension-compression cycling, the stress-strain state in each individual grain changes. As
cycling continues, subsets of the dislocation structure become mobilized and present potent
NbC nucleation sites. Provided a sufficient source of free Nb and C in the solid solution, the
time needed for the rapid nucleation of NbC is very short [145]. Carbon as a fast diffusion
interstitial element can segregate around dislocation cores and form Cottrell atmospheres
[174]. While ab-initio studies of Korzhavyi et al. [175] showed that C-based solute
atmospheres have negligible effect on solid solution strengthening in Sanicro 25, they do
significantly contribute to nucleation of NbC nanoprecipitates at dislocations by providing
sufficiently high content of free C in the vicinity of dislocation cores.

Not all of the existing particles are decorating dislocations as shown in Fig. 10.27a. Arrays of
NbC carbides approximately 5 nm in diameter are found heterogeneously dispersed with
locally varying number and volume density. This indicates that it is possible for dislocations
to break away from the NbC precipitates, leaving behind this non-uniform distribution of
nanoparticles demarking the former positions of the dislocation lines (see Fig 10.27a). That is
in agreement with work of Dutta et al. [176], who hypothesized that nucleation of Nb(C, N)
precipitates on dislocation nodes only eliminates the core energy of the dislocation over the

153



length of the particle diameter and therefore the dislocations are not strongly pinned at the
early stages of nucleation.
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Figure 14.2: Schematic visualisation of heterogeneous nucleation of dispersoid-like NbC
nanoprecipitates during cyclic loading and their effect on the cyclic strengthening behaviour.
(1) In the initial state, there are no precipitates. Edge dislocation A is immobile. (2) Material
is heated to the high temperature. Cu-rich nanoparticles (drawn as spheres in the image)
nucleate homogeneously in the matrix while nano-scale NbC (drawn as black squares in the
image) precipitate heterogeneously on the dislocation line. (3) Material is loaded cyclically,
stress-strain state in the grain changes and as a result the dislocation A is detached leaving
array of NbC particles behind. (4) As cyclic loading continues, stress-strain state in the grain
can change rapidly and dislocation can become immobile again presenting nucleation site for
another NbC to precipitate. In (5), the whole process repeats and the dislocation A is
detached again moving away, while dislocation B is moving towards array of NbC
precipitates nucleated in (2). In (6), dislocation B interacts with the array of precipitates,
overcomes them by climb but is pinned by them at the exit side of the particles. Extra
detachment stress is needed to mobilise dislocation B again.

Interestingly, the particles found in non-uniform distributions are notably smaller than
precipitates decorating completely pinned dislocation lines suggesting that once detached
from dislocations, they do not coarsen significantly, at least over the time-scales of the fatigue
experiments. Dutta et al. [176] studied kinetics of heterogeneous nucleation of Nb(C, N)
carbonitrides on dislocations in austenite and found out that the coarsening mechanism is
governed by accelerated pipe diffusion of Nb atoms along the dislocation cores. At 700°C,
volume diffusion rate of interstitial C through the lattice is high. However, to provide
sufficient supply of Nb atoms to the location of nucleated precipitate to support further
coarsening, dislocation cores are needed for accelerated pipe diffusion to be in operation. It
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has been calculated by Dutta et al. [176] that the volume diffusion rate of Nb is approximately
by one magnitude slower, than accelerated pipe diffusion through dislocation cores. So, if
dislocation on which precipitate nucleates is detaches under cyclic stress, the precipitates do
not grow significantly and dispersoid-like arrangement of nanoscale NbC particles is
maintained for long period. That is demonstrated in Fig. 14.1 where evolution of size of the
NbC precipitates with the time spent at 700°C during the cyclic loading is plotted along with
the results obtained for Cu nanoparticles. NbC precipitates maintain nano-scale characteristics
for long period of time.
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Figure 14.3: LAADF-STEM image obtained along [011] zone axis with enhanced strain
contrast (a large camera length 230 mm was used) showing two NbC particles (marked by
black arrows) pinning 4[011] edge dislocation. A distinctive bowing of the dislocation line
between the particles is noted.

Once mobilized, the dislocations will nonetheless experience an increasingly dense array of
precipitates that retards their motion and makes likely the subsequent arrest and additional
heterogeneous nucleation of additional NbC particles along the dislocation lines. It is possible
that this process could repeat numerous times, on an individual dislocation basis, and lead to
continually increasing density of NbC obstacles in the microstructure as a function of cyclic
loading. The whole mechanism is schematically visualised in Fig. 14.2. Experimental
observation of '[011] edge dislocation pinned by two NbC precipitates is shown in Fig. 14.3.

14.3 High temperature cyclic strengthening

In each cycle, the overall yield stress can be determined by several components. First, grain
boundary strengthening should be considered. The average grain size of the Sanicro 25 is 60
um. Since this grains size is relatively large, then, according to the Hall-Petch equation (3.47),
grain effects can be considered as negligibly small. As next, the stress corresponding to the
lattice friction should be considered. This contribution usually plays an important role at room
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temperatures but should be negligible at a temperature of 700°C. On the other hand, the
mutual interaction of solid solution and precipitation strengthening with forest dislocation
hardening, appear to play a fundamental role in the high-temperature cyclic loading. While
much more detailed quantitative description of the interaction of dislocations with both Cu-
and Nb-rich nanoparticles is needed, the approximate approach is used here for the
preliminary discussion of the alloy cyclic strengthening mechanism.

Korzhavyi and Sandstom [175] used first-principles calculations for evaluation of the
contribution of W, Nb, Cu and also C and N to the solid solution hardening. Their model,
based on work from Hirth and Lothe [174], determined the effect of solute clouds created
around dislocations and slowing down their motion. While the contribution of fast diffusion
interstitials C and N 1is negligible at 700°C in Sanicro 25, substitutional W can lead to
significant solid solution strengthening with an increase of the yield strength by up to 27 MPa
[175]. Using the Taylor relationship [177] between uniaxial yield strength and the resolved
shear stress in a polycrystal, Aoy = Tr.Azs with Taylor factor Tr = 3.06 determined for FCC
crystals [177], an increase of the flow stress as a result of solid solution strengthening by W,
Atssw can be estimated and is approximately 9 MPa.

Cu-rich nanoparticles are small, coherent with cube-on-cube orientation relationship relative
to the matrix, and finely-dispersed with high volume density. Gliding dislocations shear them
rather than bypass them as reported previously by Ou et al. [22]. Fine and Isheim [178]
documented that as a simplified first approximation, the precipitation strengthening can be
related to the force F acting on the appropriate dislocation segment of length L needed to
shear the precipitate by a distance of one Burgers vector b:, i.e. equation (3.11).

The applied stress is increased until shearing takes place. This determines Az, the increase in
flow stress due to the precipitates. The dislocation moves through the precipitate in steps of b,
where each step has a different F value. The maximum value of F then determines the flow
stress Az. This approach is the basis for the general Friedel-Brown-Ham equation [53, 179] for
weak precipitates that are sheared rather than bypassed:

2 Fip\3/2
where Fn is again the maximum restraining force acting on the dislocation and T is the
dislocation line tension usually approximated as ' (Gb?). As described by Fine and Isheim
[178], the derivation of equation (14.1) starts with a force balance between the dislocation line
tension and the force necessary to shear the precipitate Fm, when the angle of bend of the
dislocation impinged on the precipitate is at its critical breaking value.

Ou et al. [22] reported that for Cu-particles in FCC matrix the shear stress increment due to
the shearing process, Az, comes from four main components: (1) Coherency strengthening as a
result of the lattice misfit stresses, (1) chemical strengthening coming from the atomic bond
switching when a dislocation shears a precipitate, (I11) strengthening due to the difference in
stacking fault energies in precipitate and matrix and (IV) strengthening as a result of the
different shear modulus of the particle relative to the matrix. It is worthy of note that for Cu-
particles in BCC matrix, the governing mechanism of strengthening is dislocation core—
precipitate interaction as studied by Fine and Isheim [178]. In this work, only coherency
strengthening is considered, as the contribution of other mechanisms to the shear yield stress
increase was reported to be negligibly small [22]. Derived from the equation (14.1), the shear
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yield stress due to coherency strain can be expressed by the equation (3.25), where k = 3 for
edge dislocation. The modified Brown and Ham formula can be written as [53]:

1/2
Do = 41Ge¥2 (12 (£) 7, (14.2)

where the coherency strain ¢ is given by equation (3.22) [22]. The bulk modulus B of the Cu-
rich precipitate is 144.4 GPa [22], Young’s modulus E of the austenitic matrix is 198 GPa,
shear modulus G of the austenitic matrix is 76.7 GPa and Poisson’s ratio v is 0.29 [136]. The
Burgers vector b of a/2<110> dislocations is 0.255 nm. The lattice misfit 6 of the Cu-rich
particle and the matrix is 0.22%. Calculation is done with the particle parameters obtained for
the sample tested with strain amplitude 0.27%. The volume fraction of the precipitates is
calculated as f = 27°Ns/3, where Ns is the surface areal density of 3.2x10* m2. When
substituted into equation (14.2), the shear stress Azcon for the coherent Cu-rich particles of
diameter varying from 4.6 to 15 nm can be estimated to be in the range from 4 to 8 MPa.

Figure 14.4: LAADF-STEM diffraction contrast image obtained along [001] zone axis with a
large camera length 230 mm emphasizing strain contrast and showing deformation
microstructure in specimen loaded with total strain amplitude 0.2% at 700°C. (a) Dispersion
of numerous Nb(C,N) nano-precipitates is observed along with dislocations. (b) Detail is
showing attractive pinning interaction of nano-precipitates with dislocation, which is
attached at the exit side of the particles.

NbC nanoparticles are non-shearable. Moreover, being of large lattice misfit with semi-
coherent character and in aggregated configurations, they are difficult to be overcome by
dislocations even when climb by-pass is active at high temperature. It has been observed that
the dislocations attach at the departure side of the particles (see Figs. 14.3 and 14.4b). In other
words, a small length of dislocation line is trapped at the interface and unable to glide away.
The dislocations also show some evidence of bowing, further suggesting that they are indeed
attached to the “exit side” of NbC nanoparticles. This is similar to observations of dislocation
interactions with incoherent dispersoids in oxide dispersion strengthened alloys [2, 3, 180]. As
noted earlier, Rosler and Arzt [2, 3] developed a model based on the key idea that dislocations
more commonly reside in attractive traps because the dislocation line reduces its energy by
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lying at the interface between the matrix and an incoherent dispersoid. The attractive
interaction causes a threshold stress zq, which must be exceeded in order to detach the
dislocation from the particle after climb is completed (see Eq. (3.44) [2]. According to Arzt
and Wilkinson [2], only a very modest attractive interaction between dislocations and
particles is required in order for dislocation detachment to become the strength-controlling
process. Considering an array of NbC particles as an incoherent dispersoid, Eq. (3.44) can be
used to estimate the dislocation detachment threshold stress zq. Calculating for an average
particle radius of 2.55 nm and the highest local estimated particle volume density of 4.9 x10%
m3, the threshold stress zq can reach up to 20 MPa for minimum possible attractive interaction
(expressed by k = 0.94 [2]) and up to 50 MPa for maximum attractive interaction (k = 1). As
the detachment stress is function of 1/, it can go even higher if the density of NbC
nanoparticles is increased during cycling.
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Figure 14.5: (a) Taylor dislocation forest strengthening. Flow stress traylor 1S plotted as a
function of dislocation density p. Experimentally estimated dislocation densities in initial state
and after loading with strain amplitudes 0.2 and 0.7% are marked in the graph (see Chapter
10.2.1). (b) Comparison of increase of shear stress due to different strengthening mechanisms
present during cyclic loading.

In accord with experimental results, it can be assumed that the dislocations are completely
randomly distributed within the grains. In this case, the interaction of glide and forest
dislocations should be well-approximated by the Taylor work-hardening relationship between
dislocation density p and flow stress zrayior in @ single crystal, i.e. by equation (3.46) [55]. In
Fig. 14.5a, Eq. (3.46) is plotted and correlated to the experimentally obtained estimates of
dislocation densities for strain amplitudes 0.2 and 0.7% (see Chapter 10.2.1). As shown in
Fig. 14.5b, it is evident that the increase of flow stress as a result of dislocation forest
strengthening is much more significant than is the increase of shear stress caused by other
strengthening mechanisms. However, the precipitates and the solutes retard dislocation
motion sufficiently so that the normal recovery processes and cell substructure development
are suppressed. As a result, the microstructural state is characterized by enhanced dislocation-
dislocation interactions leading subsequently to extraordinary cyclic strength at high
temperature.

It is worthy to note that these experimental results are fully in accord with previous work from
Polak and co-workers [137] who used a statistical-theory-based analysis of the hysteresis loop
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shape to study the evolution of the cyclic plastic response of Sanicro 25 at high temperature.
They evaluated the effective stress and the probability density function of the internal critical
yield stresses of the microvolumes as a function of number of cycles. With increasing number
of cycles, the effective stress almost doubled relative to the initial state suggesting the
obstacles which can be overcome by thermal activation, e.g. precipitates, became present in
the bulk. Moreover, the probability density function peak diminished, became wider, and
shifted to much higher critical internal yield stresses. This is in a very good correlation with
microstructural observations, where homogeneous dislocation arrangement with high density,
combined with a dispersion of pinning nanoparticles, represents the microvolume with
heavily retarded dislocation mobility.

15. High temperature cyclic strength — Sanicro 25 versus Manaurite XTM

Novel alloy with trade name Sandvik Sanicro 25 is one of the most recent representatives of
heat-resistant materials based on face-centered cubic solid solution matrix designed for high
temperature applications. It has been shown that when compared with other alloys within the
class, Sanicro 25 exhibits the best strengthening properties at high temperatures. This work
described, that during cyclic loading at a temperature of 700°C, the strength of this material is
determined by nucleation of two populations of nanoparticles subsequently heavily affecting
dislocations mobility thus leading to notable suppression of usual recovery processes.
Identification of precipitation strengthening as the key mechanism suggests that from the
perspective of alloy design, absolutely essential is sensitive and properly set alloying leading
to precipitation of high density dispersion of nanoparticles which are small and stable for long
time with further exposure at high temperatures. On the other hand, precipitation of other
detrimental phases has to be suppressed. Current study of high temperature performance of
Sanicro 25 proofs that the alloy based on Fe-25Ni-22.5Cr matrix alloyed with 0.5 wt% of Nb,
3 wt% of Cu, 0.23 wt% of N and up to 0.1 wt% of C can provide desired properties.

Manaurite XTM is a commercial centrifugally casted alloy designed as a construction
material in ethylene cracking furnaces. While it was designed mainly to resist creep or creep-
fatigue damage at temperatures close to 1000°C, in this work it served as a comparison
material for study and discussion of mechanisms governing high temperature cyclic
strengthening. When compared to Sanicro 25, austenitic matrix of Manaurite XTM contains
much higher levels of Ni and Cr, added presumably for improvement of oxidation and
carburization resistance. Also, it has four times higher content of interstitial carbon, but no
nitrogen. Similarly to Sanicro 25, also Manaurite XTM is alloyed with Nb with content
ranging from 0.5 to 1.0 wt%. While it can be alloyed also with copper, it is only up to 0.25
wt%, what are, according to literature [22, 142], too low levels to cause Cu-rich nanoparticles
nucleation in austenitic matrix. These slight differences in alloying and overall design of the
alloy lead to dramatically different high temperature performance connected with different
microstructural changes. While in Sanicro 25, major secondary precipitates nucleated are
dispersions of Cu-rich and Nb(C,N) nanoparticles, in Manaurite XTM none of these phases
are observed. Experimental work has revealed that the main secondary precipitate is M23Cs
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type of carbide rich in Cr, Si and Mn. This phase is observed also in Sanicro 25, but is found
mostly at the grain boundaries. If they are eventually nucleated within the bulk of the grain,
they are much smaller than in case of Manaurite XTM, even for much longer thermal
exposure times. It seems that high chromium content combined with high content of
interstitial carbon substantially facilitates preferential nucleation of M23Ce phase, at the
expense of other possible phases, including MX. According to Sourmail [126], M23Cs
carbides are reported to have much higher coarsening and growth rate than other phases in
austenite. Therefore, in the early stages of the nucleation and growth, M23Cs carbides can
contribute to some high temperature cyclic strengthening of Manaurite XTM. However, as
they overcome the critical size and the Orowan bowing becomes the governing mechanism of
particle-dislocation interaction, their strengthening effect rapidly diminishes with further
coarsening and growth.

To conclude, at high temperature the initial increase of dislocation density along with rapid
nucleation of M23Cs carbides presenting effective obstacles to dislocation motion leads to
some level of cyclic strengthening of Manaurite XTM during first few cycles. However, soon
the equilibrium dislocation density is reached in the grains and with further coarsening of
particles, their contribution to the overall flow stress diminishes. The cyclic plastic response
saturates at much lower levels that in case of Sanicro 25.
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VII. CONCLUSIONS

Experimental study of low cycle behavior of two advanced alloys based on Fe-Ni-Cr matrix
tested both at room temperature and at a temperature of 700°C led to the following
conclusions:

SANICRO 25

e After solution annealing, i.e. in the initial state of material, the only observed primary
precipitates are the particles of Z-phase rich in Nb, Cr and N. Precipitates of about 100
nm in diameter found within grain interior and also at grain boundaries are the most
frequent. No other phases were found.

e In room temperature cycling, cyclic plastic deformation is localized into the dislocation
rich bands corresponding to PSMs observed on the surface. In most cases, the bands have
irregular dislocation arrangement different from the typical ladder-like structure. No
distinctive wall and channel arrangements are usually found, but they have character of
alternating dislocation rich and dislocation poor areas. Character of dislocation slip is
strongly planar. At low strain amplitudes, plastic strain localization leads to initial cyclic
softening subsequently followed by saturation. At high strain amplitudes, before cyclic
softening, also notable initial cyclic hardening is present due to secondary slip systems
activation.

e Spatial low energy dislocation structures like veins, ladders or walls alternating with
channels were observed very rarely even at very high strain amplitudes. Planar character
of slip prevails also in these dislocation arrangements. No cellular structures were found
at all at room temperature cycling.

e Coffin-Manson and also derived Wohler curves at 700°C are substantially shifted to
lower fatigue lives relative to those at room temperature. On the other hand, cyclic stress-
strain curve at 700°C lies well above that at room temperature. This is related to an
extraordinary cyclic strengthening of the alloy at high temperatures.

e Cu-rich nanoparticles precipitate homogeneously with high number density in the matrix
as a result of elevated temperature. They have face-centered cubic crystal structure and
are coherent with the austenitic matrix with a positive lattice misfit of only 0.22%.

e Supported by sufficient content of Nb and interstitial C available in solid solution,
elevated temperature along with the high dislocation density facilitates the rapid
nucleation of nano-scale NbC carbides only on dislocations. Larger particles are found
along dislocation lines, smaller precipitates in aggregated groups from which dislocations
have apparently detached as a result of cyclic stress.

e Under concurrent cyclic loading, the NbC nanoparticles can become liberated from
dislocations - it is possible that this process could repeat numerous times, on an
individual dislocation basis, and lead to continually increasing density of NbC obstacles
in the microstructure as a function of cyclic loading.
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Experimentally obtained and simulated Moiré-like contrast under HAADF-STEM
conditions confirms cube-on-cube orientation and the incoherent or semi-coherent nature
of the NbC nanoparticles relative to the austenite matrix.

Enhanced at high temperature, cross-slip and climb lead to a remarkably homogeneous
dislocation structure with high dislocation density. A dense volume dispersion of
coherent Cu-rich nanoparticles, and rising number of incoherent/semi-coherent NbC
carbides, supported also by presence of W in solid solution, result in significant
retardation of dislocation motion. Since dislocation mobility is affected, no low-energy
dislocation structures are formed, supressing normal recovery processes. This
microstructural state is characterized by significant dislocation-dislocation interactions as
described by the Taylor equation for forest strengthening. As a consequence, Sanicro 25
exhibits extraordinary cyclic hardening leading to the remarkably high saturated cyclic
stress at 700°C.

MANAURITE XTM

In the as-cast state, the Manaurite XTM has dendritic structure composed of austenitic
matrix and interdendritic regions containing eutectic primary carbides of M7Cz and M23Ce
type rich in Cr and MC type rich in Nb. Grains are columnar and have size up to several
milimeters.

In room temperature cycling, mostly simple planar slip of individual dislocations is
observed in the austenitic matrix. Dislocation density is higher in the vicinity of primary
eutectic carbides or at the grain boundaries at 700°C lies. No signs of cyclic slip
localization are observed, neither evidence of low energy dislocation structures
formation. After initial increase of dislocation density leading to work hardening, cyclic
plastic behavior of Manaurite XTM at room temperature is characterized by saturated
response.

Coffin-Manson and also derived Wohler curves at 700°C are shifted to lower fatigue lives
relative to those at room temperature. This is same also in case of cyclic stress-strain
curve, which lies well below that at room temperature.

Owing to very high Cr content combined with high amount of C, major secondary
precipitate to rapidly nucleate in Manaurite XTM during cyclic loading at 700°C is M23Cs
carbide rich in Cr, Si and Mn. Even after very short aging times, they are already
relatively large. In contrast to Sanicro 25, they are found in numerous aggregated
configurations in the bulk of the grains or nucleated at immobile dislocations. On the
other hand, no stable nano-scale precipitates are found in the matrix.

At the onset of nucleation, M23Cs carbides can present obstacle to dislocation movement
thus contributing to the increase of high temperature strength within a few first cycles as
observed on hardening/softening curves. However, with their rapid coarsening, as they
become too large with large average distance between them, their strengthening role
diminishes and cyclic plastic response has tendency to saturation.
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IX. LIST OF ABBREVIATIONS / SYMBOLS

Abbreviations

ADF — annular dark field

APB — anti-phase boundary

APT — atom-probe tomography

A-USC — advanced ultra-super critical

BCC — body-centered cubic

BF — bright field

CRSS - critical resolved shear stress

CSL — coincidence site lattice

CSSC - cyclic stress-strain curve

CTEM - conventional transmission electron microscopy
DCFI — drift correction frame integration
DCI — diffraction contrast imaging

EBSD - electron backscatter diffraction

EDS — energy dispersion X-ray spectroscopy
EELS — electron energy-loss spectroscopy
FCC — face-centered cubic

FEG — field emission gun

FFT — fast Fourier transformation

FIB — focused ion beam

HAADF — high-angle annular dark-field
HAGB - high-angle grain boundary

HCP — hexagonal close-packed

HEA — high-entropy alloy

HRTEM - high resolution transmission electron microscopy
LAADF — low-angle annular dark-field
LAGB — low-angle grain boundary

LCF — low cycle fatigue

ODS - oxide dispersion strengthened
PACBED - position averaged convergent beam electron diffraction
PSB — persistent slip band

PSM — persistent slip marking

QEP — quantum excitation of photons
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SAD/SAED - selected area electron diffraction

SC — super-critical

SEM - scanning electron microscopy

SF — Schmid factor

SFE — stacking fault energy

STEM - scanning transmission electron microscopy
TEM — transmission electron microscopy

TMF — thermo-mechanical fatigue

Symbols

t — translation vector

a, b, c — non-complanar vectors (primitive vectors)

u, v, w — integers

a, b, ¢, a, B, y— lattice parameters

g —reciprocal lattice vector

a* b*, c* —basic vectors in reciprocal space

h k I - Miller indices

dnis — interplanar spacing

T — shear stress

G — shear modulus

b — spacing between atoms in the direction of the shear stress
a — spacing of the rows of atoms

x — shear translation of the two rows away from the low-energy position of stable equilibrium
Tt» — theoretical critical shear stress

I —dislocation line vector

b — Burgers vector

p— dislocation density

V —volume

I - line length

E — strain energy

ro — dislocation core radius

R — crystal radius

¥ — misorientation angle

h — distance between boundary dislocations

2 — degree of fit between the structures of two crystallites

180



T — temperature

Tm — melting temperature

o —tensile stress

F —applied force

A —area

Ao — cross sectional area

A — angle between F and slip direction b
n —normal vector to the slip plane

¢ — angle between F and n

F.—tensile force required to start slip of the dislocation
Tc — critical resolved shear stress

m — Schmid factor

yser — Stacking fault energy

dsre — equilibrium distance between two partial dislocations
T * —applied resolved shear stress

K — resisting force

AF * — Helmholtz free energy change

V x —activation volume

AG * — Gibbs free energy change

k- Boltzmann factor

d — lattice parameter misfit

D —spacing of misfit dislocations

T —dislocation line tension force

L — obstacle spacing

E — Young modulus of elasticity
f—volume fraction of the particles

oy — Yield stress

ky — strengthening coefficient

€a — total tensile strain amplitude

€ap — plastic tensile strain amplitude

o2 — tensile stress amplitude

V1 — hysteresis loop shape parameter

W — hysteresis loop area, specific energy dissipated in a material within one cycle
AK — range of stress intensity factor

N —number of cycles
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Ns—number of cycles to fracture
K’ — fatigue hardening coefficient
n’ — fatigue hardening exponent
¢'r — fatigue ductility coefficient
¢ — fatigue ductility exponent
o’¢— fatigue strength coefficient
b — fatigue strength exponent
Roo.2, Rpo.02 — Yield stress defined at engineering strain equal to 0.2% and 0.02% respectively
of — ultimate tensile strength

&r — total fracture strain

B — beam vector direction

A —electron mean free path

Tf— Taylor factor

B — bulk modulus of elasticity
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