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Abstract: Advanced highly-alloyed austenitic stainless steel Sanicro 25 based on Fe-
N i - C r matrix was studied under the conditions of low cycle fatigue at room temperature 
and at elevated temperature of 700 °C. Several state-of-the-art experimental techniques 
were used to investigate the mutual effects of alloy composition, microstructural changes 
and deformation mechanisms, which determine the overall damage resistance of the 
material. The main effort has been focused on the fatigue crack initiation and the short 
crack growth, two stages which play an essential role in the resulting fatigue life of the 
material in the service. 

• The internal deformation mechanisms were correlated with the evolution of the 
surface relief in the form of persistent slip markings. It was found that the high 
planar character of the dislocation slip causes the high cyclic plastic strain 
localization into the persistent slip bands and thus the early Stage I crack nucleation 
associated with the presence of the persistent slip markings in all studied samples. 
The twin boundary cracking was found to be related to the presence of the persistent 
slip marking along the surface trace of twin boundary as well. 

• The intergranular crack initiation was observed only rarely at high strain amplitude 
loading. It was found to be related to the presence of the persistent slip markings at 
the grain boundary. Owing to high number of local incompatibilities at the grain 
boundary caused by the shape of the persistent slip markings the grain boundary 
cracks under the external tensile loading. 

• The crack growth mechanisms of natural short cracks were studied on the samples 
subjected both to low and high strain amplitude cycling. The role of microstructure 
was analysed using experimental techniques and discussed. 

• The crack growth rates of the longest cracks were measured on the samples with a 
shallow notch. The results were analysed using the fracture mechanics approaches 
based both on amplitude of Ki and of ./-integral as well as on the plastic strain 
amplitude. A l l approaches were discussed in the relation to the Manson-Coffin 
fatigue life curve. The simple power law of the short crack growth based on the 
plastic strain amplitude shows very good correlation to the fatigue life law. 

• In the case of cycling at elevated temperature the role of oxidation was studied. The 
brittle cracking of the oxidized grain boundaries was found to play a major role in 
the early stages of crack nucleation. Later the crack growth path changes to be 
preferentially transgranular. The crack growth path is very similar to that studied 
in room temperature cycling. 

Key words." low cycle fatigue, austenitic stainless steel, damage mechanisms, fatigue 
crack initiation, PSBs, PSMs , natural short crack growth, fracture mechanics, short crack 
growth law, fatigue life, high temperature oxidation, S E M , E B S D , S T E M 
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Abstrakt: Pokročilá vysoce legovaná austenitická nerezová ocel Sanicro 25 s Fe -Ni -
Cr matricí byla studována za podmínek nízkocyklové únavy za pokojové a vysoké teploty 
700 °C. Široká škála moderních experimentálních technik byla použita ke studiu vzájemně 
souvisejících efektů chemického složení slitiny, mikrostrukturních změn a deformačních 
mechanismů, které určují odolnost materiálu vůči poškození. Hlavní úsilí bylo zaměřeno 
na studium iniciace únavových trhlin a růstu krátkých trhlin, tedy dvě stádia, která hrají 
zásadní roli ve výsledné celkové délce únavového života materiálu v provozu. 

* Vnitřní deformační mechanismy byly korelovány s vývojem povrchového reliéfu, 
který je pozorován ve formě persistentních skluzových stop na povrchu. By lo 
zjištěno, že vysoce planární charakter dislokačního skluzu způsobuje vysokou 
lokalizaci cyklické plastické deformace do persistentních skluzových pásů, což v 
důsledku vede k nukleaci "Stage I" trhlin, která je spojena s přítomností 
persistentních skluzových stop na povrchu ve všech studovaných vzorcích. By lo 
zjištěno, že praskání dvojčatových hraníc je taktéž spojeno s přítomností 
persistentních skluzových stop podél povrchové stopy dvojčatové roviny. 

* Interkrystalická iniciace únavové trhliny byla pozorována pouze zřídka, a to za 
podmínek zatěžování amplitudami vysoké deformace. By lo zjištěno že 
interkrystalická iniciace je spojena s přítomností persistentních skluzových stop na 
hranicích zrn. Hranice zrn praskají za podmínek externího tahového zatížení 
zejména z důvodu vysokého počtu nekompatibilit na hranicích zrn, které jsou 
způsobené tvarem persistentních skluzových stop. 

* Mechanismy růstu přirozených krátkých trhlin byly studovány na vzorcích 
vystavených nízkocyklové únava s nízkou i vysokou deformací. Role 
mikrostruktury byla analyzována pomocí experimentálních technik a diskutována. 

* Rychlosti šíření nejdelších trhlin byly měřeny na vzorcích s mělkým vrubem. 
Výsledky byly analyzovány použitím přístupů lomové mechaniky založených na 
amplitudě Kí a J-integrálu stejně jako na amplitudě plastické deformace. Všechny 
přístupy byly diskutovány v souvislosti s Mansonovými-Coffinovými křivkami 
únavové životnosti. Jednoduchý mocninový zákon růstu krátkých trhlin založený 
na amplitudě plastické deformace ukazuje velice dobrou korelaci se zákonem 
únavové životnosti. 

* By la studována role oxidace v podmínkách cyklického zatěžování za vysokých 
teplot. By lo zjištěno, že křehké praskání zoxidovaných hranic zrn hraje hlavní roli 
v počátečních stádiích nukleace trhlin. Později po iniciaci se dráha růstu trhliny 
mění preferenčně na transkrystalickou. Dráha šíření trhlin je velmi podobná dráze 
zjištěné při cyklování za pokojové teploty. 

K l í č o v á S l o v a . " nízkocyklová únava, austenitická nerezová ocel, mechanismy 
poškození, iniciace únavové trhliny, persistentní skluzové pásy (PSBs), persistentní 
skluzové stopy (PSMs), růst přirozených krátkých trhlin, lomová mechanika, zákon růstu 
krátkých trhlin, únavový život, oxidace za vysokých teplot, rastrovací elektronová 
mikroskopie (SEM), E B S D , rastrovací transmisní elektronová mikroskopie ( S T E M ) 
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I. INTRODUCTION 

The demands on the increase of the material properties from the site of the industry force 
the materials research highly forward. In the case of new generation of coal-fired power 
plants the increase of the material properties such as creep strength, high-temperature 
strength and high-temperature corrosion resistance are essential material features leading 
to the increase of the power plant heat efficiency higher than 50 %. Moreover, the 
environmental impact in the form of carbon dioxide generated by combustion processes 
can be decrease by more than 15 % compared with modern power plants [1]. Such a 
material can be newly developed austenitic stainless Sanicro 25 steel. It is advanced high 
strength heat-resistant material primarily designed for service in high temperature corrosive 
environments [1]. However, based on its excellent properties, there is an expectation for its 
wider utilization also in other industrial applications. 

During the service conditions variable forces or rapidly changing temperatures lead to the 
production of alternating stresses and strains, preferably in critical locations. Repeated 
alternating stresses introduce fatigue damage and lead to initiation of fatigue cracks, their 
propagation, and fracture. Due to service conditions, both high and room temperature 
fatigue can result in failure of structural components. Therefore, not only the deformation 
mechanisms taking place during the cyclic loading but also the detailed knowledge of the 
damage evolution leading to final fracture is useful in preventing catastrophic failures. The 
knowledge of the weaknesses of the material can help to its future improvement. 

Numerous studies of the fatigue process in materials revealed [2] principal stages in the 
fatigue life, initiation of fatigue cracks and their propagation. In elastoplastic cyclic loading 
resulting in low cycle fatigue failure, the highest importance represents the initiation of 
fatigue cracks and growth of short cracks because they determine the fatigue life. The early 
study of fatigue crack initiation started in the beginning of the last century (see the 
pioneering work of Ewing and Humfrey [3]), but the intensive study of both crack initiation 
and short crack growth in a number of polycrystalline materials with the aim to document 
the advancement of fatigue damage and damaging mechanisms started much later (see the 
review [4; 5]). 

Complex conditions in real service need thorough studies of deformation and damage 
mechanisms during both unidirectional and cyclic loading. The microstructural features 
that lead to the cyclic strain localization and the initiation of fatigue cracks at room 
temperature and at elevated service temperature differ significantly [6]. A t high 
temperatures, the early fatigue damage is not only affected by the type of loading [7; 8], 
but also by the environmental effects causing grain boundary oxidation and cracking [9; 
10]. 

The purpose of this work is to reveal the details of the low-cycle fatigue crack initiation 
and natural short crack growth both at room temperature and at a temperature of 700°C in 
Sanicro 25 and to provide the insights into the mechanisms determining the fatigue life of 
this austenitic steel. Advanced experimental tools are used to investigate the 
microstructural changes leading to the early stages of fatigue crack initiation and growth. 
The results are discussed in relation to the proposed models of fatigue crack initiation and 
estimation of residual fatigue life. The role of high temperature is discussed in relation to 
the overall fatigue life of the alloy. 
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II. AIMS OF THE WORK 

This thesis is focused on the fatigue damage mechanisms taking place during the low cycle 
fatigue of recently developed austenitic stainless Sanicro 25 steel used in power generation 
industry. The damage mechanisms are studied during cyclic straining at both room and 
elevated temperatures. Special emphasis is put on the investigation of the fatigue crack 
initiation since in the low cycle fatigue regime the fatigue crack initiation period represents 
the important stage of the fatigue life. The parameters describing the short crack growth 
were evaluated for the samples cycled at room temperature. Several minor goals were 
specified to be accomplished within the study as listed below: 

• Characterization of the initial state of the material. 

• The analysis of the fatigue crack initiation taking place at both ambient and elevated 
temperatures. Discuss the role of the environment in the crack nucleation 
mechanism. 

• The investigation of the crack initiation sites leading to the growth of the major 
cracks. Discuss the microstructural changes of the material due to the cyclic loading 
in relation to the early stages of the crack nucleation. 

• Study of the short crack growth mechanisms in the material subjected to loading at 
room temperature as well as at elevated temperature. The study of short cracks 
growth was performed under the tension-compression loading. 

• Measurement of the crack growth rates on the samples subjected to cycling with 
constant total strain amplitudes at room temperature. 

• The evaluation of the characteristic parameters, which determine the rate of fatigue 
crack growth. The prediction of the fatigue life and the estimation of the residual 
fatigue life. 

14 
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III. CURRENT STATE OF KNOWLEDGE 

1. Austenitic stainless steel - Sanicro 25 

Materials resisting high stresses and temperatures are the necessary prerequisite to achieve 
higher efficiency of coal-fired power plants and consequential reduction of C O 2 emissions. 
The next generation of power plants is designed to operate at notably elevated temperature. 
B y increasing the steam temperature to 700 °C and steam pressure from 30 M P a to 35 M P a 
the maximum heat efficiency can increase from 45 % to more than 50 % and the emission 
can be reduced by about 45 %. This led to a need for development of new heat-resistant 
materials with improved high-temperature strength, enhanced creep properties, and high-
temperature corrosion resistance. In order to minimize the use of expensive materials such 
as Ni-based superalloys, highly-alloyed austenitic heat-resistant steels have been designed 
[11]. One of the alloys developed principally for use in advanced ultra-supercritical (A-
U S C ) coal-fired boilers is the austenitic stainless steel Sanicro 25 ( I M S S31035). 

Compared to other steels in this class (e.g. NF709, Super304H, H 3 R C , etc. [2]), this alloy 
has relatively unique composition in terms of type and amount of chemical elements used 
together. It is based on the Fe-Ni -Cr alloy system with a high amount of N i and Cr 
combined with variety of other alloying elements. While 22.5 wt% Cr should secure good 
steam oxidation resistance and hot corrosion resistance, a high N i content of approximately 
25.0 wt% and high amount of N are used for the stabilization of the F C C austenitic phase. 
For solid solution and precipitation strengthening, a combination of a high content of W , 
Co, Nb, Cu and other elements have been added [12]. The observed precipitates of type 
M23C6, M X , Laves phase, Z-phase and Cu-rich particles that can play an important role in 
creep resistance of the material [11], 

A s reported recently [11; 13; 14], Sanicro 25 has achieved the highest creep strength at a 
temperature of 700°C among all austenitic stainless steels commercially available today. 
Other significant properties exhibited are the extraordinary high temperature cyclic strength 
[15-17] and excellent corrosion and oxidation resistance observed also in high-pressure 
steam environment [18; 19]. 

Recently the studies have been focused on the low cycle fatigue properties [15; 16; 20-22], 
The fatigue life curves and cyclic stress-strain curves show that Sanicro 25 steel has 
promising not only creep and oxidation resistant properties but also the fatigue properties 
compared to the other used materials [16; 17], 

Based on the excellent high-temperature properties of Sanicro 25 steel, there is an 
expectation for its wider utilization in industrial applications. 

The thorough studies of the tensile properties (see Table 1.1.) and of the cyclic stress-strain 
response of Sanicro 25 steel were already reported [15; 17; 21; 23]. The cyclic 
hardening/softening curves of specimens cycled with constant total strain amplitude in the 
range from 2><10"3 to 1><10"2 at room and at elevated temperature are shown in Figs. 1.1a 
and 1.1b respectively. In the case of room temperature cycling with strain amplitudes higher 
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than 5xlO" 3 initial cyclic hardening is present followed by softening whereas the lower 
strain amplitude cycling exhibits cyclic softening followed by saturation until failure. 
Essentially different behaviour was observed in the case of cycling at elevated temperature. 
The cyclic hardening with a tendency to reach saturation was observed for all strain 
amplitudes. 

500 

Figure 1.1: Cyclic hardening/softening curves in loading at two temperature (a) room 
temperature, (b) 700°C. (Taken from [15]) 

Heczko et al. [21] discussed the initial room temperature hardening as the consequence of 
the activation of multiple slip systems . Later the cyclic plastic strain is localized into the 
persistent slip bands leading to the cyclic softening or saturation. The cyclic high 
temperature hardening was found [16; 17] to be related to the high temperature nucleation 
and growth of N b C nanoparticles. Their diffusion-controlled nucleation and growth is 
enhanced by preferential nucleation at dislocations. These nanoparticles present the 
effective obstacles for dislocation motion. 

10 

•o 
"5. 10J 

E 

I 10' • 22°C 
• 700"C 

102 103 104 

Cycles to fracture, Nf 
10 

Figure 1.2: Manson-Coffin fatigue life curves at two temperatures. (Taken from [15]) 
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The fatigue life curves at room and high temperature (Fig. 1.2) show significant shift of the 
number of cycles to fracture for all plastic strain amplitudes. The samples cycled at room 
temperature have longer fatigue lives than those cycled at elevated temperature. The 
parameters of the cyclic stress-strain curves and of the Manson-Coffin and Basquin 
relations are listed in Tab. 1.1. 

T 
(°C) 

E 
(GPa) 

Rp0,2 
(MPa) 

Rm 
(MPa) 

A 
(%) 

K' 
(MPa) n' ¥ c 

(MPa) 
b 

(MPa) 
22 200 320 740 59 1006 0.186 0.700 -0.526 962 -0.100 

700 130 190 487 51 1243 0.181 0.090 -0.539 797 -0.090 
Table 1.1: Tensile and tow cycle fatigue parameters of Sanicro 25 at two temperatures. 
(Taken from [15]) 

2. Low cycle fatigue of ductile materials 

Fatigue of materials is a term which applies to changes in their properties due to the 
repeated application of external stresses or strains. A s loading continues, this changes can 
lead to cracking or final failure of the components [24; 25]. The first systematic 
investigation of fatigue failure was performed by A . Wohler during the period 1852-1869. 
Based on his observations (repeated loading by constant stress) he characterized the fatigue 
behaviour in terms of stress amplitude-fatigue life (S-N) curves [26]. Later Bauschinger 
observed that elastic limit of metals under cyclic loading can differ from that in monotonic 
loading [27]. He identified cyclic strain softening and cyclic strain hardening. The 
importance of the plastic strain in cyclic damage of materials was for the first time 
established by Coffin [28] and Manson [29]. They proposed the empirical relationship 
between number of cycles to failure and the amplitude of plastic strain called Coffin-
Manson relationship. 

The low cycle fatigue (LCF) processes are controlled by elasto-plastic cyclic behaviour of 
the material as introduced by Coffin and Manson. Since high number of components in 
variety of branches of industry are subjected to the cyclic loading with high stress or strain 
amplitudes the importance of the L C F characterization of the materials increases. The 
cyclic damage has a cumulative character and leads to the irreversible complex 
microstructural changes on both macroscopic and atomic-scale levels. Consequently, 
fatigue cracks initiate and grow through the material leading to the final fatigue fracture. 
[2; 30] 

On the basis of the type of irreversible changes caused by cyclic plastic deformation, it is 
possible to divide the whole fatigue process into three consecutive and partly overlapping 
stages: (a) fatigue hardening/softening, (b) microcrack nucleation and (c) crack propagation 
ending in final failure. 

From the engineering point of view, fatigue life can be divided into two important stages: 
(a) initiation of an engineering crack and (b) the long crack propagation until it reaches the 
critical length. The individual stages of fatigue life are shown in Fig. 2.1. The first period 
of fatigue life is represented by the microstructural changes due to dislocation movements 
taking place during the fatigue life. The microstructure of the metal subj ected to cyclic 
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loading during the fatigue life differs substantially from the original microstructure. This is 
connected with the alternating character of the cyclic plastic response (hardening/softening 
of the material). Microstructural changes lead to the formation of surface relief and to the 
initiation of shallow fatigue cracks. Their mutual interactions anticipate the growth of 
natural short fatigue cracks. The short fatigue cracks grow and interact until one dominant 
crack develops. Later, the fatigue life period is represented by the growth of one long crack 
(macrocrack growth) t i l l the final fatigue fracture. [31] 

Macrocrack initiation 

Initial Surface relief 
hardening/softening evolution 

Evolution of the 
dislocation structure 

Crack nucleation Evolution of the 
dislocation structure 

Crack interaction 
Cyclic strain 
localization 

Crack interaction 
Cyclic strain 
localization 
Cyclic strain 
localization Short crack growth 

Macrocrack initiation 

Macrocrack growlh 
and fracture 

Long crack 
growth 

Fracture 

Figure 2.1: Evolution offatigue damage leading to failure of materials. 

2.1. Cyclic stress-strain response 

Cycling loading of metals leads to changes in their structure. The evolution of internal 
defect density and corresponding changes of dislocation structure as well as the effects of 
precipitation or phase transformation are in mutual correlation with the overall stress-strain 
response of the material. 

Standardized smooth specimens are typically used to study the behaviour of the material 
during symmetrical uniaxial cyclic loading test with controlled constant amplitude. The 
asymmetry of the cycling is characterized by the parameter R. It is the proportion of the 
upper and to the lower limit of applied cyclic loading. For symmetrical cycling R is equal 
to -1. Depending on the amplitude, which is kept constant, three regimes are adopted: 
constant plastic strain amplitude (eap), constant total strain amplitude (ea) and constant total 
stress amplitude (era) loading. Other parameters change during cycling and can be measured 
directly in each cycle from the hysteresis loop (Fig. 2.1.1). In the linear, elastic component 
of the hysteresis loop the relation between the stress and elastic strain is given by Hook's 
law as follows 

a = Eeaiel (2.1.1) 

where E is Young's modulus. The plastic strain amplitude can be evaluated also as the 
difference between the total and elastic strain amplitudes. [2] 

The other useful characteristic of hysteresis loop shape describing the plastic deformation 
behaviour of the material is loop shape parameter Vu [2] defined as 

l , H = J r V < 2 1 2 > 
4 £ a p ° a 
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where the hysteresis loop area W represents the specific energy dissipated in a material 
within one cycle, eap is plastic strain amplitude and cr ais stress amplitude. In the early stages 
of cyclic hardening, the loop shape parameter decreases with the number of cycles. A s soon 
as the plastic strain starts to be localized, the loop shape parameter starts to increase. 

Figure 2.1.1: The saturated hysteresis loop corresponding to one cycle. (Taken from [2]) 

The appropriate plots showing the changes in the behaviour of the material during loading 
are called cyclic hardening/softening curves. In cycling with constant total strain amplitude, 
these curves are represented by the dependence of the stress and plastic strain amplitude on 
the number of cycles. In cyclic hardening/softening curves of f e e . materials it is usually 
possible to find three basic stages: rapid initial hardening (for annealed initial state of the 
material), the saturation and a slow long-term hardening or softening stage. A t the 
beginning of cycling the changes are very marked, their intensity decreases with increasing 
number of cycles. In total strain controlled cycling the increase of the stress amplitude and 
the drop of the plastic strain amplitude represents cyclic hardening. Cycl ic softening is the 
opposite effect, i.e. the stress amplitude decreases and the plastic strain amplitude increases 
with increasing number of cycles. After a relatively small number of cycles the measured 
quantity usually reaches its saturated values. It means that the hysteresis loop is closed and 
does not change significantly with the number of cycles. [2] 

Many ductile metals subjected to strain controlled cyclic loading have a tendency to 
stabilize their stress-strain response. Therefore, the dependence between cyclic stress and 
strain which is independent of number of cycles and characterises this stabilised stress-
strain response is introduced. The cyclic stress-strain curve (CSSC) is the dependence of 
the stress amplitude (aa) on the strain or plastic strain amplitude (sap) in the stabilised state 
and can be expressed as 

aa = KXsapr' (2.1.3) 

where K' is the fatigue hardening coefficient and n' is the fatigue hardening exponent. [2] 

In the case of L C F (constant strain amplitude cyclic loading) the number of cycles to fatigue 
fracture (Nj) of the specimen is usually plotted vs. strain or plastic strain amplitude. A s most 
materials reveal the saturated behaviour it is possible to plot the plastic strain amplitude 
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(sap) representing the damage of the material in saturated state in bilogarithmic plot with 
the number of cycles (2Nj). The plot can be described by the Coffin-Manson law as 
mentioned earlier 

eap = e'f{2Nf)C (2.1.4) 

where Sf is the fatigue ductility coefficient and c is the fatigue ductility exponent. 

2.2. Cyclic plasticity and microstructural changes 

The original microstructures of the metals subjected to cyclic loading can differ 
substantially and depends on the composition, thermal and mechanical treatment, previous 
history, environment, etc. However, the changes in the initial structure or formation of a 
new microstructure in cyclically loaded metals have some features common to various 
metals. These are closely connected with the alternating character of cyclic plastic straining 
and other specific features characteristic for the lattice structure and the properties of 
dislocations and other lattice defects in the particular metal. Most relevant in the 
characterization of the metallic materials is the dislocation arrangement and point defects 
distribution in cyclic plastic straining. Additional structural parameters, such as the size and 
the distribution of strengthening particles, inclusions, etc., are necessary to be accounted to 
in multiphase materials and structural alloys. [2] 

Cycl ic plasticity and its relation to the dislocation structure have been studied most 
intensively in f e e . polycrystalline metals and single phase alloys, namely in copper and its 
alloys [32], aluminium and its alloys [33], nickel and its alloys [34], and stainless steels 
[35-38]. 

The dislocation arrangement evolves substantially during the external loading. In the initial 
state of the material (usually after the annealing), the dislocation density is remarkably low. 
Under cyclic loading the dislocation density increases significantly. The evolution of the 
internal dislocation structure in relation to the saturated shear plastic strain amplitude in 
copper single crystal [39] is shown in Fig. 2.2.1. Region A represents homogeneous cyclic 
straining of the single crystal. The existing dislocation network serves as Frank-Read 
sources and new dislocation loops are produced under shear stress. A s the dislocation 
density is increased, the frequency of mutual dislocation interactions increases and new 
substructures are created. These tangled or vein-like dislocation structures consist of 
dislocation dipoles. Increase in dislocation density and the formation of tangled or vein­
like structures is usually connected with the initial cyclic hardening of cyclically loaded 
material. In region B of the C S S C , the saturated stress amplitude is fairly constant, 
independent of applied plastic strain amplitude. This behaviour was found to be connected 
with strain inhomogeneity on a macroscale. Cycl ic plastic strain is localized into the regions 
of intensive plastic strain, so-called persistent slip bands (PSBs). The PSBs are usually 
observed in the form of ladder-like dislocation structure consisting of walls with high 
dislocation density separated by regions with low dislocation density i.e. dislocation 
channels. A s a result, the shape of the hysteresis loop changes what can be characterized 
by the loop shape parameter. A t minimum of the VH parameter the localization of the plastic 
deformation was observed as well as the first fatigue induced slip markings at the surface 
[40; 41]. According to Winter [42] the shear plastic strain (yp;) in region B is proportional 
to the fract ion/of persistent slip bands in agreement with the two-phase model 

YPi=fYpsB + (l-f)YM (2.2.1) 
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where y p s b and yM are constant plastic shear strain amplitudes in P S B and in the matrix, 
respectively. B y increasing the applied shear strain amplitude close to the region C the 
secondary slip systems becomes active and additional hardening appears. Dislocations from 
secondary slip systems can interact with the structures formed in the region A and B leading 
to rearrangement of the overall dislocation microstructure. A s a consequence, labyrinth and 
cellular dislocation structures are usually observed. In region C the applied plastic strain 
amplitude is higher than the average plastic strain amplitude in P S B . A s a result, secondary 
slip systems are activated and walls and cells structures arise in the whole volume. The 
corresponding dislocation structures may differ depending on the value of the resolved 
shear stress on the secondary slip systems. [2] 

Figure 2.2.1: The schematic diagram of the cyclic stress-strain curve of copper single 
crystal oriented for single slip. The corresponding dislocation structures observed in 
individual regions are shown. (Taken from [43]) 

The similar cyclic behaviour is expected also in the case of polycrystalline metals. The 
observations on 316L steel cycled with constant plastic strain amplitudes at room 
temperature were reviewed by Polák [44]. The early cyclic hardening period is followed by 
softening with a tendency to reach saturation [45-47]. More detailed study [48] documents 
that the saturation develops only for medium plastic strain amplitudes while for high 
amplitudes secondary hardening is observed and for the lowest plastic strain amplitudes 
fatigue softening continues until fracture. Moreover, the VH parameter can be correlated 
with the localization of the cyclic plastic strain into the PSBs. Transmission electron 
microscopy observations [38; 45; 47; 49; 50] revealed that the planar slip is characteristic 
for low and medium plastic strain amplitudes resulting in dislocation tangle- and vein-like 
arrangements. In addition, at medium plastic strain amplitudes the dislocation structure 
similar to that found in P S B structure was observed. For the highest plastic strain 
amplitudes, labyrinth-like and cellular dislocation structures are the most typical. It is 
worthy to note, that the addition of nitrogen to 316L type of steels can lead to decrease of 
SFE thus further promoting planar slip as reported by Vogt et al. [51; 52], 
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2.3. Effect of high temperature 

A t high temperatures, the mechanical behavior of materials can differ significantly since 
the role of the thermally activated processes increases. In the case of many austenitic 
stainless steels, e.g. 316L types, the stacking fault energy was found to be relatively low, 
in particular lower than 2 0 m J m " 2 [38; 53; 54]. This implies large dissociation distance 
between Shockley partial dislocations thus preventing easy recombination and cross-
gliding. However, since both the cross-slip and the climb of the dislocations are thermally 
dependent, dislocation motion at high temperatures is not necessary fixed to the particular 
type of planes what subsequently leads to easier recovery processes. 

It has been reported previously for both simple metals (e.g. copper [35]) and complex 
structural alloys (e.g. 316 L [37; 55]) that after a rapid initial increase the total dislocation 
density has a tendency to reach saturated equilibrium values in the very early stage of cyclic 
loading. After that, dislocations tend to form arrangements with lower stored internal 
energy. Sufficiently high temperature and external loads enhance diffusion of point defects 
and facilitate dislocation climb and cross-slip. Mutual interaction of dislocation stress fields 
leads to dislocation annihilation or dipole formation, which are important to the recovery 
processes. Initially tangled dislocations rearrange to cellular structures bordered by the 
walls with a high density of dislocations with alternating signs. Upon further recovery, 
dislocations in the cell interiors are annihilated. The internal stored strain energy is 
significantly decreased usually leading to so called softening of the material response to 
external load [17]. 

A t high temperatures, the diffusion rates of interstitial and substitutional solute atoms are 
much higher. Therefore, the segregation events can occur. The mobility of dislocations can 
be directly affected by the formation of solute atom atmospheres (Cottrell, Suzuki, etc.). 
Interstitial atoms whose diffusion rate at high temperature is high enough to follow moving 
dislocations can segregate to their cores and immobilize them by pinning. A s a 
consequence, the cyclic stress-strain response of the material can be significantly modified. 

The segregation can be eventually followed by rapid precipitation of secondary phases. 
While dense dispersion of nanoscale precipitates can in general increase the strength of the 
alloy, secondary phases formed at the grain boundaries can decrease corrosion and 
oxidation resistance of the material. 

3. Initiation of natural fatigue cracks in polycrystalline metals 

The initiation of the fatigue cracks is considered being one of the most important stages of 
the fatigue life. The initiation period corresponds to the number of cycles required to 
nucleate small crack (incompatibility or decohesion) in the material. During cycling with 
low cycle fatigue conditions this period may take several percent of fatigue life in cycling 
at room temperature. The importance of the fatigue crack initiation period increases with 
decreasing applied strain amplitude. 

This issue has been studied in numerous materials for more that hundred years. The first 
observations of surface fatigue crack initiation at room temperature were performed by 
Ewing and Humfrey [3] using the light microscope. They studied polished polycrystals of 
Swedish iron. Based on their observations they found that cracks prefer initiating from the 
surface markings produced during cyclic loading. The surface was considered being the 

23 



prominent site of fatigue crack nucleation, nevertheless, the crack nucleation was observed 
in the bulk of the material as well . Subsurface crack nucleation is significant mainly in the 
case of materials containing internal defects or inclusions. The mechanism of fatigue crack 
nucleation can be affected by several factors such as surface finish and thermal and 
mechanical treatment, environment, type of cyclic loading, character of cyclic slip and 
secondary phases present in the matrix. 

In following sections, the early fatigue damage mechanisms are discussed in detail based 
on recent monographs on fatigue [2; 25; 56], 

3.1. Sites of natural crack initiation at room temperature 

It is well experimentally established that the fatigue failure is very sensitive to surface state 
and stress concentrators in the form of different types of notch-like defects or secondary 
hard phases. In the case of ductile materials the nucleation and whole fatigue process is 
controlled by the cyclic-plastic deformation. Therefore, it can be expected that fatigue 
cracks initiate at positions where the cyclic deformation is higher than average, in places 
of plastic-strain concentration. The plastic-strain concentration is associated with the local 
increase in stresses due to stress concentration. [56] 

Number of experimental observations indicate the free surface as the preferential site where 
microcracks initiate in homogeneous materials. However, in engineering materials the 
cracks may originate at the interface between hard secondary phases and ductile matrix or 
from the internal defects. Three basic types of nucleation site are observed: 

1) Sharp fatigue-induced surface relief 

In metals without any internal defects and inclusions, the preferred and most studied type 
of natural crack initiation is found to be along the bands of cyclic slip under cyclic loading. 
The impact of crack initiation along the surface slip bands was subjected to intensive study 
in the past. The surface relief formation and crack initiation along the surface slip bands 
during fatigue life was thoroughly studied. The experiments of Thompson, Wadsworth and 
Louat [57] showed that removal of cyclically induced surface roughness, i.e. by 
electropolishing can increase fatigue life. More demonstrative evidence was later done by 
Basinski, Pascual and Basinski [58]. They studied the influence of surface roughness on 
fatigue life in copper single crystals. Based on their studies, the elimination of surface 
roughness by electropolishing drastically enhances total fatigue life not only in low plastic 
strain amplitude loading but also in high plastic strain amplitude loading. The mechanisms 
of surface relief formation and models of crack nucleation along the slip markings wi l l be 
discussed later in this Chapter. 

2) Grain and twin boundaries 

The presence of the grain boundary fatigue crack initiation in ductile polycrystalline metals 
is relatively less common. Incompatible shape changes induced by asymmetric slip in 
neighbouring grains at the surface contribute to crack initiation at grain boundaries [2]. The 
occurrence of grain or twin boundary cracking depends on loading conditions such as 
temperature, strain amplitude and strain rate, and material characteristics such as crystalline 
structure and grain size. The effect is particularly enhanced at low temperatures, high strain 
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rates and high plastic strain amplitudes. In generally, grain boundary cracking is more 
typical for low cycle fatigue carried out under high strain amplitudes [59-61], 

These early results point to two mechanisms of grain boundary cracking during cyclic 
loading. In Cu subjected to cyclic loading with several plastic strain amplitudes two 
mechanisms were found: (i) at low to intermediate plastic strain amplitude, the 
impingement of PSBs at grain boundary causes cracking. Crack initiation occur at sites 
where primary slip bands intersect a grain boundary. This causes local plastic 
incompatibilities and stress concentrations, and as a result decohesion of the grain 
boundary, (ii) A t high plastic strain amplitudes, grain boundary cracking occurs as 
consequence of surface steps formed at the boundary. [25] 

K i m and Laird [61] studied the mutual misorientation of cracked grains and relative 
orientation of their slip systems in polycrystalline copper subjected to high strain amplitude 
cycling. They identified several qualitative requirements for crack nucleation at grain 
boundary: (i) the crystallographic misorientation of surrounding grains is high, (ii) high 
angle grain boundaries contain a large angle (30-90°) with tensile stress axis at the surface, 
and (iii) at least one active slip system of the surrounding grains is oriented perpendicular 
to the projection of the grain boundary at the surface. 

Mughrabi and Christ [62; 63]observed intergranular cracking in fatigued Cu polycrystal. 
Based on their observations intergranular fatigue cracking strongly depends on the 
interactions of PSBs with GBs and their mutual orientation (see Fig. 3.1.1). PSBs promote 
the initiation of G B cracking by interfacial dislocations in the form of pile-up. G B cracking 
can be later facilitated by environmental interaction (oxidation). 

Figure 3.1.1: Inter crystalline PSB-GB cracks induced by PSBs impinging against grain 
boundaries, (a) SEM micrograph of PSB-GB cracking in fatigued copper polycrystal. (b) 
Dislocation model of action of PSBs against grain boundaries. (Taken from [64]) 

The role of twin boundaries in the crack nucleation has long been known [57; 65; 66]. In 
F C C metals, twin boundaries are parallel to the slip planes of type {111} so that the 
persistent slip bands can fit into the region of high local stresses at the boundary. Therefore, 
the geometric relationship between the boundary and the slip plane may provide possible 
clues to the role of twins in fatigue crack nucleation [25]. Boettner et al. [65] found 
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interesting aspect that there is inclination for slip bands formation and crack nucleation 
only at every other twin boundary. Later, more detailed studies were done by Neumman 
and Tonnensen [66] on annealing twin boundaries in F C C metals. In C u fatigued with low 
stress amplitude at room temperature the formation of PSBs within the grains was 
supressed. Against that, PSBs were found parallel to and coincident with twin interfaces 
(see Fig. 3.1.2). Local stress concentrations due to elastic anisotropy were considered being 
origin of the twin boundary cracking. In order to ensure strain compatibility at twin 
boundaries in the elastically anisotropic material, internal stresses must be generated in the 
vicinity of the twin boundaries. Consider a stack of lamellar twins, where the 
crystallographic orientation of the lamellae changes back and forth from that of the matrix 
to the twin to the matrix as one traverses across the boundaries. With the change in 
orientation there is also a change in the direction of internal stresses. The internal stresses 
act in concert with the resolved stresses from the applied loads at every other twin 
boundary. When the resultant stress is of sufficient high magnitude, a P S B is formed near 
the twin-matrix interface and eventually develops into a fatigue crack in each second twin 
boundary. [25] 

> > 
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Figure 3.1.2: Nucleation of fatigue cracks along every other twin boundary (indicated by 
arrows) in polycrystalline Cu fatigued at room temperature. (Taken from [67]) 

3) Inclusions and internal defects 

Many commercial materials are not single-phase structural alloys. Some non-metallic 
phases can be present in the material in the form of inclusions. Other possible sites of 
heterogeneous crack nucleation can be voids, slag or gas entrapments, inclusions, dents, 
scratches, forging laps and folds, macroscopic stress concentrations, as well as regions of 
microstructural and chemical nonuniformity [25]. The effect of inclusions is specific to the 
alloy systems, preferentially in high strength steels [68] aluminium alloys [69] and titanium 
alloys [70]. Internals defect of such character significantly influence total fatigue life in 
markedly decreased number of cycles to fracture. In numerous cases, pores have been 
considered as initiated cracks already present within the material. In reality cracks start 
growing from these pores in a few cycles and almost no crack initiation at the surface can 
be found. 
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Models of fatigue crack initiation at inclusions depend on the matrix material, type of 
inclusion and properties of the interface between the inclusion and the matrix. The relative 
importance of the inclusions in fatigue crack initiation depends, on the size of inclusion. 
Very small inclusions (less than 1 |j,m) can supress crack initiation through slip 
homogenisation. Large inclusions are the primary sources of crack initiation. The larger 
inclusion the higher probability for fatigue crack initiation. [2] 

Several mechanisms of crack initiation from inclusions were observed experimentally. In 
high strength steels and in aluminium alloys the fatigue damage was observed in the early 
stages of loading by debonding of inclusion from the matrix. After debonding the crack 
initiates from the newly created notch or void. Another type of crack initiation due to the 
presence of inclusion in the matrix involves cracking along persistent slip bands. These 
persistent slip bands are formed as a result of locally increased stress concentration in the 
inclusion vicinity giving rise to strain concentration or they are terminating at the inclusion. 

3.2. Surface relief evolution in form of persistent slip markings 

A s discussed in previous sections, the most common fatigue crack initiation in cyclically 
deformed metals is due to roughening of the surface. Therefore, this section wi l l discuss 
the historical progress in experimental and theoretical studies focused on the surface relief 
evolution anticipating fatigue crack nucleation. 

The surface relief evolution and fatigue crack initiation has been studied for more than 
hundred years. A s mentioned before, the pioneering work of Ewing and Humfrey in year 
1903 [3] showed the role of cyclic slip in surface grains in the formation of surface relief. 
Their most important observation was the identification of fatigue cracks within the rough 
surface relief. Since their finding, many other investigations were performed on fatigued 
single- and polycrystalline metals. The studies up to 1972 were reviewed by Thompson and 
Watsworth [57] and Laired and Duquette [59]. One of the conclusions was that more 
thorough studies are needed to develop relevant model of fatigue crack initiation. Progress 
in experimental techniques, mainly in electron microscopy, allowed to present new models 
of surface relief evolution and fatigue crack initiation. These models are based on the bulk 
and surface changes of metals during cycling. The most important breakthrough in the 
identification of the mechanisms in surface relief formation was the discovery of extrusions 
[71], intrusions [40; 72], persistent slip bands [57], dislocation structure of persistent slip 
bands [73; 74] and its relation to surface slip markings [75]. Current state and historical 
progress in experimental and theoretical studies of surface relief leading to fatigue crack 
initiation is critically reviewed by M a n et.al [5]. Based on this study, the cyclic plastic strain 
localization and slip irreversibility in persistent slip PSBs is generally accepted as the first 
sign of fatigue damage of cyclically strained crystalline materials. 

Experimental studies on fatigued copper, nickel, aluminium single crystals and 
polycrystalline fee metals reviewed by M a n et. al. [5] reveal some common characteristics: 

(i) The morphology of persistent slip markings in single and polycrystals differs. 
The single P S M s are typical for both single and polycrystals, whereas macro-
P S M s are observed only in single crystals. The individual P S M s consist of 
tongue-like or ribbon-like extrusions accompanied by intrusions. 
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(ii) Vast protrusions roughed by superimposed extrusions and intrusions (macro-
PSMs) are found on opposite sides of single crystals. They grow in the direction 
of primary Burgers vector from the interior to the specimen surface. 

(iii) The height of extrusion in polycrystalline F C C metals is proportional to the 
corresponding P S B thickness and to the grain size below the surface. Extrusions 
grow mostly in the direction of the active Burgers vector. 

(iv) The growth rate of extrusions is high at the beginning of the cycling at room 
temperature and later the rate is stabilized. The growth rate and the profiles of 
P S M s are temperature dependent. 

(v) In grains which contain no initiated cracks, the extrusions can develop during 
the whole fatigue life. 

(vi) The inert environment such as vacuum can delay crack nucleation stage, 
decrease crack growth rate and subsequently significantly increase the fatigue 
life. 

3.2.1. Theoretical models of surface reliefformation 

Models of surface relief formation and crack initiation can be divided into 3 groups based 
on the considered various physical relations: surface-stress-assisted models, vacancy 
models and micromechanical models. In following, only the most discussed models from 
each of group wi l l be discussed. 

(1) Surface-stress-assisted models 

Brown and co-workers: 

The first model considering the real dislocation microstructure of PSBs in fatigue crack 
initiation have been proposed by Antonopoulos and co-workers in 1976 [76]. Taking into 
account the experimental findings, they concluded that fatigue straining produces 
dislocation dipoles predominantly of vacancy type . The practical consequence of this 
statement is that the persistent slip bands into which cyclic deformation concentrates are 
gradually "fiber-loaded" in tension during later stages of cycling. 

Based on their experimental findings they considered that after saturation, cyclic straining 
produces a steadily increasing density of vacancy dipoles within the area of cumulative 
plastic deformation. A s a consequence, there is a growing difference in vacancy dipole 
density between the cyclically deformed P S B and undeformed matrix. Later, this difference 
produces a characteristic set of internal stresses which does not reverse sign during the 
cycling [76]. They concluded that the elastic misfit might have an effect on crack nucleation 
in the form of completely relaxed tensile stress/strain by crack initiated at the edge of P S B 
and growing along the primary slip plane. The growth was driven by the elastic strain 
energy released. 
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Figure 3.2.1: (a) Schematic of PSB with extrusion. Surface cracks initiated along the PSB-
matrix interface as the result of stress singularities at the intersection of PSB with the free 
surface, (b) Detail of PSB. (c) Surface stresses at the intersection of PSB with the free 
surface. (Taken from [5]) 

Later Brown and Ogin [77] slightly modified the previous model. They considered that the 
sign of the internal stresses changes every half cycle and the crack nucleates as a 
consequence of the reversing macroscopic internal strains. The highest stresses are close to 
the surface where the interface between the P S B and matrix meets. Locations A is in 
compression (crack closing) and location B is in tension (crack opening). These near 
surface stresses fields with opposite signs give rise to the Stage I fatigue crack initiation by 
decohesion at point B a n d B ' (see Fig. 3.2.1). 

(2) Vacancy models 

EGM (Essmann-Gosele-Mughrabi) model: 

The first model considering the role of point defects in terms of producing surface relief 
during the cyclic loading was E G M (Essmann-Gosele-Mughrabi) model [78]. This model 
is based on their previous studies [39; 79; 80] of dislocation structure within the PSBs and 
discuss the irreversibility of dislocation glide within PSBs in f e e . metals. It considers two 
earlier physical processes, which act during the cycling: (i) the production of point defects 
in fatigued metals in concentrations of ~10"4 inferred from changes in microstructure and 
the recovery of electrical resistivity [81-83] (ii) vacancies (or their agglomerates) produced 
by repeated glide processes which are responsible for extrusion of the material [57; 65]. 

The walls of the PSBs are composed of the edge dislocations. Under external loading edge 
dislocation segments bow out of the walls and traverse the channels producing screw 
dislocation whose glide along the channels generate edge dislocations along the walls. Thus 
a continuous flux of screw dislocations along the channels and of edge dislocations across 
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the walls is maintained, ensuring compatible accommodation of the imposed cyclic strain 
in the whole volume of the PSBs. [78] 

Essmann et. al [80] considered in their model the annihilation of both edge and screw 
dislocations moving on the primary slip plane. In steady state cyclic deformation conditions 
the dislocation density within the channels and walls is kept constant by dynamic 
equilibrium between the multiplication and annihilation of both screw and edge 
dislocations. Based on the annihilation of dislocations they presented two assumptions for 
irreversibility and for the randomness of the glide processes [78]: 

(1) The annihilation of narrow edge dislocation dipoles in the walls of the PSBs is 
associated with the formation of point defects. 

(2) The random of the glide processes leads to a statistical roughening of the surface at 
a site of emerging PSBs. 

Since the dipoles appear to be predominantly of vacancy type, they considered the 
production and annihilation of vacancies mainly within the walls where the measured edge 
dislocation density is of two orders of magnitude higher (p w = 6x 10 1 5 m"2) compared to that 
in channels (pCh = 5x 10 1 3 m"2) [78]. Moreover, Polak's measurements of electrical 
resistivity [82; 83] shows the increase of point defects concentration and simultaneously 
the increase in resolved shear stress amplitude. They deduced that the concentration of point 
defect in the matrix is also negligible since the plastic shear strain amplitude within the 
P S B is two order of magnitude larger compared to that in the matrix. Therefore, assuming 
only point defects within the walls, they are repeatedly produced by annihilation of two 
opposite edge dislocations to reach in the walls saturated concentration, Csat , previously 
reported by Polak [83] based on the electrical resistivity measurements. 

They estimated the local decrease of edge dislocation density responsible for vacancy 
concentration, pe, under conditions of steady state when the density is constant as: 

Ape = 2 P e y e ^ (3.2.1) 

where Ay is shear strain range, b is modulus of Burgers vector and ye is annihilation 
distance of two edge dislocations with opposite sign. 
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Figure 3.2.2: EGM model of PSB emerging at the surface, (a) Accumulation ofPSB-matrix 
interface dislocations, (b) Growth of static extrusion by emerging of edge dislocations at 
free surface, (c) Roughening of the static extrusion by random slip. Two types of the stress 
raisers are marked. (Taken from [5]) 
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The fundamental microscopic model of surface formation based on steady-state cyclic 
deformation is shown in Fig. 3.2.2. 

The specific sequence of slip processes within the PSBs leads to the deposition of so-called 
'interface' edge dislocations at PSB-matrix interfaces or to the emerging of edge 
dislocations at the free surface. The arriving edge dislocations disappear at the free surface 
of P S B and create slip steps. Due to the extra half-plane of interface dislocations directed 
into the P S B , the P S B is in the state of compression and surrounding matrix is in tension. 
The applied stress acts additively to the stress arising from the interface dislocations. A s 
the result, the interface dislocations emerge at the surface and P S B lamella becomes 
elongated in the direction of the active slip vector by 

e = Q a t d/cosfi (3.2.2) 

where d denotes the structural diameter and /? the angle between specimen axis and the 
normal to the active slip plane. Under the action of applied stress the interface dislocations 
arrive at the free surface at A and A ' during the tensile phase and B and B ' during the 
compression phase of the loading. [78] 

With increasing temperature the vacancies become mobile and diffuse from region of high 
vacancy concentration in the wall into the matrix (see Fig. 3.2.3). If their diffusivity is 
sufficiently high, these vacancies w i l l reach sinks in the matrix, such as dislocations, before 
a high super saturation of vacancies can be built up. This leads to the mass transfer between 
matrix and P S B during cycling and to the continual growth of the extrusion. According to 
their model, most of the mobile point defects w i l l anneal out within the P S B walls. Only 
those created within a narrow layer of the walls given by the average diffusion length 
(typically 5-10 nm) wi l l manage to escape into the matrix. [78] 

In addition to the rather rapid formation of static extrusions, the slow roughening of static 
extrusions by random glide processes later in the fatigue life results in the final profile of 
the extrusions. 

Figure 3.2.3: Flow of vacancies out of dislocation walls. Open arrows denote direction of 
flux. Vacancies produce in hatched layer of width x can escape. (Taken from [78]) 

A s the result of extrusion formation two types of stress raisers develop at the surface where 
PSBs emerge and act as possible nucleation sites for Stage-I shear cracks. (1) the surface 
steps that form at the PSB-matrix interfaces as a consequence of the elongation of the P S B 
parallel to the slip vector and (2) the notch-like valleys of the rough surface profile within 
the PSBs. [78] 
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Polák 's model: 

In this section the mechanisms leading to the production of surface relief along the PSBs is 
discussed based on the papers by Polák et al. [84-86], 

Thorough review of several observations of fatigue surface relief, the knowledge of 
dislocation arrangement within the P S B and in the matrix after the fatigue, and knowledge 
of properties of point defects lead Polák to modify E G M model of generation, migration 
and annihilation of point defects [84]. Polák modified the E G M model and predicted the 
formation of both extrusions and intrusions along the P S B , extrusions within the P S B width 
and intrusion at the interface P S B and matrix. Contrary to E G M model, Polák 's model 
considers the mechanism for point defect generation consisting of mutual annihilation of 
two opposite edge dislocations moving on adjacent slip planes in the channels. These point 
defects can be swept by other dislocations or can annihilate in both P S B walls/channels and 
in the matrix. Other important point was, that intrusions are not the early stage of fatigue 
cracks, but Stage I fatigue cracks initiate from intrusion tips as the result of stress and strain 
concentration. 

Based on measurements of electrical resistivity [82; 87] he considered the generation and 
annihilation rate of point defects due to cyclic plastic slip within the PSBs. He concluded 
that non-equilibrium point defects are steadily generated in PSBs and can migrate out of 
the PSBs. B y considering the flow of atoms in different directions Polák proposed the 
evolution model of both tongue-like and ribbon-like extrusions [84]: 

(i) In the case of tongue-like extrusion continuous production of vacancies within 
one region, i.e. in the channel, and their net flow under concentration gradient 
in the other regions, i.e. in the walls and the matrix, result in the net flow of 
atoms in the opposite direction. The flow of atoms from the wall into the 
channels within the P S B results in the accumulation of mass in two directions 
perpendicular to the direction of flow. In the direction perpendicular to the 
primary plane the whole P S B can freely expand. Internal stress field is added to 
the alternating stress field and periodically relaxed. A s a result, material is 
extruded from the crystal along the channels and intruded into the crystal along 
the walls. Polák observed that the extrusions and intrusions within one P S B vary 
with some period. He derived that this shift is dependent on the distance d 
between the lamellae and the angle a between the Burgers vector and the 
intersection of the primary slip plane with the surface. [84] 

(ii) In the case of ribbon-like extrusion the flow of atoms is in a direction 
perpendicular to the primary plane. The extrusions rise along the whole P S B 
and possibly intrusions develop at the PSB/matrix interface. The height of 
extrusions can be considerably greater than the depth of intrusions, as vacancies 
can migrate along the channels into the matrix, annihilating at the edge 
dislocations at some distance from the PSB/matrix interface. [84] 
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Figure 3.2.4: Schematic diagram of three characteristic forms of PSM morphology in 
fatiguedfee metals, (a) Tongue-like extrusions alternating with intrusions, (b) Ribbon-like 
extrusion accompanied by two intrusions, (c) Macro-PSM in single crystal composed of 
protrusion with superimposed extrusions and intrusions. (Taken from [5]) 

Both predicted shapes of extrusions and intrusions are shown schematically in F ig 3.2.4 as 
well as a comparison with macro-PSM emerging at the free surface of single crystal. 

Polák and Sauzay [88] calculated the extrusion shape and the growth kinetics provided all 
vacancies are annihilated at PSB/matrix interface. 

Later, Polák extended his model [85; 86] by considering the generation and migration of 
vacancies and interstitials. Using the knowledge of dislocation arrangement within P S B 
and motion of dislocation he analytically predicted the production and annihilation rates of 
point defects leading to surface relief formation called persistent slip markings (PSMs). 

The distribution of dislocations within P S B and their mutual annihilation is schematically 
shown in F ig 3.2.5. The lamella of P S B is composed of alternating dislocation rich areas 
(walls) and dislocation poor areas (channels). Walls consist of immobile edge dipoles and 
multipoles. He considers that the edge dipoles act as the Frank-Read sources and under the 
external loading the resulting plastic strain is carried by formation of dislocation loops from 
the edge dipoles in the walls and their expansion into the channels. These dislocation loops 
consist of edge and screw segments. The edge segments of two dislocation loops with 
opposite Burgers vectors, b, can annihilate within the channel by producing row of point 
defects composed of vacancies or interstitials. [85] 

Figure 3.2.5: Schematics of dislocation interactions and formation of point defects in a 
PSB, (a) projection in (121) plane and (b) projection in primary (111) slip plane. (Taken 
from [85]) 
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According to Polák 's model these rows of point defects have the major impact on the mass 
redistribution between the P S B lamella and the matrix. Later only the generation and 
annihilation of vacancy-type point defects have been considered as the main mechanism of 
mass transfer. In Fig. 3.2.6 the point defects within the P S B are shown along with the 
direction of vacancy transfer leading to growth of ribbon-like extrusion accompanied by 
the intrusions. 

A s was mentioned before, the relaxation of internal stresses induced within P S B and at the 
PSB-matrix interface by mass redistribution can proceed only in the direction of active 
Burgers vector where it represents mean stress. Since the internal stress is compressive it 
is equivalent to external tensile mean stress. Multiple repetitions of the cycle with the 
internal compressive mean stress result in cyclic creep in the P S B lamella and in the growth 
of an extrusion within the whole width of the PSB. Contrary to that at the PSB/matrix 
interface internal tensile mean stress induces depression of the material layer and growth 
of an intrusion. To reach critical value of the mean stress AGMJPSM necessary for the 
activation of the first layer, Polák considers several cycles have to be applied before cyclic 
creep in P S B lamella starts. B y increasing number of cycles the layers situated far from the 
interface reach the critical value and can be activated. A s a result, intrusion has a specific 
conical shape and its growth starts with some delay compared to growth of extrusion. [86] 

Figure 3.2.6: Formation of surface relief in the temperature interval in which both 
interstitials and vacancies are mobile: (a) schematics of ladder-like dislocation 
arrangement in a PSB and vacancy migration and annihilation at dislocations and (b) the 
shape of predicted surface relief at emerging PSB. (Taken from [85]) 

Polák and M a n [85] extended the model by quantitative predictions of the point defects 
concentration, annihilation and diffusion rates. The probability of production of a dipole of 
vacancies of unit height responsible for internal mean stresses in a channel within a half-
cycle PPj is equal to the probability that two edge dislocations on neighbor slip planes are 
simultaneously emitted from the opposite walls and meet in the channel. The production 
rate of point defect of vacancy type in a cycle, pv, depends on the local plastic strain 
amplitude. Vacancies are steadily produced in the whole volume of the P S B with the 
production ratepv and simultaneously are annihilated by sweeping dislocations. 

B y considering that average plastic shear strain amplitude within the P S B is yp the 
production rate of vacancies in one cycle can be expressed as follows [85] 
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dch dch 

where b is the modulus of the Burgers vector and dch is the average distance between the 
P S B walls. 

Considering production, annihilation and migration of vacancies from the channels to the 
matrix the steady vacancy concentration c7 is a function of the distance x (distance from the 
center of PSB) . It can be obtained by solving appropriate diffusion equation 

— 7 — — cv + = 0 forx<w/2, (3.2.5) 
d x2 tDv tDv ' ' ' v ' 

where Dv is the diffusion coefficient of vacancies, A is the annihilation coefficient expressed 
as the fraction of vacancies swept by mobile dislocations during one cycle and r is the cycle 
period. 

Knowing the steady profile of vacancies in the P S B and the adjoining matrix the growth 
rate of the extrusion and intrusion can be evaluated. The rate of volume change due to 
migration and annihilation of vacancies is equal to the difference of the vacancy flux in the 
volume and out of the volume. Vacancy flux, Jv, is expressed as 

h = -Dv%. (3.2.6) 

Since absorption of each vacancy correspond to arrival or removal of one atom from the 
lattice, the additional internal compression stress or the internal tensile stress is produced 
during one cycle in each sheet of the thickness dx. Complete plastic relaxation of this mean 
stress results in the adding or removal of atoms on the surface of the grain. The change of 
the height h on the surface in the direction of the Burgers vector during one cycle at a 
distance x from the center of the P S B is expressed as 

^ = T Z ^ , (3.2.7) 
dN dx ' v ' 

where / is the P S B length below the surface. 

Polák and M a n [85] predicted the shape of the P S M considering the annihilation of the 
point defects at the PSB/matrix interface. One half of the symmetrical P S M profile is shown 
in Fig. 3.2.7. 
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Figure 3.2.7: Height of the half of the symmetric PSM profile consisting of the extrusion 
and intrusion in fatigued copper. All dimensions are in units of the Burgers vector modulus 
b. (Taken from [85]) 
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(3) Micromechanical models 

Tanaka and Mum model: 

In Tanaka and Mura model [89], they considered the polycrystalline material loaded by 
uniaxial stress. This type of loading implies the maximum shear stress on the plane under 
45° inclination with the stress axis. Fig. 3.2.8a shows the section through the surface grain 
perpendicular to the specimen surface. The slip plane is perpendicular to the cross section 
and the slip direction is in it. During the loading the dislocations are generated at the surface 
and move deeper into the grain. In their model, the dislocations formed by previous forward 
loading are irreversible and the reverse plastic flow is taken by the motion of dislocation 
with opposite sign on the other slip plane which is located very close to the previous one 

The dislocation pileups made under reverse loading are on layer II. The pileups of negative 
dislocations on layer II causes a positive back stress on layer I. This back stress enhances 
the pileup of positive dislocations during the next stage of forward loading. In this way, the 
accumulation of dislocation dipoles is amplified with the number of cycles and extrusion, 
intrusion or their combination is monotonically built up. [89] 

Figure 3.2.8: Schema of plane-like layer with accumulated dislocation pile-ups at the GB. 
The dislocation pile-ups on layer I and II are under tension and compression, respectively, 
(b) Crack initiation from vacancy dipoles or extrusion, (c)crack initiation from intrusion. 
(Taken from [5]) 

Fig. 3.2.8b illustrates two types of initiation and growth of fatigue cracks. Growing tensile 
stress built up with the number of cycles between two layers at the top of piled-up of 
vacancy dipoles becomes large enough to suddenly create the nucleus of a crack when the 
fracture criterion is satisfied. In the case of extrusions, embryonic cracks are formed inside 
the material at the grain boundary of the surface grain where the vacancy dipoles are piled-
up. The formation of an intrusion causes stress concentration under the applied stress and 

[89], 

\ 
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it can be also regarded as the crack embryo. The following growth of a crack embryo is 
expected to take place along the slip band. [5] 

3.3. Stage I fatigue crack growth 

The nucleation, as well as the whole fatigue process, is controlled by the cyclic-plastic 
deformation. Therefore, it can be expected that cracks nucleate at positions where the 
cyclic-plastic deformation is higher than the average, in other words, in places of plastic-
strain concentration. [30] 

Many observations of Stage I fatigue crack initiation and growth are related to the fatigue 
induced surface roughening. A s discussed earlier it is connected with the evolution of 
internal dislocation structure, e.g. ladder-like structure, within the PSBs. One of the first 
direct observations of crack initiation and its early growth along P S B was performed in 
polycrystalline Cu by Katagiri et al. [90] as shown in Fig. 3.3.1. 

Figure 3.3.1: Fatigue crack along the ladder structure of a PSB in a fatigued 
polycrystalline copper. (Taken from [90]) 

Experimental studies performed in vacuum show that the slip-unslip mechanism can be 
reversible and new surface can be rewelded. The slipping-unslipping mechanism is 
enhanced by the environment which leads to the formation of new surface, i.e. primary 
crack. In the case of a row of semielliptic intrusions along the P S M subjected to cyclic 
shear strain the material between intrusions shears first, the intrusions are connected, and a 
shallow surface crack is initiated. Both Mode II and III straining in the immediate vicinity 
of the intrusion contribute to gradual decohesion and crack initiation (see Fig. 3.3.2). A s 
soon as the rate of new surface formation due to the stress concentration becomes higher 
than that due to intrusion growth the surface defect can be considered as a surface crack. 
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Figure 3.3.2: Schematics of environment assisted crack initiation, (a) Initiation of shallow 
surface crack from the intrusions, (b) Crack initiation and early growth by irreversible slip-
unslip at the tip of the intrusion. (Taken from [2']) 

The environment plays and important role in crack initiation rates due to slip irreversibility. 
Fig. 3.3.3 shows schematically the influence of environment in a metal cycled in air and in 
vacuum. Single slip during the tensile/compressive loading cycle produces slip steps at the 
surface. Additionally, the slip steps forming during the tensile portion of a fatigue cycle in 
laboratory air or in a chemically aggressive medium suffer to chemisorption of the 
embrittling species (oxygen, hydrogen) and formation of and oxide layer on the freshly 
formed slip step. It makes the reverse slip difficult on the same slip plane upon a load 
reversal. [25] 

A s documented many times, the fatigue crack initiation is related to the basic properties of 
the material like chemical composition, crystalline structure, degree of strain localization 
and others but also to grain size and straining amplitude. Numerous experimental studies 
focused on the structural materials without internal defects reported earlier show that 
primary cracks initiate in the PSMs. Sharp intrusions represent an effective stress 
concentration as the radius at the tip of the intrusion is very small. In the case of structural 
materials, the annealing twins [4; 66; 91] and grain misorientation can increase the stress 
state in the vicinity of the grain and twin boundaries and PSMs , from which the fatigue 
crack can initiate. The number of initiated Stage I cracks increases with number of cycles 
and stress or plastic strain amplitude as documented earlier by Polák [92], 

vacuum 

Figure 3.3.3: Model offatigue crack nucleation near a free surface by the synergistic effect 
of single slip and environmental interactions. (Taken from [25]) 
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The issue of the crack initiation due to the P S M formation at the specimen surface is studied 
using various modern techniques since the mechanism is still not clear. A s discussed earlier 
the basic mechanisms describing the P S M formation and crack initiation was investigated 
mainly on the simple materials such as the copper. Recently the thorough study of M a n and 
coworkers performed on 316L austenitic steel [93; 94] showed the growth rate of a P S M 
during the cycling and the evolution of its shape in the form of extrusions and intrusions. 
They studied the surface evolution and crack initiation using A F M and the results have 
been verified by FIB cutting, since A F M does not provide the correct information about the 
profile due to the shape of the A F M tip. The internal microstructure studied using the 
electron channeling contrast imaging (ECCI) revealed the localization of the cyclic plastic 
strain into the PSBs with the irregular ladder-like dislocation structure along the primary 
slip planes documented by the E B S D . Their analysis supports the point-defect model of 
fatigue profile evolution and the crack initiation in the tip of the intrusion. Similar 
observations were done also on the martensitic steel [95], 

Roach et al. [91] found on fatigued 316L steel also the preferential localization of the crack 
initiation in twin boundary (TB) along which the P S B has been developed. Moreover, 
according to study of Vogt and M u et al. [36; 96] the crack initiation along the P S M s can 
be promoted by the enhanced nitrogen content in the material. Considering all results about 
the P S M formation and the crack initiation, some authors [97] started modelling dislocation 
motion with the aim to simulate the formation of PSMs. 

3.4. Effect of high temperature 

Fatigue crack initiation in the materials used at elevated temperatures is highly affected by 
the factors dependent on service temperature, stress amplitude and environmental effects. 
Mechanisms contributing to the formation of microscopic damage can be outlined as 
follows: 

a) Crack nucleation due to cyclic slip 
b) Cavity formation at the grain boundaries 
c) Nucleation and evolution of defects as a result of inclusions and precipitates 
d) Oxidation and corrosion 

The oxidation is one of the most important damaging mechanisms taking place during the 
high temperature loading of the metals in the environment. The oxidation rate in the case 
of metals where the surface oxide layer represents the protective surface layer against 
further diffusion of oxygen ions into the metal can be evaluated using the parabolic equation 

m2 = k t , (3.4.1) 

where m is the oxide scale thickness, k is the parabolic constant and / is the exposure time. 

The intermediate steps between the "initial state" in the form of pure metal and "final state" 
in the form of oxide require external energy input represented by the free energy of 
activation AGactiv. A s the temperature of the system is increased, more thermal energy is 
available to overcome the barrier, and therefore the oxidation rate increases. The rate of the 
oxidation is given by the exponential dependence known as Arrhenius equation 

k = k1exp(-AGactiv/RT), (3.4.2) 

where k is the rate constant, ki is constant, T is temperature and R is gas constant. The 
oxidation rate depends also on the partial pressure of oxygen. [98] 
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Based on the mentioned effects influencing the oxidation the neutral or slightly corrosive 
environment such as air is with increasing temperature converted into highly aggressive 
environment. The degree of aggressiveness depends considerably on the material structure 
and chemistry. 

In simple metals, oxidation is appreciable at temperature above 300 °C. L o w alloy heat 
resistant steels oxidize above 350 °C, but since oxidation is not selective, the effect on crack 
initiation is small in most cases. The actual mechanisms can be very complex, such as the 
depletion of one type of atoms due to oxidation, internal oxidation or depletion of the 
protective oxide scale. [2] 

The oxygen molecules are absorbed preferentially on the metal surface, since the forces 
between the individual atoms at the surface can differ from those in the bulk of the material 
due to the failed symmetry of the crystal structure. The diffusivity of oxygen atoms 
increases in the low-energy sites on the metal surface. It means that during high temperature 
fatigue in harsh environment near surface effect is important. Oxidation has a high impact 
on the crack initiation and growth of fatigue cracks. The affinity of the O2 with Fe and Cr 
is higher than of the other elements. They preferably create surface oxide layers of an 
approximately uniform thickness [18]. Therefore, the environment effect in the form of 
oxidation and the increased element diffusion at a high temperature can significantly 
influence the tensile and fatigue properties of austenitic stainless steels. The high 
temperature leads to the higher diffusion rates of elements such as Cr, N i , N , C . . . [99], 
High diffusion rate of carbon at elevated temperatures causes carbide formation. Main ly 
M23C6 type carbides are present in structure of the 300 series austenitic stainless steels [12]. 
These carbides are composed mostly of Cr. The precipitation occurs very rapidly during 
the early stages of loading (about half an hour at 750 °C) along the grain boundaries and 
consequently reduces the resistance to intergranular corrosion [12] due to the diminishing 
of the Cr2Cb protective oxide layer formation. The Cr-depleted zone arises in the vicinity 
of chromium carbides. According to Marshal [99] the minimum Cr content to guarantee 
the corrosion resistance is 12% in solid solution of the alloy matrix. Moreover, the GBs 
consist of a high density of dislocations which under the external stress can increase the 
inner oxidation rate along the G B [100; 101] without any notable crack. 

The most plausible crack nucleation mechanism during the interaction of environment and 
cyclic straining is the repeated oxide layer rupture model proposed by Coffin [102]. Further 
oxidation of the freshly exposed metal can be accelerated by the oxidation of carbides, 
formation of corrosion pits [103] or oxide intrusions along the grain boundaries and within 
the grains [99]. The early cracks propagate preferentially in the intergranular manner. 

4. Growth of short fatigue cracks in ductile metals 

Since the initiation of cracks appears in the early stages of fatigue life the growth of cracks 
represents in most cases the period determining the fatigue life of the structures. The 
important breakthrough in the study of fatigue crack growth was done by Forsyth [104; 
105] who recognized two stages of fatigue crack growth denoted as Stage I and Stage II. 
Simultaneously, there was a great effort to predict the kinetics of the Stage II crack growth 
closely connected with the fail-safe design philosophy. B y introducing the fracture 
mechanics the crack growth kinetics was analysed in several materials using the linear 
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elastic fracture mechanics. Nevertheless, linear fracture mechanics does not work for all 
cracks and all loading conditions [2; 25; 106; 107]. The crack growth rates significantly 
dependent on the nature of fatigue cracks and their length, mainly in the case of natural 
short cracks. This led Suresh and Ritchie to classify short cracks according to their character 
and "smallness". 

According to Suresh and Ritchie [108] short cracks can be classified into four groups based 
on their size scale: 

(a) Microstructurally small cracks - fatigue cracks for which the crack size is 
comparable to the scale of the characteristic microstructural dimension such as the 
crack size. 

(b) Mechanically small cracks - small fatigue cracks in smooth specimens for which 
the near-tip plasticity is comparable to the crack size, or cracks which are engulfed 
by the plastic strain field of a notch. 

(c) Physically small cracks - fatigue cracks which are significantly larger than the 
characteristic microstructural dimension and the scale of local plasticity. Their 
length is typically smaller than a milimeter or two. 

(d) Chemically small cracks - fatigue cracks which are nominally amenable to linear 
elastic fracture mechanic analyses but exhibit apparent anomalies in propagation 
rates below a certain crack size as a consequence of the dependence of 
environmental stress corrosion fatigue effects on crack dimensions. 

Later the elasto-plastic fracture mechanics [109] was introduced to describe the crack 
growth rates under elasto-plastic straining. It was implemented also to the description of 
the short cracks growth [110]. 

Since the evaluation of the actual crack growth rate in the bulk of the material is difficult 
using conventional methods some approximations are considered in calculations. Based on 
the observations of Polák and Obrtlik [111] using heat-tinting method that the extension of 
the crack front in the bulk is approximately equal to the half of the surface crack extension 
it was concluded that crack has approximately semi-circular shape (see Fig. 4.1). 

Figure 4.1: Crack fronts of several crack lengths in low carbon steel. (Taken from [2]) 

Irwin studied the influence of loading path on the behaviour of cracks [112]. Based on his 
observations he introduced three different loading modes: Mode I (opening mode under 
tensile loading), Mode II (sliding mode under shear loading in the crack growth direction) 
and Mode III (shearing mode under shear loading perpendicular to the crack growth 
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direction). The modes are divided according to the relative position of the vector of loading 
force and the crack plane in F ig 4.2. 

Mode I Mod* II Mode III 

Figure 4.2: Three standard loading modes of cracks. (Taken from [2]) 

In following sections, the early fatigue damage mechanisms are discussed in detail based 
on recent monographs on fatigue [2; 25], 

4.1. Crack growth mechanisms 

4.1.1. Effects influencing the crack growth 

The initiation period is supposed to be completed when microcrack growth no longer 
depends on the material surface conditions. A s long as the microcrack is within one grain, 
the microcrack is obviously present in an elastically anisotropic material with a crystalline 
structure and number of different slip systems. The microcracks grow under the cyclic 
shear. The microcrack contributes to an inhomogeneous stress distribution on a microlevel, 
with a stress concentration at the tip of the microcrack. A s a result, more than one slip 
systems may be activated. Moreover, i f the crack is growing in some adjacent grains, the 
constraint on slip displacements w i l l increase due to the presence of the neighbouring 
grains. Similarly, it w i l l become increasingly difficult to accommodate the slip 
displacement by slip on one slip plane only. It should occur on more slip planes. The 
microcrack growth direction wi l l then deviate from the initial slip band orientation. In 
general, there is a tendency to grow perpendicular to the loading direction (see Fig. 4.1.1). 

Because microcracks grow close to the surface under the cyclic shear and depend on cyclic 
plasticity, some structural barriers can imply a threshold for their growth. Such a threshold 
can be grain boundaries. Two grains with a significant mutual misorientation may decrease 
or stop the crack growth rate [113]. Later when the crack reaches the sufficient length and 
grows under the plane strain conditions its growth rate is steady or increasing. B y increasing 
its length the crack front have a tendency to extend like in as a continuum and become 
approximately semi-elliptic. 

In general, the aspects influencing the growth of cracks can be divided into several groups 
as follows: 

• Crystallographic nature of the material 
• Surface effects 
• Crack growth barriers 

[25] 
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• Number of crack nuclei 
• Macrocrack growth and striations 
• Environmental effects 

Figure 4.1.1: Schematics of the short crack growth in a polycrystal. (Taken from [SI]) 

Based on the nature of the initial cracks growing along the preferential slip planes there is 
a crystallographic dependence on their mechanistic behaviour. These aspects can be 
divided as follows: 

• Type of crystal lattice, elastic anisotropy 
• Slip systems 
• Grain size and shape 
• Texture of the material structure - grain orientation 

These material characteristics are closely related to the fatigue crack initiation and Stage I 
crack growth. A s a result of the elastic anisotropy, the stress distribution from grain to grain 
is not homogeneous. The inhomogeneity was found to be larger for steels revealing the 
elastic anisotropy changes by factor 2.15 compare to A l revealing the elastic anisotropy 
changes by factor 1.20 [25]. It means that the stress level ahead of the crack tip in each 
grain in the case of steels can significantly vary. 

The number of activated slip systems can affect the growth path as well . If the number of 
easily activated slip systems is limited, microcracks persist much longer in growing along 
crystallographic directions. [106] 

Another type of fatigue crack growth barrier in the form of inclusions or precipitates could 
be considered. Nevertheless, i f their size is small compared to the size of microcracks they 
can imply a local effect on cyclic slip and crack growth. A s a result, they do not represent 
a permanent threshold for crack growth and crack can grow around the inclusion. 

It is known that the increasing stress level applied to the specimen increases the number of 
crack nuclei. This period of crack initiation takes appreciable part of the fatigue life. Schijve 

43 



[114] studied the average number of crack nuclei in relation to the S-N curve. Based on his 
results the single macrocrack grows as the consequence of growth of individual small 
cracks linked into one. The number of visible crack nuclei on the fracture surface decreases 
with decreasing stress level or elasto-plastic strain amplitude. The length of individual 
microcracks depends less on the microstructural threshold as the stress levels increases. A s 
a result, more microcracks can develop successfully to a large size crack. [106] 

It was pointed out also by Stolarz [115] that the growth of Stage I cracks is influenced by 
their mutual coalescence. Their growth into the neighbour grains is difficult without the 
linkage with other shallow crack. 

4.1.2. Crack growth path 

Fatigue cracks in almost all ductile materials are growing in the trans-granular manner, i.e. 
through the grains. They follow the grain boundaries only occasionally, contrary to the 
stress corrosion cracks and creep failure during high temperature fatigue. 

The early shallow cracks grow under the plastic deformation and the growth occurs 
predominantly by single slip in the slip system with the highest Schmid factor. The 
deviation of the crack path from Stage I to Stage II was studied on copper single crystals 
[116]. Crystallographic orientation has an impact on the change of the crack growth path. 
The higher ratio Q of the Schmid factor of the second highly stress slip system to that of 
the primary system the shorter is the crack length corresponding to the Stage I crack path. 
In the crack growth with high stress intensity range, the plastic zone at the crack tip 
encompasses many grains. The crack growth process involves simultaneous or alternating 
growth along two slip systems (see Fig. 4.1.2). This duplex slip mechanism, termed as 
Stage II by Forsyth [117], results in a planar (mode I) crack path normal to the loading axis. 
[25] 

Figure 4.1.2: Schematic of stage IIfatigue crack growth and an example in a single crystal 
ofNi-basedsuperalloy. (Taken from [25]) 

Similar observations were made by Blochwitz et al. [118-120] who found that short cracks 
studied in 316L steel followed on the surface mostly transcrystalline path (60%). 

Later during the Stage II growth the crack is opened by crack tip plastic strain inducing the 
blunting of the crack root. The radius of the crack tip was found to be about 0.4 |j,m. Several 
mechanisms are introduced to predict the blunting of the crack tip (see Fig. 4.1.3). During 
cyclic loading the plastic strain wi l l cause crack extension implying decohesion of the 
material. Typical surface features in the form of ridges are created on the fatigue fracture 
surface and are called striations. It is considered that each pair of striations corresponds to 
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one fatigue cycle in Paris regime of fatigue crack growth [121]. The striations are typical 
for pure and ductile metals. The research of Blochwitz et al. [118-120] done on 316L steel 
shows the highest crack growth rates for segments following {100} and {110} paths. Their 
findings support the model of striation formation proposed by Neumann [122; 123], 

The formation of the striations was found to be dependent on the environmental effects. It 
was first published by M e y n [124] that no striations were apparent on the fracture surface 
of samples cycled in vacuum. Later Pelloux [125] discussed that alternating shear process 
is reversible unless an oxide film is formed on the slip steps created at the crack tip. The 
oxidation of the crack surface increases the crack growth rates by several orders of 
magnitude compared to that measured in vacuum. The rewelding processes at the crack tip 
[126] cannot be realized. In addition to that the cycling in vacuum promotes crack 
branching and causes the longer and poorly organised crack front [127], 

The final fracture of the samples (long cracks) is of a quasi-static manner. It means that the 
sample is not anymore able to carry the maximum load of the cycle and the sample finally 
breaks by ductile fracture represented by dimples at the fracture surface. 
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Figure 4.1.3: Proposed mechanisms of Stage II crack advance. (Taken from [2]) 

4.2. Crack growth kinetics 

A s discussed earlier in Chapter 2 the growth of fatigue cracks represents the major part of 
the total fatigue life of cyclically loaded components. The characterization of long fatigue 
cracks is usually based on the fracture mechanics. The propagation of small fatigue cracks 
is significant since it can represent appreciable fraction of the fatigue life. It is important 
for designing of engineering components such as turbine discs or blades. It is known that 
crack growth rates of small cracks and long cracks under the same driving force can differ 
significantly (see Fig. 4.2.1). It is due to the large scale yielding ahead of the crack tip in 
the case of small cracks. This can lead to the dangerous overestimation of safety life of 
components. 

45 



Figure 4.2.1: A schematics of the typical fatigue crack growth behaviour of long and short 
cracks at constant values of imposed cyclic range and load ratio. (Taken from [25]) 

It was shown also by Hudak et al. [128] on nickel-based superalloy that the estimation of 
fatigue life based on linear elastic fracture mechanics can significantly differ from that 
directly measured. The results in Fig. 4.2.2 shows that the L E F M approach is usable only 
for the cracks with the initial crack size larger than 0.3 mm even i f the small-scale yielding 
conditions prevail in the case of smaller initial crack sizes (material defects). It is due to the 
different growth character i.e. zig-zag crack path and crack closure in the case of small 
cracks compared to long cracks. 

Figure 4.2.2: The plot shows the number of fatigue cycles to failure estimated by LEFM 
and small crack growth kinetics as the function of the initial crack size. (Taken from [128]) 

The highest attention to the growth of short fatigue cracks under the low cycle fatigue 
conditions was paid in the 1990s. It was observed by Gao et al. [129] that the important 
role in crack growth under high strain amplitude loading plays the crack coalescence. 
According to Vasek et al. [130] the increasing applied plastic strain amplitude increases the 
number of crack nuclei. The density of the initiated cracks (the size less than the grain size) 
increases almost up to the half of the fatigue life. Their density was observed to by stable 
up to the fracture for low plastic strain amplitudes. In the case of high plastic strain 
amplitude their density slightly decreases after reaching the maximum occurrence implying 
their mutual coalescence. 
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Based on the experiments showing the short crack behaviour under different levels of 
elasto-plastic loading the kinetics of short cracks growth was studied more intensively 
[130-134]. Using fractographic observations it was found that the final fracture of the 
samples or components is due to the propagation of one dominant crack. It means that the 
fatigue life is dependent on the growth of the actual longest crack in the material. This crack 
is called "equivalent crack". It is the longest measured crack at a given number of cycles. 

Based on the previous observations the crack growth rate and the analysis of the residual 
fatigue life can be estimated in terms of two approaches. The first one is the growth under 
the small scale yielding ( L E F M - AK) and the second one is based on large scale yielding 
( E P F M - J integral, sap). Local inelastic yielding ahead of the crack produces the plastic 
zone. The size and the shape of the plastic zone depend on the mode of applied loading, the 
geometry of the body, and whether plane stress or plane strain is applicable. The early 
calculations of Rice [109] and Irwin [135] indicated that the size of the plastic zone is 
proportional to (Ki/oy)2. Calculations using analytical estimates or finite element method 
shows that in plain strain condition the maximum extend of the plastic zone is inclined at 
an angle about 70° with the plane of the crack path. The individual approaches are discussed 
below. 

4.2.1. Small scale yielding approach (AK) 

In the case that the crack tip is small compared with the specimen dimensions and the crack-
tip plastic zone is small compared with the length of the crack the linear elasticity theory 
can be used. Therefore, the linear elastic fracture mechanics approach is widely used mainly 
for the characterization of the long cracks. Irwin [136] quantified the near-tip fields for 
crack in terms of the stress intensity factor Ki (I represents the stress intensity factor for 
Mode I crack growth) as follows: 

where r and 6 are polar coordinates, and (©) are trigonometric functions which depend 
on the ij components of stress tensor. The stress intensity factor Ki is a configuration 
independent parameter, which uniquely characterises the intensity of the local elastic stress 
field ahead of the crack. For a crack having the length a growing under the tensile mode 
with tensile stress a the stress intensity factor can be described using function 

where the function F(a, w) depends on the crack length a and characteristic dimension w 
of a body in the direction of the crack. [2] 

For the case of small scale yielding the size of the plastic zone ahead of the crack tip is 
defined by the area in which the stress is larger than the cyclic yield stress. Then the Ki is 
a parameter characterising the stress field around the crack i f the extend of local plasticity 
is small compared with the extent of the elastic stress field which is itself small compared 
to the overall dimensions of the body. Several experiments done on the estimation of the 
crack growth rate as a function of the driving force led Paris and Erdogan [137] to correlate 
the crack growth rate of long cracks with the stress intensity range (see Fig . 4.2.3), AK, as 
follows: 

(4.2.1) 

Kj = ay/Ťia F(a, w) , (4.2.2) 
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- = C ( — r (AKth < AK < Kic) , (4.2.3) 

where C and m are experimentally determined material constants. AK0 is a constant equal 
to 1 M P a / m 2 in order to simplify the units of C and m constants. 

log A K 

Figure 4.2.3: Crack growth rate of a long crack as a function of the stress intensity range. 
(Taken from [25]) 

A s mentioned earlier, the growth of short cracks in the case of ductile materials takes place 
under the large cyclic plastic strain. Therefore, the correlation of crack growth rate with AK 
parameter, representing mainly the elastic driving force ahead of the crack tip, is not 
sufficient. 

4.2.2. Large scale yielding approach (J-integral) 

In the case of elasto-plastic cyclic loading a more general parameter is needed for the 
description of the crack growth rate. Such a parameter is path-independent J-integral. J is 
two dimensional line integral introduced by Rice [109]. For nonlinear elastic materials the 
J-integral has a character of a potential energy available for crack extension. For linear 
elastic materials, the J represents the strain energy release rate and is proportional to the 
square of the stress intensity parameter K divided by Young's modulus E [138]. For elastic-
plastic materials J-integral is a measure of the intensity of the crack-tip strain field. J -
integral has been employed successfully for many materials as the parameter describing the 
driving force at the crack tip [110; 139; 140] under plastic deformation conditions. 

To use the J-integral in practical situations it must be evaluated. Dowling [140] estimated 
the Jfirom the hysteresis loop as the sum of the elastic and the plastic strain energy densities 
multiplied by the crack length a (half of the semi-circular crack). Recently the 
implementation of the finite element analysis simplified the characterization of the J -
integral at the crack tip assuming the true shape of the crack front [139], 

Based on the work of Sih and Hutchinson [138] who estimated the J for extremal cases 
(fully linear, fully plastic) the J amplitude J a can be evaluated as the summation of its elastic 
and plastic component as follows 
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J a = Ja,el + Ja.pl • (4-2.4) 

Recently Nahlik and Hutaf [110] introduced numerical model for characterization of short 
fatigue crack growth using ./-integral. They rewrite the Paris-Erdogan law (Eq. 4.2.3) in 
terms of J amplitude Ja. They found that the plastic part of the ./-integral plays dominant 
role in the short crack growth propagation during high strain cycling. Therefore, they 
described the small fatigue crack propagation rates using the non-linear component of the 
./-integral as follows 

da = c QlzBLynjp ( 4 2 5 ) 

Ja.pi.o 1 S a constant equal to 1 J /m 2 in order to simplify the units of Cjp and mjp constants. 
They found very good correlations in many structural materials such as austenitic steel 
[139] and ODS steels [141]. 

4.2.3. Plastic-strain dependence crack growth rate approach (sap) 

Polák and Liškutín [92] studied the short crack growth in polycrystalline copper subjected 
to constant plastic strain amplitude. They have found that the same fatigue life is reached 
i f the aggregate of growing short cracks in the specimen subjected to constant plastic strain 
amplitude loading is replaced by the growth of the instantaneously longest crack, so-called 
equivalent crack [133; 134]. During the fatigue life, the growth of the smaller cracks slows 
down under the shielding effect of the dominant crack. Similar approach has been used in 
the studies of short crack growth in 316L steel, [118; 130; 142], duplex stainless steel, 
[143], Eurofer 97 steel, [142] and in ferritic stainless steel [144], 

Other approach to analyse the crack growth rates is the comparison of the prediction of the 
fatigue life using the plastic-strain-dependent crack growth rates [144; 145]. Polák 
proposed the crack growth rate dependence on the plastic strain amplitude [144]. According 
to that the short crack growth in most materials can be described by the exponential 
dependence using equation 

a = cti exp(kg N) , (4.2.6) 

where a is the crack length, a, is the crack length extrapolated back to zero number of cycles 
and kg is crack growth coefficient and N is the number of cycles. The increment of the crack 
length per one cycle can be obtained by differentiation of equation (4.2.6): 

— = k a a . (4.2.7) 

It is assumed that the crack growth coefficient kg depends only on plastic strain amplitude 
Sap as follows 

kg = kg0eip , (4.2.8) 

where kgo is constant and d is crack growth exponent. 
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4.3. Effect of high temperature 

High impact on fatigue crack propagation at a high temperature has the corrosion effect of 
the environment. Stress corrosion cracking starts when the brittle oxide layer at the tip of 
the crack breaks under the tensile stress. It contributes significantly to the growth rate. 
Moreover, during the period when the crack is open the oxygen can penetrate into the metal 
and new oxides can rise [99]. Contrary to the cycling at a room temperature The most 
obvious change in the crack growth path in high temperature cycling is that from trans- to 
intergranular. Intergranular crack propagation at high temperature is faster than 
transgranular propagation and thus shortens the fatigue life of strain-controlled specimens. 
Formation of creep cavities, oxides, and precipitates at grain boundaries also leads to the 
reduction of the fatigue life. Transition from trans- to intergranular crack propagation is 
enhanced by the presence of oxidation environment as observed many times in Ni-based 
superalloys [146; 147]. 

The impact of the environment during high temperature loading on the fatigue crack growth 
path was well demonstrated in experiments performed in the vacuum and in the air [148], 
In vacuum, the crack propagation at high temperature remains transgranular, while in air 
the crack propagation is almost exclusively intergranular. [2] 

The effect of the oxidizing atmosphere on crack growth of iron-based superalloy 800H at 
800 °C was found by Bressers et al. [149]. The crack density and crack length of the 
dominant crack increases more quickly in air than in vacuum resulting in three to four times 
higher fatigue life in vacuum. Crack nucleation enhancement and acceleration of 
microcrack growth in the air are apparent. The enhancement of crack nucleation rate in the 
air was ascribed to oxide scale cracking. The higher number of microcracks in the air 
contributes to the frequent crack coalescence and to the earlier fracture. [2] 

Direct detailed experimental evidence on the mechanisms of environmentally assisted 
crack extension and fatigue crack propagation is rare. Skelton [150] shows that oxidation 
during high plastic strain cycling contributes directly to the cyclic growth either by the 
strain enhanced oxidation and the subsequent metal loss at the crack tip, or by the diffusion 
of the oxygen ahead of the crack tip. 

Another effect typical for high-temperature tests is the strong influence of frequency. Krupp 
[147] and Carpenter [146] proposed mechanisms describing the grain boundary oxidation 
and embrittlement of the GBs during high temperature loading at low loading rates. The 
corrosion damage increases linearly with the time of exposure to corrosive environment 
[151]. Yamaguchi and Kanazawa [8] studied the impact of increasing temperature on crack 
growth rate for several loading rates. They found that the fatigue life of the specimens tested 
with low strain rate lO^s" 1 decreases more rapidly with increasing testing temperature 
compared to that measured for higher applied strain rate 10 'V 1 . The decrease in the fatigue 
life has been ascribed to the increase of the intergranular character of the fatigue crack path. 
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IV. EXPERIMENTS 

5. Material 

5.1. Sanicro 25 

Austenitic stainless steel of the grade U N S S31035, and with the trade name Sanicro 25, 
was produced by Sandvik, Sweden. The chemical composition of the material in the as-
received condition (in wt%) is listed in Table 5.1. The material was delivered in the form 
of hot rolled cylindrical rods of 150 mm in diameter. The specimens for the mechanical 
testing were machined parallel to the rod axis. After the production of their crude shape, 
the specimens were annealed at 1200 °C for one hour and cooled in the air. 

Fe Ni Cr W Cu Co Nb Mn N Si C 
This work 42.9 25.0 22.5 3.6 3.0 1.5 0.5 0.5 0.23 0.2 0.1 
Producer 
Min/Max Bal. 23 .5-

26.6 
21.5 -
23.5 

2 .0 -
4.0 

2 .0 -
3.5 

1.0-
2.0 

0.3 -
0.6 

0.6 
Max 

0.15-
0.30 

0.4 
Max 

0.04-
0.1 

Table 5.1: The nominal composition of studied Sanicro 25 highly alloyed austenitic 
stainless steel (in wt%). Composition of steel studied in this work is compared with the 
composition guaranteed by the producer [11]. 

6. Mechanical testing 

6.1. Specimens 

Solid cylindrical specimens with the diameter of 8 mm and gauge length of 12 mm were 
used for cyclic straining at room temperature (see Fig.6.1.1a). The axis of the specimen is 
parallel to the axis of the cylindrical rod. Shallow notch of depth 0.4 mm was ground in the 
middle of the gauge length to facilitate the observation of the surface evolution and cracks. 
The theoretical stress concentration factor of the notch Kt was determined by finite element 
method ( F E M ) using numerical program A N S Y S . Fig. 6.1.2. shows the detail of the notch 
and the result of elastic strain distribution. The theoretical stress concentrator factor Kt = 
1.185 is small enough to have only minor impact on the crack nucleation in other parts of 
the specimen but high enough to initiate the major crack in the observed area of the shallow 
notch. The effect of the shallow notch decreases as the strain amplitude or plastic strain 
amplitude increases. Specimens were mechanically and electrolytically polished. The area 
of the shallow notch was polished by soft 8" SiC grinding paper (EuropeanFEPA Grit 
Rating 1200). The chemical composition of the electrolyte was 500 ml of ethanol, 7.5 ml 
of nitric acid, and 25 ml of perchloric acid. 
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Figure 6.1.1: Geometry of the specimens: a) specimen for cyclic loading at room 
temperature and b) specimen for cyclic loading at high temperature 

Figure 6.1.2: (a) Geometry of the shallow notch and (b) the stress analysis of the notch 
effect under static uniaxial loading using ANSYS in the specimen axis direction Y (loading 
direction). 

In the case of high temperature loading the solid cylindrical specimens with the diameter 
of 6 mm and the gage length of 15 mm were used (see Fig.6.1. lb). To eliminate the effect 
of the surface roughness on the fatigue and to facilitate the observation of the surface relief 
evolution, the area corresponding to the gage length was mechanically grinded and 
elecrolytically polished in the same manner as samples used for testing at room 
temperature. 

6.2. Cyclic loading 

A l l tests were carried out using servo-hydraulic tension-compression computer-controlled 
M T S testing machines M T S 810. The tests were performed under fully reversed (R e = -1) 
strain controlled cycling with constant strain rate. Temperature of the samples was 
controlled by thermocouples in the range ±2°C. Stress and strain were recorded in regular 
intervals. During one hysteresis loop 400 data-points containing information about the 
stress and the strain were taken. Stress and strain amplitudes were derived from the 
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hysteresis loops acquired during the cycling. Plastic strain amplitude was determined as the 
half-width of the hysteresis loop at mean stress. 

Cycling straining at room temperature was conducted under strain control with constant 
strain rate of 5><10"3 s"1 and constant total strain amplitudes sa in the range of (2.5-
7.0)xl0" 3 . The samples were tested in air. Mechanical grips held at constant temperature 
by water cooling system were used. Force was measured by a load cell. The displacement 
and the strain during loading were controlled and determined by uniaxial extensometer 
having the 8 mm base between the knife-edges. To measure the crack growth the area of 
the notch was regularly observed and photographed. In order to analyze the crack 
increment, the fatigue test was interrupted at a chosen number of cycles. The specimen was 
kept in tension (at zero strain) to ensure open cracks during the image acquisition. 

Continuous isothermal tests were carried out at the temperature of 700 °C. High 
temperature hydraulic grips and a split three-zone resistance furnace were used to keep the 
desired temperature with minimum temperature gradient across the gage length. Specimen 
temperature was monitored by three thermocouples (two located on both heads of the 
sample and one monitoring the temperature in the middle of the gage length). Fully reversed 
cyclic loading with constant total strain amplitude of 5.0x10" 3 and constant strain rate of 
2x l0" 3 s"1 was applied. Strain was measured and controlled using high temperature axial 
extensometer having long ceramic rods and 12 mm base. Specimen was heated to the high 
temperature (in around 30 minutes) and after a full stabilization (around 1 hour) the cyclic 
straining was started to minimize the high-temperature exposure of the specimen before 
cycling. 

7. Microscopic observation 

7.1. Light microscopy 

Fatigue crack initiation and growth was studied on specimens with polished gage section 
using long focal distance light microscope ( L M ) Navitar equipped with Olympus D P 70 
high resolution camera shown in Fig. 7.1.1. The images were acquired with the resolution 
of 0.15 |j,m corresponding to 1 pixel. 

Figure 7.1.1: Long focal distance light microscope Navitar equipped with Olympus DP 70 
high resolution camera. 
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Surface cracks up to 2 mm of surface length were studied during cyclic loading. Images of 
the studied area were acquired regularly and the crack length was evaluated. To facilitate 
the observation of the notch area the periodic net of straight shallow lines was ground on 
the surface by the razor. The spacing of 0.5 mm between the lines was used. The test was 
stopped after the one of the cracks achieved the surface length higher than 2 mm within the 
observed area. The growth of particular selected cracks has been analyzed backwards from 
the previously stored images. Since the crack shapes in austenitic steel are assumed to be 
approximately semicircular [111; 118], the crack length a in the bulk was characterized by 
the half of its surface length (i.e. the distance between the crack tips on the specimen 
surface) projected on a plane perpendicular to the loading axis as marked by red line in Fig. 
7.1.2. The crack growth rate was then defined as the increment of the crack length, Act, in 
the number AN of the cycles. Figure 7.1.3 shows the area of the shallow notch after the test. 
The lengths of five largest cracks within the observed area are marked. 

Figure 7.1.2: Surface crack length 2a (red line) of a semicircular crack in the direction 
perpendicular to the loading axis. 
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Figure 7.1.3: Micrograph of the notch area imaged after the cycling. Five longest fatigue 
cracks are found and highlighted. The surface lengths of the individual observed longest 
cracks are marked by arrows. The specimen was subjected to cyclic loading with sa =2.5 
%. The picture is taken at the end of cycling. 

7.2. Scanning electron microscopy 

T The surface of the selected specimen was inspected in detail using dual-beam Lyra 3 
X M U F E G - S E M (Tescan) equipped with the focused ion beam (FIB), backscattered 
electron (BSE), electron backscatter diffraction (EBSD) and X - M a x 8 0 energy dispersive 
X-ray spectroscopy (EDS) detectors all produced by the Oxford Instruments and operated 
with the Aztec control system shown in Fig. 7.2.1. 
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Figure 7.2.1: Dual-beam scanning electron microscope TESCANLyra 3 XMU FEG-SEM. 

The mechanism of the initiation of the cracks was studied using technique of coupled FIB 
nanofabrication and E B S D analysis. In the case of loading at high temperatures the E D S 
analysis was also used to study the changes in the composition and to characterize the 
oxidation behaviour of the material. Specimens in selected stages of the fatigue life or at 
the fracture were investigated. In order to reveal the shape of the surface relief and the 
shape of the initiated crack in the third dimension, the grains with P S M s running 
perpendicular to the specimen axis were chosen. Lamellae perpendicular to the direction of 
P S M s were produced using FIB. Fig. 7.2.2 schematically shows the position of the lamella 
situated approximately in the center of the grain. The area of the interest was documented 
using F E S E M , and later selected area of the grain with several P S M s was covered with 
platinum. Very thin platinum layer was first deposited using electron bombardment and 
later a layer of about 1 .5-2 um in thickness was deposited using ion bombardment. FIB 
was used to produce rectangular craters from one side and later from both sides of the future 
lamella. However, only one lamella could be prepared using FIB from the grain containing 
P S M s and subsequently observed in transmission electron microscope (TEM) . Lamella was 
further completely separated from the grain, mounted to the supporting copper grid, and 
subjected to further thinning. Selected steps from the procedure of the lamella lift-out are 
demonstrated in Fig. 7.2.3. Both surfaces of the lamella were finally thinned with ions using 
low acceleration voltage of 5 k V and current of 300 p A in order to remove or minimize the 
damage caused by previous steps. 

Figure 7.2.2: Schematic position of the FIB cut in the grain perpendicular to the persistent 
slip markings. 
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Thin T E M lamellae prepared by FIB were also used to study the oxidation of grain 
boundaries during the cycling at high temperature. The lamellae were extracted at the 
position where the grain boundary was roughly oxidized. The grain boundary was oriented 
approximately perpendicular to the loading axis. The procedure of the preparation of 
lamella extracted at oxidized grain boundary is shown in Fig. 7.2.3. 

After the cycling, the relation between the structure of the material and the crack growth 
path was studied using the E B S D . The E B S D was performed using acceleration voltage of 
20 k V and the average spot spacing up to 1 |jm. The crystallographic orientation of the 
grains along the crack was analysed. The obtained Euler rotation angles of individual grains 
were used to define the orientation of primary slip planes {111}. Subsequently their 
projection to the planes described in the basic cartesian coordinate system ( X Y Z ) was 
analysed by software developed in Matlab at the I P M C A S by Roman Groger. 

Figure 7.2.3: Secondary electron images showing selected steps of the thin TEM lamella 
preparation procedure. The lamella is extracted in such a way that the plane of the lamella 
is parallel with the loading direction, (a) Deposition of the protective platinum layer, (b) 
Milling of the rectangular trenches on both sides of the lamella, (c) Lamella mounted to 
the needle and extractedfrom the material, (d) Rough shape of the lamella mounted to the 
Cu grid and later polished to the sufficient thickness. 

7.3. Transmission electron microscopy 

Thin foils suitable for T E M observations could be inspected either in F E S E M to document 
surface relief or directly in J E O L JEM-2100 F T E M (Jeol Ltd., Tokyo, Japan) equipped 
with F E G (Field Emission Gun) electron source (shown in Fig. 7.3.1). To visualize crystal 
defects such as dislocations the diffraction contrast imaging in S T E M (scanning 
transmission electron microscopy) was used. Both the bright and dark field detectors were 
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utilized to inspect the crystal either along low index zone axes or in several different two-
beam diffraction conditions. When inspecting arrangement of dislocation structures, the 
images were taken in at least four diffraction conditions to get all possible geometrical 
information about the crystal, slip planes and slip directions. The zero contrast invisibility 
rule known also as "g.b" rule was used to determine the Burgers vectors and the type and 
character of dislocations. To image different phases, electrons inelastically scattered to high 
angles were collected to annular dark field detector to obtain Z-contrast which is sensitive 
and proportional to atomic number (~Z 2) of elements. 

The T E M lamellae were fixed in the T E M holder with the loading direction aligned with 
the respect to the holder axis. The goal was to know the orientation of investigated crystal 
relative to the macroscopic loading axis during the observations. Diffraction patterns and 
Kikuchi lines were used to determine the crystallographic orientation of the stress axis in 
individual grains. If not stated otherwise, the Mi l le r ' s indexes were permutated so that the 
strain axis vector lay in or on the border of the basic stereographic triangle defined by the 
apexes [001], [O i l ] , [111]. 

Figure 7.3.1: Transmission electron microscope JEOL JEM-2100F equipped with STEM, 
HAADF and EDS detectors. 
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V. RESULTS 

8. Initial state of the material 

Microstructure characterization of initial state of the material before the loading was 
performed by S E M equipped with E B S D detector and S T E M equipped with E D S detector. 
The area of 0.8 m m 2 was analyzed to determine the average grain size. It was estimated to 
be about 60 urn using the intercept method from about 200 grains without consideration of 
annealing twin boundaries. Nevertheless, grains of the size up to 500 urn were also found. 
Closer characterization of microstructure was performed by E B S D (see Fig. 8.1). N o 
preferred microstructural orientation was found (see Fig. 8.1a). The orientation of 
individual grains is random. Grain orientation analysis using E B S D shows the presence of 
multiple annealing twin boundaries in the structure. Phase analysis in Fig. 8.1b shows that 
the matrix is composed only from austenitic grains. The primary particles of other phase 
are present in the material as well (shown as black color in Fig. 8. lb) 

Figure 8.1: Structure of the Sanicro 25 after annealing; a) grain orientation relative to the 
loading axis obtained by EBSD; b) EBSD micrograph of phases (austenite — red, primary 
precipitates — black). 

From the total number of analyzed grain boundaries the fraction of observed grain 
boundaries with particular misorientation angle at the interface was determined by E B S D . 
Results are shown in Fig . 8.2. It is evident, that the high angle grain boundaries ( H A G B ) 
significantly predominate when compared to low angle grain boundaries ( L A G B ) . Z3 twin 
boundaries with misorientation angle of about 60° with respect to the {1 1 1}-type of planes 
represent fraction of about 41% of all detected boundaries. Statistically, this means that 
approx. 80% of grains contain one twin boundary at maximum what is in a good agreement 
with the initial structure shown in Fig. 8.1a. Other special C S L type interfaces except for 
the twin boundaries represent only about 5%, what means that randomly oriented H A G B 
interfaces predominate. 
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Figure 8.2: Statistics of the fraction of grain boundaries with particular misorientation 
angle in the initial state observed byEBSD. Low angle grain boundaries (LAGB) represent 
approx. 6%, high angle grain boundaries (HAGB) approx. 53% and twin boundaries (1,3) 
approx. 41% of the total number of investigated grain boundaries. 

The overall micrograph of the initial state is shown in Fig. 8.3. Back-scattered electron 
images show electrolytically polished surface of the specimen. Individual equiaxed grains 
can be recognized as well as annealing twin boundaries. A t the grain boundaries but also 
inside the grains, large primary particles with size varying from 100 to 400 nm were 
observed (shown in Fig. 8.1b). Large precipitates were found also in groups elongated in 
the direction of the bar (rolling direction and specimen axis direction) [21]. 

Initial state of the material was thoroughly characterized using T E M . In Fig. 8.4a high-
angle annular dark-field ( H A A D F ) S T E M image of initial state is shown. It contains very 
low density of dislocations as expected after the annealing. Dislocation structure can be 
characterized by planar slip presented by multiple individual loop segments attached to the 
primary particles. 

Figure 8.3: Back-scattered electron (BSE) images showing equiaxed austenitic grains 
along with the annealing twin boundaries. Three sizes of the precipitates are evident in the 
structure: large precipitates elongated in the rolling direction, middle-size precipitates 
arranging the grain boundaries, and small-size precipitates found within the grains. 

In S T E M mode, E D S was used for the analysis of the particles located at the grain 
boundaries (see Fig. 8.4b). The composition of the precipitates is similar to that previously 
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reported for a complex nitride designated as Z-phase [12; 14]. Nb-rich Z-phase particles 
are the only type of a precipitate observed in the initial state after the solution annealing at 
temperature of 1200 °C. Sometimes, also a very small amount of M23C6 Cr-rich carbides 
can be present in the initial state of Sanicro 25. However, according to Sourmail [12], their 
dissolution temperature should be below 1100 °C suggesting their presence after annealing 
is arguable. In the present study, no carbides were observed in the initial state. Changes in 
the chemical composition inside the grains and along the grain boundaries were studied 
both by S E M - E D S and high-resolution S T E M - E D S . N o significant chemical 
inhomogeneity between the individual grains after the solution treatment was found (not 
shown here). This has been confirmed also by S T E M - E D S . Colored chemical composition 
maps in Fig. 8.4b document that there are no significant differences in the chemical 
composition along the grain boundaries. 

I 

Figure 8.4: (a) Bright field STEM image of the initial state of the material after final 
thermal treatment. Primary Z-phase particles are found along with very low dislocation 
density, characteristic by dislocation pile-ups. (b) Bright field STEM image of the Z-phase 
particles located at the grain boundary. The corresponding STEM-EDS map analysis 
documents the chemical composition of the primary precipitates. 

9. Fatigue damage at room temperature 

9.1. Natural fatigue crack initiation sites 

9.1.1. Crack initiation along persistent slip markings 

In all specimens cycled to less than 5% of the fatigue life, O M observations revealed 
significant density of fatigue cracks, which initiated on the specimen surface. 

One of the typical site where cracks initiated is shown in Fig. 9.1.1. SE micrograph shows 
the surface of the specimen fatigued with sa = 4x 10"3. It is notable that grain is oriented for 
multiple slip relative to the loading direction. However, the primary slip system is markedly 
evident to be the major slip system with well-developed PSMs . These P S M s do not extend 
across the all grain. Nevertheless, they represent the effective site for the crack initiation. 
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P S M along which the crack initiated is oriented approximately 45° in respect to the loading 
direction. The detail of the crack initiated and growing along the P S M is shown in Fig. 
9.1.1 on the right. The extrusion is passing through the center of the micrograph Fig . 9.1.1. 
Two parallel fatigue cracks probably initiated on opposite sides of the extrusion started to 
grow as shown in micrograph. Later, during further cycling the cracks continued 
propagating and linked while cracking the central extrusion. 

Figure 9.1.1: SE micrograph shows the specimen surface with initiated fatigue crack along 
the persistent slip marking (PSM). Crack initiated along the extrusion and was parallel 
with the PSM. Detail (on the right) shows the initiated crack growing on both sides of the 
extrusion and crossing the extrusion. 

Surface relief evolution in the form of P S M s anticipates the crack initiation. Micrograph in 
Fig. 9.1.2a shows typical relief of surface grain after fatigue where two well-developed 
parallel P S M s A and B are present. P S M s consist of one or more extrusions and parallel 
intrusions. In some positions it seems that crack has already initiated along the P S M . 
Nevertheless, it is very difficult to recognize between the intrusions and initiated Stage I 
fatigue cracks based on the observation of the surface. Nanofabricated FIB trench 
perpendicular to the P S M A (see Fig. 9.1.2b) in the location marked by a shadow line in 
Fig. 9.1.2a reveals the relief of the P S M A . The presence of two extruded hills (extrusions) 
and depressed material (intrusion) in between them is evident. Here, from the tip of the 
intrusion, Stage I fatigue crack was found to initiate. Figure 9.1.2b shows that the relief of 
extrusions and intrusion is not smooth; some alternating small extrusions/intrusions can be 
found even within individual large extrusions. 
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Figure 9.1.2: SE micrograph of the specimen cycled with total strain amplitude ea = 0.35%; 
(a) specimen surface with 5 parallel PSMs; (b) the profile of the PSM a in the location 
marked in (a) as "FIB cut" showing extrusions, intrusion, and cracks starting from the tip 
of the intrusion. 

Both the evolution of surface profile in form of two P S M s denoted as A and B , and Stage 
I crack initiation during cycling are shown in Fig. 9.1.3. The specimen was cycled with 
total strain amplitude of 0.25 % until first cracks had initiated. The area of interest was 
covered by platinum deposition. Then FIB cut was done perpendicular to the specimen 
surface. 

The early stage of evolution of P S M s at 0.8 % of fatigue life is shown Fig. 9.1.3a. The P S M 
A consists of small extrusion and shallow intrusion on the left side. The height of the 
extrusion is only about 80 nm and the deepest point of the intrusion is about 100 nm. It is 
apparent that the intrusion is composed of several small extrusions growing within the 
intrusion. These small extrusions create intrusion-like defects increasing the stress 
concentrator effect in the intrusion and then probability of fatigue crack initiation. P S M B 
consists preferentially of several parallel extrusions of 110 nm in height. Intrusions are 
present only in the form of very shallow depressed material. 

Further activity of the P S B in the bulk of the material is apparent from the roughening of 
the FIB-cut surface in Fig. 9.1.3b. Based on its morphology it is possible to say that the 
active Burgers vector is almost parallel with the FIB-cut plane. B y applying of additional 
1000 cycles the extrusion height increased in both cases by about 100 nm. The height of 
the extrusion in the case of P S M A is about 180 nm and in the case of P S M B it is about 
200 nm. After cycling small intrusion appeared on the right side of the extrusion in P S M A 
and Stage I fatigue crack (white arrow in Fig. 9.1.3b) initiated from the intrusion on the left 
side. In the case of P S M B intrusion developed close to the left side of the P S M . 

Figure 9.1.3c shows early stages of the growth of fatigue cracks initiated from both PSMs. 
In both cases the cracks initiated from the intrusions. The height of the extrusions increased 
only slightly of about 30 nm after additional 2000 cycles. Initially, the cracks were growing 
parallel with the PSBs and later they had tendency to deviate and the growth plane became 
nearly perpendicular to the loading direction (see crack initiated from P S M B). Slightly 
different situation was in the case of crack initiated from P S M A . The crack deflected from 
its original plane but continued growing on a parallel plane probably along the twin 
boundary. 
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Figure 9.1.3: The evolution of PSMs at the specimen surface and Stage I crack initiation 
from PSMs A and B in the specimen cycled by sa = 0.25%. The PSMs are documented in 
different stages of fatigue life; (a) 900 cycles =0.8 % Nf ;(b) 1900 cycles = 1.6% Nf ;(c) 
3900 cycles = 3.3% N/. Number of cycles to fracture is 118400. Loading direction is 
horizontal. Note also decohesion of the Pt layer from the surface due to growth of the 
extrusions (Fig. b and c). 
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Figure 9.1.4: Crack initiation along the twin boundary: (A) SE micrograph of the specimen 
surface with a crack initiated in the TB along the PSM (see the detail highlighted by black 
inset); (B) EBSD image in the loading direction of the area selected by dashed rectangle 
in Fig. 9.1.4a. 

The same approach was also applied to study the crack initiation " i n " T B . Micrographs in 
Fig. 9.1.4 show fatigue crack initiation along the T B . Secondary electron micrograph in 
Fig. 9.1.4a shows the specimen surface after fatigue testing with developed P S M s and an 
initiated crack. In Fig . 9.1.4b, E B S D analysis of the area marked by the dotted rectangle in 
Fig. 9.1.4a detected both the grain boundaries and the T B (marked by the arrows). It is 
apparent that the crack initiated in or very close to the T B . Closer inspection of the fracture 
surface inside the crack along the twin boundary (see the inset in Fig. 9.1.4a) indicates the 
presence of the P S B in the bulk which emerges on the surface as P S M . 

Figure 9.1.5: BSE micrograph showing the presence of initiated cracks along every other 
twin boundary. Loading direction is horizontal. 
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The growth of the Stage I fatigue crack initiated along the T B in the bulk of the material is 
shown in Fig. 9.1.5. The specimen was cyclically loaded by total strain amplitude 0.25%. 
B S E micrograph showing longitudinal section reveals the part of the surface grain 
containing several annealing twin boundaries. It is apparent that the fatigue cracks initiated 
from the surface at every other twin-matrix interface (marked by white arrows). The cracks 
continued growing along the twin boundaries only for a short distance. After a few 
micrometres, the cracks started to bifurcate and deviated from their original growth 
direction. 

9.1.2. Crack initiation at large angle grain boundaries 

Crack initiation at large angle grain boundaries caused by decohesion of the boundary in 
between two structural units was observed only rarely. Therefore, the cracks initiated at 
grain boundaries as shown in Fig. 9.1.6 (marked by the arrows) did not have high impact 
on the fatigue life of the material. These cracks continued propagating only for a short 
distance in the direction perpendicular to the loading axis. In the majority of cases the crack 
which initiated at the grain boundary stopped growing as a direct result of shielding effect 
of longer cracks which initiated previously. 

The detail of the grain boundary decohesion marked by dashed rectangle in Fig. 9.1.6 is 
shown in Fig. 9.1.7. It allows to reveal the details of the mechanism leading to the grain 
boundary cracking. The neighbouring grains are denoted as G l and G2. The projected slip 
traces of both grains at the specimen surface are perpendicular to each other. A s shown in 
Fig. 9.1.7 the P S M s arise not only on the specimen surface but also at the grain boundary. 
Since the slip activity of one grain cannot continue to the other grain due to the high grain 
misorientation the PSBs of G l emerge at the grain boundary in the form of PSMs. They 
consist preferentially of extrusions (white arrows). However, a few shallow intrusions (dark 
arrows) can be found as well. 

Figure 9.1.6: Surface of the fatigued specimen with total strain amplitude sa = 6x10"3. 
Individual surface grains are covered by multiple PSMs corresponding to several activated 
slip systems. The positions of the crack initiations at GB are marked by the arrows. 
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Figure 9.1.7: Details from Fig. 9.1.6 shows the GB in between two grains marked as Gl 
and G2. Well-developed PSMs and fatigue crack initiation at the grain boundary 
accompanied by the activation of slip systems are notable. Detail shows the emerging PSBs 
(extrusions marked by white arrows and intrusion marked by dark arrow) at the grain 
boundary leading to decohesion of the GB. 

Figure 9.1.8 documents the opened crack initiated at the G B oriented perpendicular to the 
loading axis. Using E B S D analysis three differently oriented areas in terms of 
crystallography denoted by numbers 1, 2 and 3 are recognized (see the colour inset in the 
image). The corresponding electron backscattered diffraction patterns (EBSPs) of each area 
are present in the image as well . It is notable that there is no crystallographic relation of 
twin type or other types between each of the grains. 

The mutual misorientation between the neighbouring areas 2 and 3 found by E B S D analysis 
is slightly above 20°. The angle between the surface traces of activated slip planes close to 
crack was evaluated to be about 80°. According to E B S D analysis and the crystallographic 
orientation of G3 the P S M s belong to (111)[1 01] slip system having the highest Schmid 
factor of 0.477. The dot product of vectors n (normal vector to the specimen surface) and 
b (Burgers vector) specifying the effectivity of the slip system at the surface and thus the 
visibility of the P S M at the specimen surface is only 0.07. P S M s in G2 correspond to the 
one of two possible slip systems. The first one (111)[101] has the highest Schmid factor of 
0.460 and its dot product n.b is equal to 0.31 and the second one (111)[ 110] has the Schmid 
factor of 0.395 and the dot product n.b is equal to 0.78. 

It is evident from the image that G2 is covered by dense parallel P S M s of significantly 
higher height than G3. These surface marks are composed of extruded material growing 
out of the specimen surface. The inset showing the detail of the cracked G B marked in Fig. 
9.1.8 by dashed rectangle reveals the impingement of P S M s belonging to both areas 3 and 
2 at G B . 
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Figure 9.1.8: Surface of the specimen cycled with sa = 6x10 (sap (N/2) = 4 x 1 0 ) . Crack 
in the central part of the image initiated at the GB as the result of decohesion of two 
neighbour grains. GB is oriented perpendicular to the loading axis. The inset shows the 
detail marked by the dashed rectangle. PSBs were found to emerge at GB and PSMs arise 
here in the form of bent extrusions (white arrow) accompanied by intrusions (black arrow). 
EBSD map reveals three different orientations of lattice in the neighbourhood of the crack. 
Corresponding EBSPs are below the image. 

Fig. 9.1.8 indicates that P S M s in grain 2 arise predominantly at the specimen surface and 
no significant features of PSBs are formed at the G B . However, while grain 2 shows wel l -
developed surface relief grain 3 exhibits only very thin and shallow fatigue-induced surface 
features. The profile of P S M s is very flat consisting of long shallow intrusions and low 
extrusions along the surface traces of PSBs. In the majority of grains extrusions alternate 
with intrusions along the P S M and create ribbon-like profile. The inset reveals that large 
extrusions emerge from the G3 at the interface of the grains (white arrow). These extrusions 
are accompanied by intrusions (black arrow). Unfortunately, it is very difficult to 
distinguish them due to the significant plastic deformation at the grain boundary and 
bending of already grown extrusions. This location and the profile of the surface relief 
indicates that the Burgers vector is oriented close to be parallel to the specimen surface, as 
can be seen also from g-b = 0.07. 
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Figure 9.1.9: SE image of the area containing FIB cross section plane oriented 
perpendicular to the GB. The image was taken with the 35" tilt correction. The insets show 
the orientation of the primary slip planes (see Fig. 9.1.8) in individual grains. 

The FIB cross section in Fig. 9.1.9 oriented perpendicular to the cracked G B shows slightly 
opened G B in the depth of the material. It is apparent that crack was growing perpendicular 
to the loading direction, i.e. its trace was perpendicular to the loading direction on both 
surfaces, specimen surface and FIB-cross section. Cracking of the G B does not occur along 
the whole length of the G B but only in a few micrometers beneath the specimen surface. 
Further, as can be clearly seen, the crack branches and two cracks have a tendency to grow 
along the slip planes. The inserted cubes show the traces of primary slip planes at the 
specimen surface and in the plane of the FIB-cut in both grains. The traces of the planes on 
each of the cube side are almost perpendicular. 

Figure 9.1.10 shows closer view of the cracked G B . The traces of the individual slip planes 
are inserted in the image for each of the grains. It is apparent, that the two branched cracks 
deviate almost 45° in respect to the specimen surface. Moreover, the crack in G3 does not 
continue growing along the active slip plane marked in Fig. 9.1.9 but follows the plane 
(111) oriented about 45° to the loading direction (direction of the highest shear stresses). It 
is also important to mention that grain boundary is highly deformed probably by high 
plastic deformation caused by the impingement of the P S M s at the G B and in some 
locations short secondary cracks started to growth from the notch4ike defects. 
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Figure 9.1.10: Detail of cracked grain boundary marked by dashed rectangle in Fig. 9.1.9. 

9.1.3. Crack initiation from inclusions 

Fatigue crack initiation from inclusions has been observed only rarely. Figure 9.1.11 shows 
the surface of the fatigued specimen with spherical inclusion of about 2 |j,m in diameter. 
Four cracks were observed to initiate from this inclusion as shown in detail in Fig. 9.1.11. 
The inclusion was probably debonded from the matrix early in cyclic straining. Later it was 
acting as the stress concentrator in terms of notch effect around the inclusion and fatigue 
cracks initiated from the inclusion. Within the neighboring grains well developed P S M s are 
apparent. The initiated cracks continued their growth along the P S M s as is clearly seen in 
Fig. 9.1.11. 

Crack initiation mechanism is similar to the initiation in PSMs, but the stress concentration 
is limited to the short distance from the inclusion. Direction of the early very short cracks 
is in accord with the features typical for P S M s in a distance from the inclusion. With further 
cycling, the crack continues to grow along the well-developed PSMs. However, the 
direction of the crack growth has a tendency to grow on average perpendicular to the 
loading direction. The early growth of the crack is strongly affected by the P S M s direction. 
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Figure 9.1.11: Crack initiation from the inclusion marked by white arrows and its further 
growth along PSMs in a specimen cyclically strained with total strain amplitude sa= 6 x 
10~s. Debonded inclusion with initiated cracks is shown in the inset. 

9.1.4. Crack initiation statistics 

Preferential mechanisms and sites of the fatigue crack initiation were closely studied in 
specimens cyclically loaded with different total strain amplitudes. The fractions of all 
studied possible sites, where the crack initiation could be identified, i.e., in PSMs , P S M s 
along the TBs, G B s and close to inclusions were evaluated. Graphs in Fig . 9.1.12 show the 
percentage of the cracks initiated in 4 locations during cycling with small (2.5 xlO" 3) and 
high (6xl0" 3) strain amplitudes. A s can be seen, no crack initiation at the G B as the result 
of the slip band impingement on the G B was documented in the case of small strain 
amplitude cycling. A l l initiated cracks observed close to grain boundaries were initiated as 
the result of enhanced slip activity and development of PSMs . Unlike that, small fraction 
of cracks initiated at GBs was observed in the case of high strain amplitude loading. The 
inclusions played only a minor role in crack initiation in cycling with both low and high 
strain amplitude. Only approximately 1% of all studied cracks initiated from or was passing 
through inclusions. Twin boundaries were found to be often associated with the appearance 
of P S M s as reported in previous section. B y comparing statistics in Fig. 9.1.12, it is 
apparent that the effect of TBs on the formation of P S M s and subsequently on the crack 
initiation along the TBs increases with increasing applied strain amplitude from 10% to 
30%. Nevertheless, crack initiation along the P S M s developed within the grains plays a 
predominant role in both low and high strain amplitude loading. Because the initiation 
along the T B is associated with the production of P S M adjacent to T B , we can conclude 
that P S M s are the principal sites where the fatigue crack initiation was observed in both 
low and high strain amplitude cyclic loading. 
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Figure 9.1.12: Fatigue crack initiation type for low (2.5*10~3) and high (6*10~3) total 
strain amplitude. PSM—persistent slip marking (PSB in the grain), TB—twin boundary 
(PSB along the TB plane), GB—grain boundary, IN—inclusion 

9.2. Surface relief evolution in the form of PSMs 

The main mechanism of the fatigue crack initiation observed during low cycle fatigue at 
room temperature was subjected to further thorough investigations using S E M and S T E M . 
Since the major part of initiated and growing cracks is related to the fatigue-induced surface 
relief the following section is focused on the evolution of P S M s and corresponding internal 
dislocation structure. 

9.2.1. STEM characterization of PSMprofiles and corresponding dislocation structures 

Symmetrical cycle (zero mean strain) with constant strain amplitude 5x l0" 3 was applied to 
the specimen. The saturated plastic strain amplitude at a number of cycles corresponding 
to the half of the fatigue life was sap,s = 3.14x10"3 and the number of loading cycles to 
fracture was Nf = 9 250. It corresponds to the elastoplastic cyclic loading still in the 
domain of low cycle fatigue. 

Grain with several parallel P S M s oriented approximately perpendicular to the loading axis 
was chosen for further inspection (see the description of the method in Chapter 7.2). 
Specimen surface was documented using S E M as shown in Fig. 9.2.1. Micrograph reveals 
P S M s consisting of system of extrusions and parallel intrusions and possibly Stage I cracks. 
The true shape of some P S M s and their variability can be judged from the high-resolution 
S E M picture of some P S M s from this grain shown in the inset in Fig. 9.2.1a. Nevertheless, 
the information about the profile of P S M s in the direction perpendicular to the specimen 
surface and about intrusions and shallow initiated cracks is missing. 

In order to see the exact profile of the P S M s in three dimensions, the rectangular area on 
the surface marked by the white rectangle shown in Fig. 9.2. l a was covered with platinum. 
Later FIB cutting was used to produce thin lamella which could be observed both in S E M 
and T E M . The shapes of five P S M s imaged in S E M using back-scattered electrons on the 
lamella and denoted as A , B , C, D and E are examined in Fig . 9.2. lb . It is evident that P S M 
C consists of two separate PSMs . Central extrusion, two parallel intrusions on both sides 
of the large extrusion and Stage I crack starting from the intrusion on the right side of the 
large extrusion are visible. 

72 



Figure 9.2.1: Shape of the persistent slip markings. Specimen was cycled with sa = 5><10~3. 
(a) Secondary electron image of specimen surface after fatigue. The position of future 
lamella containing five PSMs is marked by triangle, (b) BSE image of FIB cut showing 
shape of five developed PSMs with several initiated cracks. 
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Figure 9.2.2: Large area of the surface lamella showing the surface relief (PSMs B, C and 
D) and underlying dislocation structure as obtained by STEM in bright field. 

The shape of P S M s B , C, and D along with the dislocation structure below the surface as 
imaged in S T E M bright field as shown in Fig. 9.2.2. Dislocation bands produced by the 
activity of three slip systems can be traced in the image. Dislocation structure has been 
analyzed using different diffraction vectors. Three activated slip systems were clearly 
identified and are marked by corresponding labels in the image. Dislocations from the 
primary system are most pronounced and we have marked the bands corresponding to areas 
of the intensive slip i.e., PSBs that participate in the formation of PSMs . PSBs are oriented 
parallel to the trace of the primary slip plane. Primary Burgers vector (101) was projected 
into the micrograph. The remaining areas are denoted as M , i.e., matrix. Using zero contrast 
condition it was proved that only dislocations from the primary system and no dislocations 
from the secondary and tertiary systems are present in PSBs. This yields evidence that 
intensive cyclic slip in PSBs was able to eliminate all secondary dislocations that were 
produced presumably in the early stages of cyclic loading. N o distinctive ladder-like 
dislocation structure was found. The dislocation arrangement in PSBs does not differ 
notably from the dislocation arrangement of the neighbor matrix. Nevertheless, within the 
marked bands some patches having high dislocation density and inclined at an angle to the 
trace of primary slip plane irregularly alternate with areas of low dislocation density. This 
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arrangement allows not only the production of point defects by dislocation interactions but 
also their migration from dislocation-poor areas to the dislocation-rich areas serving as 
sinks for point defects. 

Figure 9.2.3: STEM dark field images show profiles offour PSMs B, C, D and E. PSMs 
consist of extrusions and intrusions. Stage I cracks initiatedfrom the intrusion-like defects. 

Figure 9.2.3 shows the dark-field S T E M images of the areas of foil with detailed profiles 
of P S M s B , C, D and E , and only a small area of the dislocation structure below each of 
them. Mostly elevations of the surface (extrusions) are typical for all PSMs. Nevertheless, 
intrusions are easily distinguished. P S M B consists of three large extrusions and multiple 
smaller extrusions and intrusions. Its surface width is 1.4 |j,m. Both wide extrusions have 
tiny extrusions and intrusions at the top. The extrusions occupy substantially higher volume 
than intrusions. Very thin extrusions and intrusions (10 nm in width) are also detected. A 
distinct intrusion partly cutting the extrusion to the right of the first extrusion is denoted by 
an arrow. The platinum was able to infiltrate into the intrusion though its width is only 20 
nm. N o deep intrusion accompanies the central extrusion but alternating extrusion/intrusion 
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geometry is present between the central and the right extrusion. A thin intrusion which 
extends as Stage I crack (denoted by an arrow) adjoins the third extrusion. Platinum did not 
penetrate into the crack and this allows us to distinguish between intrusions and cracks. 
Neither intrusion nor the crack is present on the right side of the third extrusion though high 
stress concentration at this location is expected. 

0 100 200 300 400 500 600 700 800 

Distance (nm) 

Figure 9.2.4: STEM dark field image of steps next to PSME from Fig. 9.2.3 in the form of 
extruded and intruded material. Analysis of surface relief in the direction of primary slip 
plane trace. 

In P S M C, instead of one P S M two separate P S M s are present. The larger P S M to the left 
consists of central extrusion accompanied by intrusions on both sides of the extrusion. 
Again, platinum was able infiltrate deep into intrusions but not any further into the cracks. 
In this way, the end of intrusion and the start of the Stage I crack can be distinguished. The 
extrusion height above the surface is around 360 nm. The width of the intrusion to the left 
of the central extrusion from which no crack developed is 60 nm. From the intrusion 
developed to the right of the extrusion, a short crack has already arisen. It runs parallel to 
the primary slip plane and its depth (in the direction parallel to the trace of the slip plane) 
is around 1.1 |j,m. The fine structure of the large extrusion consisting of tiny sharp intrusions 
and extrusions is visible. The smaller P S M to the right of the principal P S M consists again 
of an extrusion and parallel intrusion to the left of the extrusion from which a small crack 
started to develop. Within the extrusion, another thin intrusion or even a starting crack has 
arisen. Very similar features, i.e., alternating large extrusions and thinner intrusions could 
be seen in the images of P S M s D and E whose details are shown in Fig. 9.2.3 as well . A 
disposition of fatigue crack initiation in the tip of deeper intrusions is apparent in many 
more cases. 

Steps of cyclic slip irreversibility arising at the surface marked in Fig. 9.2.3 on the right 
side of P S M E were analyzed in the direction of the primary slip plane trace. Their height 
and depth was measured as the difference from the electrolyticaly polished specimen 
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surface and the results are shown in Fig. 9.2.4. A t the upper part of the image the D F - S T E M 
shows the profiles of early stage growth of secondary PSMs . Under the P S M s no specific 
dislocation structure as in the case of P S M s B , C and D (see Fig. 9.2.2) is observed. Below 
that, the corresponding profile steps are measured in the direction of the primary slip plane 
trace highlighted in Fig. 9.2.2. The average height of three highest extrusions shown in Fig. 
9.2.4 was found to be about 50 nm. The height of the highest extrusion was 56 nm. The 
average depth of the deepest intrusions was found to be about 42 nm, which is lower than 
the height of the extrusions. It is evident that from the measured profile that the volume of 
extrusions is bigger than that of the intrusions. The shape of most of the extrusions is the 
rectangle. The alternating protruded and depressed parts within one P S M are notable 
mainly in the case of P S M on the left side (see Fig . 9.2.4). The flat shape of the P S M s is 
apparently due to the early stage of the P S B evolution. 
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Figure 9.2.5: Grain of fatigued Sanicro 25 steel cycled with total strain amplitude 2.5 x 
10~3. Persistent slip markings and the position of the lamella within the grain. 
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The surface area of the specimen cycled with constant total strain amplitude 2.5 x 10"3 to 
10 000 cycles (-1/10 Nj) is shown in Fig. 9.2.5. The grains with P S M s approximately 
perpendicular to the stress axis were inspected using S E M . After FIB cutting and foil 
preparation, they were observed in T E M . Figure 9.2.5 shows parallel P S M s in one grain, 
all perpendicular to the loading axis. It also shows the position of the lamella. Covering the 
surface with platinum and using FIB cutting, we were able to see the profile of four P S M s 
on the perpendicular cut (see Fig . 9.2.6). Preferably extrusions, possibly intrusions and 
small starting cracks are recognized using the resolution of F E S E M . Higher resolution of 
the profile and also the image of the dislocation structure below the surface are obtained by 
thinning the lamella and its observation in S T E M . 

Figure 9.2.7: Scanning transmission electron microscopy image of the surface lamellafrom 
fatigued Sanicro 25 steel showing profiles of persistent slip markings and underlying 
dislocation structure. Persistent slip bands are marked using dashed lines. Inclination of 
both primary slip plane (111) and secondary slip plane (111) with respect to the electron 
beam direction was 7°. 

Figure 9.2.7 shows that the grain orientation is close to [011]. Using the diffraction 
condition, we can distinguish dislocations belonging to three slip systems which are 
activated in the grain. Primary slip plane corresponding to the PSBs was (111) plane 
although Schmid factors on the (111) plane are slightly higher. We have inspected the foil 
using four different diffraction conditions to analyze the types of dislocations both in the 
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matrix and in PSBs. B y tilting the specimen in such a way that we can observe deformation 
microstructure from different crystallographic directions and angles, we get information on 
spatial arrangement of dislocations and other crystallographic features. Using this analysis, 
all {111} planes and all <110> slip directions could be thus identified. The inspection of 
dislocation structure using the invisibility criterion revealed that in the matrix, not only 
dislocations corresponding to (111) [101] primary slip system (mostly screw dislocation 
segments) are present but also dislocations from secondary slip systems (111)[101] and 
(111)[011] are active. Four PSBs in Fig. 9.2.7 running from the P S M s parallel to the 
primary slip plane are marked. The position of the line is based on the detailed analysis of 
the spatial arrangement of dislocations in the foil. Dislocation density in PSBs is generally 
lower than in the neighbor matrix. Closer inspection reveals that dislocation rich bands 
corresponding to the secondary slip systems are interrupted in locations where they 
intersect PSBs, that is dislocations of secondary slip systems are absent in PSBs. 
Apparently, the high slip activity of primary dislocations helps to annihilate the dislocations 
of secondary slip systems in PSBs (see Discussion section). Thus, the detailed analysis of 
the type of dislocations using different diffraction conditions allowed delineating the areas 
corresponding to PSBs. 

Figure 9.2.8 shows the profile of P S M B at high magnification simultaneously with the 
neighbor dislocation structure below the surface. The profile of P S M consists of 
pronounced extrusion and a small parallel intrusion from which a crack started to develop. 
Appreciable dislocation density is found in the matrix consisting of dislocations of both 
primary and secondary slip systems. The width of the P S B running parallel to the primary 
slip plane is only 210 nm. P S B B has ladder-like dislocation structure of alternating rungs 
and channels although only two irregular rungs with high dislocation density are present in 
the area of P S B B in Fig . 9.2.8. L o w dislocation density is present in all three channels. 

Figure 9.2.8: Detailed image of the persistent slip marking B showing the persistent slip 
markings consisting of extrusion and intrusion and a crack starting from the tip of the 
intrusion. Dislocation arrangement in the persistent slip band is ladder-like. 
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10. Crack growth of natural short cracks at room temperature 

10.1. Crack growth path of natural cracks 

10.1.1. Stage I fatigue crack growth along PSM/PSB 

Figure 10.1.1 shows initiated Stage I fatigue cracks in the early stage of fatigue life as well 
as in the later stage of fatigue life. The area of the interest with several developed P S M s 
was covered by the platinum layer. FIB cut cross section revealing parallel initiated Stage 
I fatigue cracks is shown in Fig. 10.1.1a. FIB cut was milled perpendicularly to the 
specimen surface and to the direction of P S M s denoted as A to F. Strong localization of the 
plastic strain into the PSBs and subsequently the formation of surface relief in the form of 
P S M s lead to the multiple crack initiation in 1 grain. The cracks initiated in P S M s C, D , 
and E continue to grow along the parallel planes corresponding to the primary {111} slip 
plane. They are inclined at around 45° to the specimen surface. Figure 10.1.1b shows the 
specimen surface at a later stage of the fatigue life. In addition to primary cracks initiated 
along the well-developed PSMs, also secondary cracks initiate in secondary PSMs . These 
short secondary cracks link parallel primary cracks. 

Figure 10.1.1: FIB section of a grain showing multiple crack initiations inside the grain 
and early growth in crystallographic direction (a); linking of 2 cracks, which initiated in 
parallel PSMs by secondary cracks after further cycling (b). 

10.1.2. Crack growth at the surface 

The evolution of the internal dislocation arrangement plays an important role in the fatigue 
crack initiation as well as in the short crack growth. It was shown above that the natural 
cracks prefer to initiate along the P S M s from the intrusions. In order to see the details of 
the short crack growth, several SE micrographs of the different locations on the specimen 
surface were taken during cyclic loading. Multiple crack initiations in 1 grain have been 
found frequently (see Fig. 10.1.1). During further cycling, P S M s corresponding to the slip 
systems having low Schmid factors were also produced on the specimen surface. The cracks 
in these P S M s act as the bridges between the cracks which initiated along the primary slip 
systems. The linkage of cracks contributes to the early growth of natural fatigue cracks in 
the general direction perpendicular to the loading axis. This mechanism is typical for the 
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early growth of fatigue cracks within the grains. The central part of the grain of a size 
approximately 500 um with long P S M s is shown in Fig. 10.1.2. The area was large enough 
to accommodate the initiation and growth of several individual cracks (cracks C I , C2, and 
C3) having the surface length of approximately 100 to 150 um. Shallow initiated cracks 
running parallel with P S M s are mutually linked by activation of secondary slip systems 
(see the detail in Fig. 10.1.2). In spite of the fact that no other distinctive marks which 
correspond to the secondary slip systems are present on the specimen surface, the cracks 
coalesce along these systems. 

Figure 10.1.2: Multiple crack initiation along PSMs in 1 surface grain. The upper image 
shows the central part of the grain with 3 cracks CI, C2, and C3. The detail shows how the 
cracks initiated along PSMs corresponding to primary system are linked by the cracks 
along the secondary slip systems. 

The growth of one of the largest cracks observed in the notch area of sample fatigued by 
strain amplitude 3.2><10"3 shows Fig. 10.1.3. A t the beginning of cycling only individual 
P S M s developed at the free surface of grains. Later, after about 3000 cycles, small cracks 
initiated along these P S M s as marked by white arrows. Their length was less than grain 
size. B y further cycling the longer cracks developed (see image corresponding to 9000 
cycles). Individual initiated cracks along the P S M s appearing in close vicinity connected 
into one crack. Two cracks close to each other were grown as marked by white arrows. 
Later in the fatigue life they merged together creating one crack of the length 2a. 
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Figure 10.1.3: Micrograph obtained by optical microscope shows the growth of the surface 
crack by mutual linkage of previously initiatedfatigue cracks. The specimen was cyclically 
loaded by sa = 0.32 %. 

Figure 10.1.4: Linkage of 2 cracks CI and C2; (a) SEM image in cycling with ea = 0.7%. 
Detailed image below shows the area where both cracks interlinked; (b) schematic image 
of linking cracks in the bulk of the material. Growing crack at the surface and in the bulk 
after the mutual linkage is shown in red, and the growth is marked by arrows. 

The coalescence of two cracks is often accompanied by crack branching. Two cracks C I 
and C2 are shown in Fig. 10.1.4a. Due to the linking, the surface length of a crack increases 
suddenly but stops increasing further until the crack shape in the bulk achieves 
approximately semicircular shape as marked in Fig. 10.1.4b. The surface length of both 
cracks is approximately 600 um. The position of the linkage highlights the black rectangle, 
and it is imaged in detail in the bottom part of Fig. 10.1.4a. The linkage has been 
accompanied by the crack bifurcation. 

The crack paths on the surface were studied on the specimens loaded with small and high 
total strain amplitudes to determine the prevailing mechanisms of the surface crack growth. 
Approximately 25 cracks of different surface crack length were studied in each of the 
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specimens subjected to low (ea = 0.25 %) and high (ea = 0.6 %) strain amplitude cycling. 
B y comparison of E B S D micrographs with SE micrographs of the surface cracks, the 
fraction of the total surface crack length corresponding to 1 of 3 types of crack growth path 
(i.e. along the T B , very close to G B , and along the P S M s within the grain, i.e., transgranular 
crack (TC) were identified for each crack. Figure 10.1.5 shows semilogarithmic plot of the 
crack path fraction vs. the total surface crack length. The results manifest the dominance of 
the T C path in specimens cycled with both strain amplitudes. The fraction of T C path in 
the case of high strain amplitude loading slightly decreases with increasing crack length, 
but the scatter of the data is appreciable. To assess the character of the T C path, the grain 
orientation of the surrounding grains was determined using E B S D analysis. The fraction of 
the T C crack path along the equivalent {111} slip planes was determined as well . The traces 
of the crystallographic planes corresponding to {111} slip planes were derived from the 
grain orientation using Euler angles and are marked by white segments in Fig. 10.1.5. It is 
apparent that the crack paths along the {111} slip planes predominate. Nevertheless, crack 
propagating at high strain amplitude had the average fraction of the crack path along the 
{111} slip planes is lower (approximately 70%) compared with that at low strain amplitude 
loading (approx. 90%). 
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Figure 10.1.5: Fractions of 3 crack paths for low and high strain amplitude cycling. TC— 
Transgranular crack path (PSMs and secondary slip systems), TB—Twin boundary crack 
path (PSB along the TB plane), GB—Grain boundary crack path; (a) cycling with sa = 2.5 
x 10-3; (b) cycling with ea = 6 x 10 3. 
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Figure 10.1.6: Typical crack paths in the specimen cycled with low and high strain 
amplitude; (a) cycling with sa = 2.5 x 10 3; (b) cycling with sa = 5 x 10 3. The white 
segments indicate the traces of the equivalent {111} planes slip planes in all grains 
neighbor to the growing crack 

10.1.3. Crack growth in the bulk of the material 

The crack growth mechanism in the bulk of the material was studied on the polished 
longitudinal section of the specimen gauge length. The specimen was cycled with total 
strain amplitude of 0.25 %. The example of the largest growing cracks as well as the early 
stage of crack growth is shown in B S E images in Fig. 10.1.7. The loading direction is 
horizontal. The individual grains and twins can be clearly recognized in image due to 
channeling effect of electrons. The microstructurally long crack (see Fig. 10.1.7a) grows 
preferentially in the trans-crystalline manner, however, some parts of the cracks path are 
parallel with the grain or twin boundaries. The results are very well in agreement with that 
observed at the specimen surface (see Fig. 10.1.5a). The crack has a tendency to propagate 
perpendicular to the loading axis, however, they often change their path direction (slip 
plane traces). The bifurcation of crack (white arrows) is apparent as well . The similar 
behaviour of the crack growth is found also in the case of microstructurally short crack (see 
Fig. 10.1.7b), which does not traverse the grain boundary. A s discussed earlier the crack 
initiates along the P S M , which is parallel with the {111} slip plane trace. Nevertheless, it 
starts to deviate from its original direction (Stage I) and the crack grows in the Stage II 
crack growth along several slip planes. 
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Figure 10.1.7: BSE micrographs showing typical growing cracks in the bulk of the sample 
cycled with sa = 0.25 %. Loading direction is horizontal, (a) Microstructurally long crack. 
The crack coalescence and the crack branching are marked by white arrows, (b) 
Microstructurally short crack. 

The crack path analysed using the E B S D is shown in Fig. 10.1.8. The crack initiated at the 
T B . Later it slightly deviated from its original direction. In the grain 3 the crack path follows 
the {111} slip plane. N o evident plastic deformation along the crack length is found in this 
grain. A s the crack continues growing through the grain 4 it follows the {011} slip plane. 
In the grain 5 the crack has a tendency to grow along the {011} slip plane trace, however, 
it slightly deviated from this direction and grows along the {111} direction. The mixed 
mode of growing is apparent also in the grain 6. Here, some branching along the {011} slip 
plane trace is found. In the grain 7 the crack grows along the {011} plane trace and its 
growth is accompanied by the plastic deformation along the crack length. Contrary to that, 
the crack path changes in the grains 8, 9 and 10. The cracks follow other possible 
crystallographic planes. 
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Figure 10.1.8: Crack path in the bulk of the material. Loading direction is horizontal, (a) 
EBSD analysis showing the grains orientation with individual {111} and {011} slip plane 
traces. The corresponding IPF map is included, (b) ECCI image of the studied crack. 

Figure 10.1.9 shows the fractographic observations of the crack surface on the sample 
cycled with total stain amplitude 0.6%. Four areas at different distances from the crack 
initiation site are studied as marked in upper section of the image. However, the crack 
initiation site (number 1) exhibits cleavage fracture character in terms of facets. The 
striations are typical for the rest of the surface. They were found in about 100 |j,m from the 
specimen surface, which is the distance equal to two grain sizes. The facets at the specimen 
surface correspond to the trans-granular crack initiation presented in Chapter 9.1. The 
directions of the rivers indicate the local crack direction. Multiple crack initiation plays an 
important role in the case of early crack growth. The spacing between the striations is small 
only of several nanometers. The coalescence of several cracks leads to the formation of 
macroscopic crack. The crack creates cyclic plastic zone ahead of the crack front and the 
growth due to crack tip plastic blunting leads to the formation of striations. Wi th increasing 
crack length increases the crack growth rate and thus the spacing between striations 
(number 3 and 4). N o facet-character of the crack growth was observed away from the 
specimen surface. 
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Figure 10.1.9: SE micrographs show the fractographical observation of one of the longest 
cracks present in the specimen cycled by total strain amplitude 0.7 %. The details of the 
areas marked by dashed circles are present below. 
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10.2. Crack growth rates of short natural cracks 

Natural cracks initiate predominantly in P S M s as the shallow surface cracks. Usually, the 
crack is initiated in 1, 2, or up to 3 neighbor grains simultaneously. The depth of the initiated 
crack varies considerably but generally is lower than the half of the surface length. A s the 
surface crack length increases, the shape of the crack gets closer to the shape of a semicircle. 
Blochwitz and Richter [118] evaluated the ratio of the proj ected crack depth to the proj ected 
surface crack length approximately to 0.44. Because the deviation from the semicircle is 
low, we have characterized the size of the crack by the half of the surface crack length 
projected to the plane perpendicular to the loading axis. It is approximately equal to the 
radius a of a semicircle projected to this plane. 

During the fatigue life the surface of the shallow notch was documented in situ using optical 
microscope. When the first surface markings appeared within the notch area, the test was 
interrupted and the area of the notch was systematically inspected and documented using 
the optical microscope. That was repeated at selected number of cycles. The testing was 
finished when the largest crack achieved approximately 2 mm of surface length or the maj or 
crack was growing out of the notch area. The growth of the largest cracks could be followed 
backward to their initiation. Figure 10.2.1 shows the semilogarithmic plot of the crack 
length a of the longest cracks vs the number of cycles in specimens cycled with 6 applied 
strain amplitudes. In the case of cyclic straining with strain amplitude 0.7%, only 1 
secondary crack was studied because others cracks were growing out i f the observed notch 
area. The cracks in all specimens initiated during the early stage of cycling, i.e., in less than 
5% of the fatigue life Nf. Figure 10.2.1 demonstrates that the effect of linkage of the 
growing cracks with smaller cracks present in its path affects strongly the growth rate of 
the cracks. The effect is most pronounced in the case of the total strain amplitude 0.25%. 
Crack C initiated as a small crack much later than other cracks; nevertheless, due to several 
linkages with other cracks, its length became at the end of cycling the same or larger as the 
length of remaining cracks. The average crack growth rate of the crack C was higher than 
the growth rate of other cracks. Similar behavior can be seen in the case of the specimen 
cyclically strained with other strain amplitudes. Sudden increase of the crack length due to 
the linkage is always followed by a period of apparent crack arrest. The crack does not 
grow on the surface, but it extends in the bulk reaching again semi-circular form (see Figs. 
10.1.3 and 10.1.4). In specimens cycled with high strain amplitudes, the crack growth rate 
of one crack dominated over the others whose growth was even stopped. This was the case 
of cycling with strain amplitudes higher than 0.35% when only 2 or 1 crack reached 
appreciable length and other cracks stopped growing. 

88 



10-

n 
cfl 

•B 10't-
60 -

10^ 

10" 

£ g = 0.25% 
(a) 

I * 

• • • • 
I I I * 

A A 

* 

• Crack A 
* Crack B 
* Crack C 
t Crack D 
* Crack E 

10000 20000 30000 40000 

Number of cycles, N 

r-• 

r— 

s 

10 ' 

10 

E a = 0.35% 
AA A 

AAA 
A A T T W • 

• I • I • 

A » 1 Crack A 
Crack 6 
Crack C 
Crack 0 

4000 8000 12000 16000 

Number of cycles, N 

5> 

u 

E a = 0.6% 

• Crack A 
• Crack B 

0 1000 2000 3000 4000 5000 6000 7000 8000 

Number of cycles, N 

10' 

B 

c 

5 

•(c) 

10 

1E-3 

£ a = 0.32% 
( b ) 

A 
A u 

1 I 
U • 

• Crack A 
• Crack B 
*. Crack C 

j£ 1E-4 

n 

u 
1E-5 

5000 10000 15000 20000 25000 

Number of cycles, M 

(d) 
ea = 0.5% 

• •:;:**** 
i 4 • 

Crack A 
Crack B 
Crack C 

2000 4000 6000 8000 

Number o f c y c k s , N 

(e) 10 
F ea = 0.7% 

1 0 : ' 

10000 

00 

Secondary crack A 

1000 2000 3000 4000 5000 6000 7000 

Number of cycles, N 

Figure 10.2.1: Semi-logarithmic plot of crack length a vs number of cycles N for different 

total strain amplitudes ea. (a) ea = 0.25%, (b) 0.32%, (c) 0.35%, (d) 0.5%, (e) 0.6%, (f) 

0.7%. 

89 



11. Fatigue at temperature of 700°C 

11.1. Grain boundary oxidation and crack initiation 

The study is focused on the effect of high temperature on the fatigue crack initiation and 
growth mechanism in detail. The results were obtained on the specimens cycled with 
constant total strain amplitude of 5 x 10"3 to the different stages of the fatigue life. First, the 
specimen cycled to the fracture (N/= 852 cycles) was investigated. The criterion a m / a a = -
0.1 was used to determine the fatigue life and failure. The cyclic hardening/softening curves 
of the specimen cycled at temperature of 700 °C are shown in Fig . 11.1.1. Stress amplitude 
oa, plastic strain amplitude sap, and mean stress am are plotted as a function of the number 
of cycles N. Second specimen used for the investigation of the crack initiation was cycled 
to approx. 10 % of Nf (90 cycles, see the dashed line in Fig. 11.1.1). 
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Figure 11.1.1: Cyclic hardening/softening curves of the specimen cycled with constant total 
strain amplitude 5><10~3 at temperature of 700°C to fracture (Nf = 852 cycles). The dashed 
line (90 cycles -10% Nf) marks the number of cycles applied to the specimen subjected to 
the study of the fatigue crack initiation. 

11.1.1. Environmentally assisted crack initiation 

The evolution of the surface relief was observed in S E M by using both SE and B S E imaging 
modes. In Fig . 11.1.2, B S E images of the surface of the specimen cycled to 10% of the 
fatigue life are shown. Thermal exposure of the specimen to the temperature 700°C during 
the test was about 5 hours. Being sensitive to the atomic number and scattering power of 
the elements, the B S E micrographs can effectively reveal grain-to-grain variations of the 
surface oxide layer thickness. This also correlates well with the change of the variation of 
the oxide nodules size. The thickness of the rough darker appearing oxides is up to 1 um 
while the thickness of the thin brighter appearing oxides varies around 0.2 |j,m. The largest 
nodules are often observed accumulated at the grain boundaries (see Fig. 11.1.2a) implying 
that the oxidation at the grain boundaries is more pronounced. B S E imaging also reveals a 
network-like pattern of the oxides along the GBs . Appearing with brighter contrast the 
oxide layer along the G B is thinner relative to the surrounding surface relief. S E M - E D S 
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analysis (not shown here) confirmed that the rough oxides are enriched in Fe, while the 
area of the thin oxides is enriched in Cr and N i . 

B S E image in Fig . 11.1.2b shows the initiated crack as a result of the cracked rough oxide 
extrusion (see the detail in magnified inset). In general, no cracking of the oxide layer 
within the grain or along the twin boundaries was observed. Preferentially, the boundaries 
of the grains having the size of about 100 |jm and being oriented approximately 
perpendicular to the loading axis were cracked. 

Figure 11.1.2: BSE micrographs of the oxidized surface of the specimen cycled to 10% of 
Nf. The changes in the contrast suggest non-uniform distribution and different thickness of 
the oxides, (a) Areas close to the grain boundary (white arrow in magnified inset) appear 
as brighter indicating thin oxide layer. Early growth of the oxide at the grain boundary 
(black arrow in magnified inset) is shown in the detail, (b) Fatigue crack initiation from 
the cracked oxide extrusion at the grain boundary. Detail is highlighted by a white arrow 
in magnified inset. 

To reveal the growth mechanisms of the oxide layers not only on the surface but also inside 
of the material F I B - S E M dual-beam electron microscope was used to make cross sections 
perpendicular to the cracked oxide extrusions at G B . A n example of the cracked G B is 
shown in Fig. 11.1.3. The positions of the future FIB cuts are marked by the platinum layers 
in the image denoted by the numbers 1, 2 and 3. F IB cut in the position 1 demonstrates the 
G B exhibiting no significant oxide extrusion, while the position 3 illustrates the G B with 
the cracked oxide extrusion. 
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Figure 11.1.3: Cracked oxide extrusion at the grain boundary subjected to the SEM/FIB 
study inside of the material. Positions of the future FIB cuts are marked by the Pt layers 
and are denoted by the numbers 1, 2 and 3. 

In Fig . 11.1.4 the shape of the oxide intrusion is correlated with the surface oxide layer. 
Three different FIB cross sections were obtained to demonstrate the process of the oxide 
intrusion growth. To obtain real dimensions, the images were acquired with the 35 degrees 
tilt correction. In FIB cross section 1 the thickness of the surface oxide above the oxidized 
intrusion is only slightly higher than that of the oxide layer in surrounding grains. The shape 
of the oxide intrusion is irregular and its depth is about 1.8 um. It is apparent that the oxide 
intrusion contains number of voids. Oxide growth follows grain boundary decorated with 
the secondary phases, presumably precipitates. From the FIB cross section 2 it is evident 
that the deeper intrusion is accompanied by the thicker oxide extrusion on the surface. Here, 
the depth of the oxide intrusion was 3 um. The oxide intrusion is not homogeneous. 
Moreover, the variations in the SE imaging contrast indicate that the oxide is full of voids, 
which appear darker than the surrounding oxide. A t the tip of the oxide intrusion a cavity 
was found. FIB cross section 3 shows the oxide intrusion with the cracked oxide extrusion 
on the surface. Its depth is notably higher when compared to the previous cross sections 
and also the oxide thickness is approx. four times larger. The oxide intrusion grows in the 
direction perpendicular to the loading axis, presumably also along the grain boundary. 

To reveal the 3D-profile of the initiated crack at the G B FIB-cut technique was used. 
Progressive FIB-cutting along the cracked oxide is marked in the insert in Fig. 11.1.5. Only 
six FIB-cuts were done perpendicular to both the G B and the specimen surface, 
respectively. Profiles of some cracks are shown in the image as well. The initial cracking 
is accompanied by the intensive oxidation of the grain boundary. Later, when the crack 
grows under elasto-plastic conditions the oxidation is not so notable and crack grows by 
mechanism of repeated oxidation of cracking of the oxide at the crack tip. 
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Figure 11.1.4: SE images of the FIB cross sections marked in Fig. 11.1.3. The oxide 
expands into the material along the GB. The deeper the oxide intrusion is extended in the 
material the higher the oxide extrusion is grown above the surface. 

The depth of each crack was measured from the image after tilt correction of 35°. The plot 
of the crack length in the bulk vs. surface distance is plotted in Fig. 11.1.5. However, the 
number of FIB-cuts is not so high it is obvious that the crack has a tendency to growth in 
the bulk of the material approximately in the semi-elliptical shape. Nevertheless, the 
inhomogeneous oxidation of the grain boundary and its cracking effects the shape of the 
crack. 
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11.1.2. STEM characterization of the oxides at GB 

The high-resolution characterization of the oxide layer at the grain boundary was carried 
out on the T E M lamella site-specifically extracted by the FIB nanofabrication. In Fig. 
11.1.6a S E M micrograph shows grain boundary covered by rough oxide extrusions. The 
position of the lamella is denoted by the deposited platinum layer. Extracted T E M lamella 
after the final polishing is shown in Fig. 11.1.6b in bright field (BF) S T E M imaging mode. 
The morphology of the surface oxides was investigated along with their local arrangement 
at the oxide intrusion tip and at the grain boundary. The profiles of the oxide extrusion at 
the surface as well as the oxide intrusion grown into the material are clearly recognized. It 
is apparent that the oxide intrusion continues along the grain boundary deep into the 
material. The cavity located in front of the oxide intrusion tip is evident. We can identify a 
duplex oxide layer. The outer layer is typical by large oxide nodules and a small density of 
voids while the inner layer is characteristic by small nodules and a high density of voids. 
Furthermore, in the austenitic matrix close to the oxide/matrix interface small voids were 
found (not shown here). 

Figure 11.1.6: (a) SEM micrograph of the surface with the oxide nodules grown at the GB. 
Deposited platinum layer marks the position of the TEM lamella extraction, (b) BF STEM 
image of extracted TEM lamella. Oxide intrusion grew along the GB. Cavity was found at 
the tip of the oxide intrusion, (c) STEM-EDS map analysis of the oxide and surrounding 
matrix. Oxide layer is formed of the outer layer enriched in Fe and inner layer enriched in 
Cr. Layer heavily enriched in Ni is clearly distinctive in the austenitic matrix close to the 
oxides. Notably Ni-enriched area is observed also below the oxide intrusion (around the 
cavity). 
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Chemical composition of the oxides is revealed by the E D S - S T E M map analysis as shown 
in Fig. 11.1.6c. Outer oxide is heavily enriched in Fe, even though small amount of N i is 
found there as well . Below Fe-rich oxide, a thin Cr-rich oxide layer is located covering 
inner oxide layer enriched in Cr. In the centre, close to the former G B , Cr-rich oxide is 
depleted at the expense of Fe-rich oxide. A t the interface of the oxide layers and austenitic 
matrix, significantly Ni-enriched layer is found demarking the boundary between the 
oxides and material surface. Interestingly, in the area of the intrusion and close to the cavity, 
Ni-enriched volume is observed as well . Below this feature, Cr-rich particles are found 
along the grain boundary decorating it. These precipitates are separated by substantially N i -
enriched and Cr-depleted areas as discussed further below. 

11.1.3. Analysis ofM23C6 Cr-rich carbides nucleated at the grain boundaries 

The presence of carbon in steels with high Cr content is known to lead to rapid nucleation 
of numerous M23C6 Cr-rich carbides [12]. A t high temperatures, they nucleate very rapidly 
and can be found even in stabilized steels after very short aging times. Preferential 
nucleation sites are grain boundaries. However, they can be found also at twin boundaries 
and dislocations or stacking faults. 
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Figure 11.1.7: (a) An array ofMisCe Cr-rich carbides nucleated at the low angle grain 
boundary, (b) HAADF-STEM image showing atomic structure of carbide viewed along 
[Oi l ] zone axis, (c) FFT diffraction patterns demonstrate cube-on-cube orientation of 
carbide relative to the FCC matrix. The shorter distance to the carbide diffraction spots by 
a factor of 3 relative to that of the matrix document that the carbide has lattice parameter 
almost exactly three times that of austenitic matrix. Small lattice misfit suggests interface 
of almost coherent or semi-coherent nature, where misfit dislocations can be present to 
relieve elastic strain at the interface, (d) Experimentally obtained and FFTfiltered image 
of the carbide structure is compared with the model of structure made in Crystal Maker 
software. 

A n example of cuboidal M23C6 Cr-rich carbide nucleated at the low angle grain boundary 
(approx. 4°) is shown in the atomic resolution H A A D F - S T E M micrograph in Figs. 11.1.7a 
and 11.1.7b. The structure is viewed along the [Oi l ] zone axis. Fast Fourier transformation 
(FFT) filtering (frequencies corresponding to the noise and the transmitted beam spot were 
excluded) of the image was used to emphasize the carbide structure and also the {111}-
type interface with the matrix, which suggests a cube-on-cube orientation. That is 
confirmed also by F F T diffraction patterns determined from the matrix, and M23C6 areas as 
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shown in Fig. 11.1.7c. In the reciprocal space, the shorter distance to the carbide diffraction 
spots (by a factor of 3) relative to that of the F C C matrix corresponds well to the reported 
lattice parameter of M23C6, which is approximately three times larger than the lattice 
parameter of the austenitic F C C matrix [12]. Small lattice misfit of carbide and austenitic 
matrix suggests the coherent, and later, when particle coarsens, semi-coherent interface 
with misfit dislocations accommodating lattice mismatch and relieving coherency strains. 
According to Howe [152] such an interface can have rather small energy ranging from 50 
to 300 mJm" 2. In Fig. 8d, the experimentally obtained atomic structure was compared to a 
Cr23C6 model [153] created in the Crystal Maker software. In the model, carbon atoms are 
coloured in black and chromium atoms in pink. 

A n array of M23C5 carbides precipitated at the G B (misoriented by approx. 7°) shown in 
Fig. 11.1.6 was studied in detail. Selected area electron diffraction based structural analysis 
has confirmed that the precipitates nucleated with cube-on-cube orientation relative to the 
matrix of grain 2 (right hand side of the image in Fig. 11.1.8). With grain 2, the precipitates 
share semi-coherent interface. On the other hand, they have random orientation and fully 
incoherent interface with grain 1 (left hand side of the image in Fig. 11.1.8). These 
structural facts play an important role in the characteristics of Cr-depleted and Ni-enriched 
zones observed in the vicinity of particles in the austenite matrix. 

Figure 11.1.8: BF-STEM image of grain boundary close to the surface shown in Fig. 
11.1.6b. Dislocations lying on (111) slip plane in grain 1 are visible. Black inset highlights 
the area from which compositional EDS analysis was done. It shows M23C6 Cr-rich 
carbides of average size 100 nm nucleated at the grain boundary. In the vicinity of carbides, 
matrix is significantly enriched in Ni at the expense of heavily depleted Cr. 

E D S linescans were performed across the precipitate (linescan A ) and the grain boundary 
in between of precipitates (linescan B ) as highlighted in black inset in Fig. 11.1.8. The raw 
data obtained from the spectral scans were quantified using Oxford Aztec software and are 
plotted in Fig. 11.1.9. Both scans show Cr-depleted/Ni-enriched zones at the grain 
boundary. In linescan A at the fully incoherent interface of "grain-1 /carbide" the affected 
zone is 37 nm with Cr depleted by 7 wt% and N i enriched by 4 wt. %. On the other side, at 
the semi-coherent interface "carbide/grain 2" the affected zone is 87 nm, i.e. more than two 
times larger with both Cr content depleted and N i content enriched by 10 wt. % in 
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maximum. This fact along with the orientation relationship suggests that the precipitates 
nucleated preferentially from the grain 2. 

The size of the compositionally affected zone is even larger when a scan is performed 
across the grain boundary in between the nucleated precipitates. It seems that Cr needed 
for nucleation and coarsening of M23C6 precipitates is consumed mostly from these areas 
since the diffusion along the grain boundaries can be easier than diffusion from the bulk of 
material. A t the grain boundaries in between of particles, the Cr content is heavily depleted 
to minimum value of 4 wt. %, and fully replaced by N i , which can reach up to 42 wt% in 
solid solution. The Cr-depleted/Ni-enriched zone in the grain 2 is again larger (here more 
than three times) than the zone in the grain 1, suggesting that the randomly oriented G B 
would present effective barrier for elemental diffusion compared to coherent interface. 

Distance (urn) Distance (|jm) 

Figure 11.1.9: Quantified EDS linescans from the inset in Fig. 9 across the carbide (A) and 
across the grain boundary in between the carbides (B). Selected area electron diffraction 
confirmed that the carbides are semi-coherent, oriented as cube-on-cube with the grain 2, 
while with grain 1 they have random orientation with fully incoherent interface. EDS 
linescans demonstrate significant Cr-depleted/Ni-enriched zones in the vicinity of M23C6 
carbides. Since the particles nucleated from grain 2 the Cr-depleted/Ni-enriched zone is 
much larger on the semi-coherent side. Presumably, most of the Cr consumed for 
nucleation and coarsening of the precipitates came from the areas close to the grain 
boundary in between the carbides, as they are the most heavily Cr-depleted/Ni-enriched. 

11.2. Crack growth under environmental conditions 

11.2.1. Crack growth at the surface 

Crack growth paths and respective crack growth mechanisms were studied using specimen 
cycled with the strain amplitude 5><10"3 to fracture. During initial temperature stabilization 
and following cyclic testing the specimen was held at temperature of 700 °C for 7 hours. 
The specimen surface was covered by the oxide scale of approximately the same thickness 
as the specimen cycled to 10 % of Nf except for grain boundaries and oxidized slip bands. 
In these locations more intensive oxidization was found when compared to the specimen 
cycled to 10%JV>. 

The crack growth paths were inspected by means of S E M techniques such as SE, E B S D 
and E D S , and were correlated with the structure of the material. To reveal the path of the 
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inner cracks longitudinal section of the specimen parallel with the direction of the loading 
axis was prepared. Both the crack paths on the surface and the paths of the cracks growing 
in the bulk were studied. 

SE micrograph in Fig. 11.2.1 reveals that the growth of the cracks at the surface was 
strongly influenced by the cracking of the oxide extrusions at grain boundaries. Multiple 
crack initiation in GBs causes that the cracks close to the surface follow predominantly the 
grain boundaries. Further growth of the longer cracks on the surface is often transgranular 
in the direction approx. perpendicular to the loading axis (Fig. 11.2.1). Nevertheless, in the 
case of the surface cracks the intergranular crack path prevails as shown in Fig. 11.2.2. 

Figure 11.2.1: Surface crack growing preferentially along the oxidized and cracked grain 
boundaries (IG - intergranular crack). Small part of the crack length corresponds to the 
transgranular crack path (TG) growing approximately perpendicular to the loading axis 
(LA). 

Figure 11.2.2: Surface cracks growing predominantly in the intergranular manner in the 
direction approximately perpendicular to the loading axis (marked by black arrows). 
Cracks often bifurcate along the grain boundaries or within the grains. 
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11.2.2. Crack growth in the bulk of the material 

Figure 11.2.3 shows the crack growing deep into the bulk of the material. Grain boundaries 
can be easily recognized by means of the E B S D technique. It is apparent that crack initiated 
at the grain boundary on the specimen surface and grows approximately perpendicular to 
the loading axis. Later, the crack grows along the GBs only occasionally. Closer inspection 
of the trans-crystalline path of the crack reveals the change in contrast along both sides of 
the crack (grain with orange colour). This indicates the presence of the cyclic plastic zone 
along both sides of the crack. Its size is only a few micrometers and enlarges as the crack 
bifurcates (marked by white arrows). The plastic zone is observed also in front of the crack 
tip. However, in the case of the intergranular crack, the plastic zone absents. 

Figure 11.2.3: EBSD analysis of the grain orientation in correlation to the direction of the 
loading axis. The branching of the crack along the {011} slip plane traces is marked by 
white arrows. 

The typical crack path of the growing crack is analysed in Fig. 11.2.4. Based on the 
crystallographic orientation information of each of the grains obtained by E B S D , the 
projections of all individual {111} and {011} slip planes traces at the surface were 
calculated. The crack initiated at the oxidized grain boundary. Later the path follows one 
of the primary slip planes of the type {111}. Nevertheless, as the crack length increases the 
crack starts to follow the other slip planes. Preferentially the crack grows along the traces 
corresponding to one of the {011} slip planes. Occasionally, the crack takes advantage of 
the grain boundary for its further extent. In grain 4 it is apparent that with the increasing 
crack length the crack follows less preferred crystallographic planes. 
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Figure 11.2.4: EBSD analysis of the crack path in the bulk of the material. The 
corresponding slip plane traces are included for each of the grains, (a) EBSD map. (b) 
Secondary electron image. 

The growth of the cracks in the bulk is accompanied by the oxidation of the newly formed 
crack surface. Both the structure and the chemical composition of the oxides along the 
transgranular part of the crack path are shown in Fig. 11.2.5. In the lower part of Fig . 11.2.5 
an opened crack is imaged and in the upper part the E D S - S E M line scan across the growing 
crack is shown. The chemical composition is shown here by directly measured counts per 
second of individual elements as a function of the distance across the crack. The oxide layer 
is about one micrometer thick on both sides of the crack. The duplex character of the oxide 
structure is apparent. The oxide layer close to the crack is enriched in Fe with a small 
amount of Cr. Further away in the direction deeper into the matrix the amount of Fe rapidly 
decreases while the amount of Cr increases, forming the inner oxide layer. A t the 
metal/oxide interface, the sudden increase of N i is notable. 

The closer details of the tips of the growing cracks are shown in Fig. 11.2.6. It documents 
the role of the oxidation in terms of the crack growth in the harsh environment at high 
temperatures. A s shown earlier the oxidation takes place during all the growth of the crack. 
The Fig . 11.2.6a shows the microstructurally long crack and its crack tip in the inset. The 
vast oxidation ahead of the crack tip, probably in the crystallographic direction (see Fig. 
11.2.4), is notable. The inset shows the oxide layer extending of about 1 |jm ahead of the 
free surface of the crack. This oxide layer is not cracked. Contrary to that, the Fig . 11.2.6b 
documents the highly oxidized crack tip. The fracturing of the oxide at the crack tip is 
apparent. Two fine cracks in the oxide may be recognized. One of them extends into the 
deepest point of the interface oxide/matrix. 
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Figure 11.2.5: SEM-EDS line scan of the principal elements across the opened crack shown 
below. Both sides of the crack are oxidized. The chemical composition reveals that outer 
oxide is enriched in Fe while the inner oxide is enriched in Cr. Ni-rich area is found at the 
oxide/metal interface. 

Figure 11.2.6: BSE images of the crack growth accompanied by the oxidation. The 
oxidation andfracture of the oxide at the crack tip are shown in the details. 
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11.2.3. Crack growth path statistics 

Surface cracks and cracks growing in the bulk were inspected and the fractions of the crack 
path corresponding to trans- and intergranular growth were evaluated (Fig. 11.2.7). Since 
G B oxidation causes multiple crack initiation due to the cracked oxides later leading to the 
crack coalescence the intergranular growth on the surface prevails. The average fractions 
of the total length of the surface cracks growing intergranularly and transgranularly were 
about 66 % and 34 %, respectively. 

More than 10 inner cracks having the depth higher than 100 um were studied and fractions 
of the crack path corresponding to trans- and intergranular growth were evaluated. Fig. 
11.2.7 documents the high predominance of the transgranular growth over the intergranular 
growth. The average fraction of the total length of the cracks in the bulk of the material 
growing trans- and intergranularly was about 80 % and 20 %, respectively. 

Figure 11.2.5: Fractions of the crack paths corresponding to the transgranular (TG) and 
intergranular (IG) growth at the surface and in the bulk of the material. 
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VI. DISCUSSION 

12. PSM assisted crack initiation at room temperature 

Fatigue crack initiation is mainly related to the basic properties of the material such as 
chemical composition, crystalline structure, degree of strain localization, and others but 
also to more specific characteristics like grain size and cyclic straining amplitude. The 
impact of the fatigue-induced surface relief on crack initiation was found in the early 19 t h 

century [3]. Later, in the 60s of the 20 t h century, both extrusions and intrusions were 
accepted as the essential feature of the surface relief. Cottrell and Hul l [40] used a shadow 
replica technique to reveal extrusions and intrusions on the surface of fatigued 
polycrystalline copper. Further evidence is given in reviews by Thompson et al. [57; 154] 
who showed that 'intrusions' could clearly grow into cracks. Furthermore, direct evidence 
of the role of intrusions in fatigued copper single crystals was given by Basinski and 
Basinski [155-157] and clearly by Hunsche and Neumann [158]. In recent years, A F M 
[159-164] has been applied to study the surface relief in fatigued polycrystals. A F M can 
detect extrusions, intrusions and Stage I cracks but cannot unequivocally distinguish 
between intrusions and short Stage I cracks. This differentiation is also impossible using 
S E M observation of the surface even i f high resolution is used. This is due to the fact that 
extrusions emerge from the material at an angle approximately 45°, thus covering the 
neighbour intrusion and also due to the fact that intrusions are very thin. 

12.1. Cyclic strain localization and P S M formation 

Later in the 70s and 80s of the 20 t h century the role of the internal dislocation structure in 
the form of persistent slip bands was found to be the essential feature leading to the 
formation of the surface relief [39; 74; 165; 166]. Material structure changes during the 
cyclic loading and after a few cycles the matrix is not able to absorb all the cumulative 
cyclic plastic strain anymore. The plastic deformation is represented by the motion, 
multiplication and mutual interaction of dislocations. A t the beginning of cycling the 
dislocation density increases and very early the material reaches the saturated state. In the 
case of pure materials with high SFE such as C u or N i the clusters of edge dislocations in 
the form of veins and tangles are formed. In further cyclic loading the cyclic plastic strain 
is localized into the narrow persistent slip bands with dislocation rich walls and dislocation 
free channels [167-169] as shown in Fig. 12.1.1a. The ladder-like structures follow exactly 
the trace of the primary slip plane. The average distance between the rungs of the ladder­
like dislocation structure of PSBs at room temperature was found to be more than 1 urn. 
The number of cycles in which the localization of the cyclic plastic strain into the PSBs is 
significant can be determined from the change of the hysteresis loop shape. The 
characteristic loop shape parameter VH increases when cyclic plastic strain starts to be 
localized into the PSBs [4]. A s soon as the plastic strain is localized into the PSBs the 
fatigue-induced surface relief evolves. The P S M s originate on the surface where PSBs 
emerge. 
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Figure 12.1.1: (a) BF-STEM image of dislocation structure of pure copper after cycling at 
room temperature, (b) Profile of the PSMA in the direction of the primary slip plane. 

The situation is more complicated in structural materials such as austenitic steels. The 
presence of N i [54] as one of three basic elements forming the face-centered cubic matrix 
as well as of the N [51] leads to the decrease of the SFE of the steels. The lower the SFE 
the more cross slip of dislocations is supressed. Then the low stacking fault energy results 
in higher tendency to planar character of the dislocation structure. Furthermore, the short 
range ordering of Fe, N i , Cr and other alloying elements may locally change the slip 
character of dislocations. The resulting critical shear stress needed for dislocation motion 
can be high enough to immobilize the dislocations or to change the character of their 
motion. 

Figure 12.1.2: BF-STEM image of 316L steel subjected do cyclic straining at room 
temperature. 

The localization of the cyclic plastic strain in the case of austenitic steels was thoroughly 
studied in well-known 316L steel [38; 46; 47; 170; 171]. Recently, the direct observation 
of the surface relief with surrounding dislocation structure using surface lamellae [172] 
revealed that dislocation structure of PSBs corresponding to surface P S M s differs 
significantly from that of pure materials (see Fig. 12.1.2). The dislocation structure of the 
PSBs does not clearly differ from the dislocation structure of the matrix. We have done 
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similar observations in the case of Sanicro 25 steel (see Fig. 9.2.7). Close inspection of the 
foils produced from the surface grains of Sanicro 25 steel, however, revealed generally 
lower dislocation density in PSBs than in the matrix, and definitely, dislocations from 
secondary slip systems running through the matrix were absent in the PSBs. We can 
suppose that in the initial stage of fatigue, dislocation structure of the matrix is formed and 
only later localization of the cyclic plastic strain into PSBs results in the formation of PSMs. 
The absence of the secondary dislocations in the PSBs in austenitic Sanicro 25 steel also 
points to the active movement of primary dislocations in the PSBs, their interaction and 
subsequent formation of point defects. The migration of point defects and their arrival to 
the dislocations of secondary slip system would result in a climb of these dislocations and 
their disappearance from PSBs. In several PSBs, the dislocation poor and dislocation rich 
areas are visible although ladder-like structure was recognized only in P S B B (see Fig. 
9.2.8) close to the surface. In summary, two important differences of P S B structure from 
the matrix structure are apparent: (i) absence of dislocations from secondary slip systems, 
and (ii) low dislocation density in some areas of PSBs. We can thus characterize the 
dislocation structure as irregular alternations of the volumes rich and poor in dislocations. 

Contrary to 316L steels, Sanicro 25 has higher tendency to the formation of planar 
dislocation structures during fatigue at ambient temperature mainly as a result of its 
chemical composition [21]. The thickness of the PSBs is about 250 nm, what is about 2 
times less when compared to the thickness of PSBs in 316L steel (about 500 nm) [4; 172] 
and about 4 times less when compared to the thickness of PSBs of copper (about 1 urn) 
[173]. The strain localization into the narrow bands implies the primary role of P S M s in 
initiation of Stage I fatigue cracks. The fraction of the cracks initiated in P S M s highly 
prevails over the other mechanisms of the fatigue crack initiation (see Fig. 9.1.12). 

In the early stages of the cycling the surface relief has a form of the protruded material in 
the direction of the primary Burgers vector (see Fig. 9.2.4). The early localization of the 
cyclic strain into the PSBs, even when the P S B dislocation structure is not fully developed, 
increases the internal tensile stresses within the P S B as predicted by Essmann et al. [78] 
and Polak et al. [85]. These tensile stresses decrease by the mutual dislocation movements 
leading to extrusion of the material. These observations agree with the observations of M a n 
et al. [4] performed on 316L steel. They found that the extrusion develops first and later 
one or two intrusions are created along the extrusion at the PSB/matrix interface. 

The shape of the well-developed P S M s of Sanicro 25 steel is similar to that observed in 
316L steel [4], but is more complicated than in copper (see Fig. 12.1.1b). The volume of 
extrusions is higher than the volume of intrusions in all PSMs . The topography of the large 
extrusions is very rugged. In addition to large extrusions (see in Fig. 9.2.3), we can see 
small extrusions alternating with intrusions, whose average height is 50 nm and thickness 
of only 10 nm. It indicates high planarity of the slip on the primary slip plane. 

Number of P S M s contains not only extrusions and intrusions but also already Stage I cracks 
(see Figs. 9.1.2, 9.1.3 and the detail of P S M C in Fig. 9.2.3). A s reported earlier in austenitic 
stainless steels [96; 145; 174; 175] the cracks prefer to grow in the grains with the highest 
Schmid factor along one of the {111} slip planes. The cracks were found to initiate as the 
result of the stress concentration at the tip of the intrusions or intrusion-like valleys. 
According to Neumann [158] the crack can be distinguished from the intrusion by the 
vortex angle. Whereas the vortex angle of crack is zero, the intrusion has a non-zero vortex 
angle. The number of the initiated cracks was found to be dependent on the plastic strain 
amplitude as also observed previously in 316L steel [66; 118]. 
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12.2. P S M profile/Crack initiation in relation to the theoretical models 

A l l the Stage I cracks were found to nucleate at the surface of the samples. N o cracks were 
observed to initiate in the bulk of the material as a consequence of the internal defects. A s 
shown in Chapter 9.1, the surface crack nucleation was mostly preceded by the formation 
of the PSMs . The majority of the cracks initiated along the P S M s at the sites of stress 
concentration. Such sites were found to be intruded volumes, i.e. "intrusions" 
accompanying the extrusions, or valleys between two extrusions. 

The shape of extrusion/intrusion pairs shows very steep steps between the extrusion and 
the intrusion (see Fig. 9.1.2 and P S M C in Fig. 9.2.3). These findings are more evident from 
the observations on pure copper tested at room temperature as shown in the P S M A in Fig. 
12.1. lb where the shape of the P S M s is smoother compared to the P S M s in Sanicro 25. The 
finding indicates very large stress and strain gradient in the direction of the primary Burgers 
vector close to the plane which separates P S B and the matrix. Brown and co-workers [76; 
77] took into consideration the dipolar structure of the dislocation rich walls of P S B and 
predicted the high tensile stresses at the interface PSB/matrix resulting from the small 
tensile strain within P S B . They predicted the elevated tension at a point where the interface 
PSB/matrix meets the surface leading to the crack opening. Although they predicted the 
preferential crack initiation site at an acute angle between the extrusion and the surface 
(what is in partial agreement with our observations), the mechanism of the crack initiation 
differs from that observed in Sanicro 25 steel. The crack initiation was found to be the 
consequence of the previously formed intrusion (see Fig . 9.1.3) and not due to the 
decohesion between the P S B and the matrix at an acute angle of the extrusion. The high 
stresses within the P S B and at the interface PSB/matrix lead to the appearance of the 
volumes contributing to the production of the extrusion and the production of the intrusion. 
Then, the crack can start on both sides of the extrusion near the interface PSB/matrix 
nucleating at the tip of the intrusion. Using A F M , it was shown earlier in 316L steel that 
due to lower yield stress of the P S B than the yield stress of the matrix [4] static extrusion 
arises first and the intrusions start growing with some delay. Later both extrusions and 
intrusions grow steadily until the crack nucleation. Then the plastic strain is concentrated 
into the front of the Stage I crack and both the extrusions and the intrusions stop growing. 
These statements agree with our experimental observations (see Fig . 9.1.3). 

The pair of extrusion and intrusion is under consideration in the model based on dislocation 
pile-ups within the P S B near the surface proposed by Tanaka and Mura [89]. However, this 
model cannot explain the gradual growth of extrusions and intrusions during the cycling 
when the saturated state of the dislocation arrangement within the P S B is reached. 
Therefore, only the models taking into account the mass transfer due to vacancy migration 
between the P S B and matrix are discussed further. 

The E G M model predicts formation of vacancies in the walls of PSBs. Vacancy production 
in the channels is neglected. Vacancies arise because of dislocation interactions in the 
dislocation-rich walls. In the case vacancies cannot migrate, they accumulate in the walls 
and the volume of P S B increases. Extra volume results in internal compressive stress and 
plastic relaxation of this stress in the direction of the Burgers vector produces extrusions 
where PSBs egress on the surface. These extrusions are called 'static extrusions' in 
reference to their origin. Static extrusions presumably produce stress concentration which 
is larger at the side of the extrusion where the emerging active slip plane is inclined to the 
surface at an acute angle. This is not in a complete agreement with our observations. 
According to Mughrabi [78; 176; 177] 'intrusions' develop as a consequence of the 
previously formed extrusions and are in fact embryonic Stage I shear cracks. This 
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contention does not agree with the present experimental finding (Figs. 9.1.3a and 12.1.1, 
P S M s B and C in Fig.9.2.3), because intrusions without crack running parallel to extrusions 
were observed. The production of intrusions prior to initiation of fatigue cracks has been 
proved. Moreover, as discussed earlier, the vortex angle of intrusion differs from that of a 
crack [158]. Then the initiated crack can be clearly distinguished from the intrusion. 

The existence of static extrusions based on the E G M model is questionable because static 
extrusion can be produced only at temperatures where point defects are not mobile. The 
annealing spectrum of copper fatigued at low temperature have been measured using 
resistivity in copper single crystals [178; 179]. The main annealing stage in which point 
defects migrate to dislocations and disappear is at a temperature of about 40 °C. A t room 
temperature, the migration rate of point defects is so high that vacancies produced in cyclic 
straining disappear continuously and cannot contribute to the formation of the static 
extrusion. 

Polak's model [85] is based on the E G M assumption of the continuous production of point 
defects due to dislocation interactions in locations of cyclic plastic strain localization. 
Contrary to the E G M model, only point defects produced in the channels of the P S B can 
escape from P S B to the matrix and are systematically annihilated at edge dislocations in 
the matrix. Majority of them are absorbed at dislocations close to the PSB/matrix boundary. 
It results in systematic transfer of matter from the matrix to the P S B . The plastic relaxation 
of the internal stresses within the P S B in the direction of Burgers vector leads to the 
formation of extrusion and intrusion pairs at the surface. This situation has been treated 
quantitatively [180] and the shapes of extrusion and parallel intrusions have been predicted. 
It was shown that extrusions arise first because PSBs are softer than the neighbouring 
matrix. In S E M and A F M observations, the extrusions seem to be more numerous than 
intrusions because intrusions are often covered by parallel extrusions. Present observations 
of their true profiles show that majority of extrusions are during the fatigue life 
accompanied by one or two parallel intrusions. In the general formulation of the model [84; 
85; 180] the ladder4ike dislocation structure is not a necessary condition for the formation 
of PSMs . The only essential condition for the formation of P S M s is the localization of the 
cyclic plastic strain in the bands of cyclic slip (PSBs) with alternating dislocation rich and 
dislocation poor volumes. Because of the frequent interactions of dislocations in PSBs, 
point defects are produced and migrate to sinks. Local transport of matter results in 
formation of local internal tensile and compressive stresses. These stresses could relax 
plastically under the effect of cyclic stress and lead either to extrusions or intrusions. The 
structure of extrusions and intrusions depends thus on the internal dislocation arrangement 
which serves as the source and also as sinks for point defects. The distribution of 
dislocations in the matrix close to the PSB/matrix boundary and the ladder-like structure of 
P S B determines the position and the shape of the extrusion and intrusion. Provided the 
dislocation structure of the P S B is irregular like as observed in Sanicro 25 steel (Figs. 9.2.2 
and 9.2.7), the shape of the P S M should consist of alternating extrusions and intrusion with 
preference of extrusions in the center and intrusions on the PSM/matrix interface. The 
surface relief in fatigued Sanicro 25 steel consisting of alternating extrusions and intrusions 
correspond to this prediction. Dislocation structure in the bands corresponding to P S M s is 
not markedly different from that of the matrix except the absence of dislocations belonging 
to secondary slip systems. The presence of the dislocation free areas facilitates the 
migration of point defects over longer distances and thus supports a more pronounced 
redistribution of matter. A l l this contributes to complicated structure of P S M s observed 
experimentally. 
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According to Polák 's model the crack initiation could appear on both sides of the extrusion 
since the intrusions can form at both interfaces PSB/matrix what agrees with our 
experimental results. However, based on the conclusions done on fatigued 316L steel at 
room temperature by M a n et al. [4] the intrusions start more frequently on the extrusion 
side where the active slip plane inclines to the surface at an acute angle. 

12.3. P S M assisted TB and G B cracking 

Not only the localization of the cyclic plastic strain leads to the crack initiation along the 
P S M s since also the intercrystalline crack initiation was found to be related to the PSMs. 
The transition from trans- to intecrystalline crack initiation increases with increasing 
applied total strain amplitude i.e. with increased plastic strain amplitude. The evidence is 
found in Figure 9.1.12 where the results from two samples subjected to loading with strain 
amplitudes of 0.25% and 0.6% are compared. The initiation along the P S M s in the case of 
high strain amplitude decreased from 90% to 70% while in the low strain amplitude cycling 
the initiation along the TBs increased from about 10% to nearly 30% and also some crack 
initiation along the GBs appeared. Presented results are in good agreement with the 
previous works carried out on the pure copper [61; 63] and the Waspaloy [181]. 

The cracking mechanism of the GBs due to the impingement of the PSBs at a G B was 
proposed by Christ et al. [63]. The mechanism is based on the emerging of the PSBs at the 
surface and formation of the fatigue induced relief according to the E G M model [78]. They 
consider the role of the interface edge dislocations located at the interface between P S B 
and matrix. In a grain where the component of Burgers vector of interface dislocation is 
parallel to the surface, the pile-up of these dislocations acts against the grain boundary. 
Then the locally increased stresses cause decohesion of the G B under the external tensile 
loading. 

Contrary to that, our results show the significant role of the PSBs having the Burgers vector 
almost parallel to the surface (favourably oriented) and producing the fatigue induced relief 
at G B (see Fig. 9.1.8). The slip systems playing a role in the G B cracking are highly 
misoriented so that the P S M in one grain cannot continue in the neighbouring grain thus 
being stopped at G B . The G B is oriented to be perpendicular to the tensile loading where 
the G B is subjected to opening Mode I crack growth [61]. It was found that the 
impingement of PSBs with the favourably oriented Burgers vector forms P S M s at G B and 
cause the plastic incompatibility along the grain boundary. The increased plastic 
deformation along the grain boundary in a grain with well-developed surface P S M s (not 
favourably oriented Burgers vector) is notable due to the change of the image contrast in 
Fig. 9.1.7. 

The existence of extrusions at G B similar to that as discussed in previous Chapters is well 
documented in Figs. 9.1.7 and 9.1.8. They grow during cycling and exert normal stress on 
the neighbour grain so high that extrusions are highly bent (see Fig . 9.1.9). Several parallel 
extrusions along the G B continuously push away the neighbouring grain. Moreover, i f we 
consider the formation of the P S M in the form of the extrusion and intrusion pair as 
proposed by Polak [85] the intrusions are present at G B as well . The simultaneous growth 
of extrusions pushing away the G B and presence of the intrusions at G B lead to the grain 
boundary cracking. The intrusions act as the local discontinuities at grain boundary leading 
to partial decohesion and weakening of the G B . Only a few fatigue cracks initiated at G B s 
were observed. The initiated grain boundary crack grows later along the slip planes inclined 
at about 45 degrees to the loading direction (see Fig. 9.1.8). 
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N o G B cracking was observed in the case of low strain amplitude cycling. It corresponds 
to low density of the PSBs /PSMs inducing the G B decohesion along the grain boundaries. 
With high applied strain amplitude the high plastic strain amplitude results in high volume 
fraction of PSBs [42] and appearance of grain boundary cracks. 

Although some TBs have been cracked as a result of the impingement of P S M s at the T B , 
most of the T B cracking was observed to be related to the appearance of P S B emerging at 
the surface along the T B . The role of TBs in fatigue crack initiation have been studied in 
various simple metals [65; 66; 182] as well as in structural materials [118; 183]. The 
characteristic bands of the localized cyclic plastic deformation (PSBs) running parallel to 
the TBs were often reported for copper [42; 184]. Our observations reveal the characteristic 
PSBs inducing the surface relief in the form of extrusions and intrusion (see Chapter 9.2). 
Since we have observed the extrusions along the surface cracks running along TBs (see 
Fig. 9.1.4) we can conclude that the cracking of TBs was pronounced by the appearance of 
parallel PSBs. 

The TBs were observed to be the second preferential site of fatigue crack initiation since 
they promote early cyclic slip localization and P S B formation [65; 184]. Consequently, it 
was demonstrated several times that the cracking of TBs plays an important role in 
specimens fatigued with low strain amplitudes [118]. However, their important role was 
found in 316L steel also at intermediate and high strain amplitudes [118; 183; 185]. Based 
on our observations the relative frequency of T B cracking increases with increasing strain 
amplitude (see Fig. 9.1.12). The results clearly show the increasing role of the TBs in the 
crack initiation of the dominant cracks during high strain amplitude cyclic loading while in 
the case of low strain amplitudes the initiation is preferentially transcrystalline along the 
narrow PSMs. 

The most relevant theoretical model of crack nucleation along the T B was proposed by 
Neumann et al. [66; 186]. They analysed the elastic anisotropy of the T B pair and stress 
concentration near the emerging TBs. They concluded that the effective resolved shear 
stresses near the T B due to the elastic anisotropy of surrounding twins locally enhances the 
plasticity along the T B and intensify the formation of P S B / P S M since the T B is parallel 
with {111} slip plane. The model was slightly modified by Blochwitz et al. [118; 183; 187] 
for intermediate and high strain amplitudes considering the elasto-plastic solution. Their 
results are consistent with the observations of Neumann. This is in agreement with our 
observations which confirmed the role of T B both in low and high strain amplitude cycling. 
The probability that the nucleated crack along the T B would develop into the dominant 
crack is enhanced in the case of high strain amplitudes (see Fig . 9.1.12). 

Our results on the crack growth along the TBs show the deflection of the crack paths in the 
direction perpendicular to the loading axis. The results correspond to the early crack 
initiation and growth of fatigue cracks initiated along the P S M s within the grains (see Fig. 
10.1.7b). Similar observations were performed recently by Blochwitz et al. [120; 183] and 
M a n et al. [94] who found that the crack leaves the T B plane after a few micrometers and 
follows the low-indexed slip planes as {001} or {011} (see Fig . 10.1.8). 
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13. Crack growth of short natural cracks 

13.1. Crack growth mechanisms 

The natural short fatigue cracks propagate in two stages of the crack growth. The first 
period is the crack initiation and early crack growth along P S M denoted as Stage I and the 
second is the crack growth approximately perpendicular to the loading axis denoted as 
Stage II (see Fig. 4.1.1). Fatigue crack initiation plays an important role in the fatigue life 
of the cyclically strained bodies since without the crack initiation there is no crack growth 
and no fracture. Nevertheless, in the low cycle fatigue domain the period of the crack 
initiation is usually not life determining. Early and easy crack initiation can however 
shorten the fatigue life. 

Numerous studies on f e e . and b.c.c. materials show that the location of the crack initiation 
strongly depends on the applied strain and stress amplitude. Among variety of materials 
and alloys the austenitic stainless 316L steel has been subjected most frequently to the study 
of the crack initiation and short crack growth [4; 91; 118; 183; 188; 189]. Sanicro 25 steel 
also belongs to the family of austenitic steels with the high content of alloying elements as 
N i , Cr and N . It is expected that the mechanisms of the crack initiation and growth wi l l be 
similar to e.g. the 316 grade of steels [96; 133; 183; 188], 

Stage I fatigue crack growth follows, similar to the 316L [4] steel, the highest shear stress 
planes oriented approximately 45 degrees in relation to the applied load (see Fig . 10.1.1) 
as shown in previous Chapter 12. A s expected Stage I crack growth has a crystallographic 
character affected by the structure of the material (grain size, grain disorientation...) and 
by the fatigue induced dislocation microstructure (see Chapter 13.2.8). The Stage I crack 
grows under the shear loading during the tensile part of the cycle as shown in Chapter 3.3 
(see Fig. 3.3.2). The early growth of the Stage I crack is characterized by the mutual 
interlinking of small semi-elliptical shallow cracks developed along the P S M s as observed 
in 316L steel [172]. Later, when the microstructurally small crack has reached the depth of 
several micrometers the parallel cracks within one grain link together typically along the 
{111} slip planes. Those are frequently associated with the emerging slip markings on the 
grain surface (see Fig. 10.1.2). The surface length of the Stage I cracks is of the structural 
unit length. Since the average grain size is sufficiently large (about 60 |j,m), the straight 
surface crack path was observed only occasionally. Similar observations were performed 
by Lindstedt [133] and Zhixue [190] on 316 austenitic steel. The zig-zag path of the Stage 
I cracks leads to the decrease of the crack growth rates as a result of the roughness-induced 
crack closure. On the other hand, the early crack linkage within one grain might increase 
the crack growth rate of the Stage I crack. 

A s discussed in the previous Chapter 12, the higher is the applied cyclic strain amplitude, 
the higher is the surface fraction of the P S M s within the grains. Hence, the probability of 
the crack initiation increases and the period of the early Stage I crack growth decreases. 
Moreover, the high number of the initiated cracks increases the probability of further crack 
extension over the grain boundary since grain boundaries represent the effective obstacles 
for the short crack growth. The high number of P S M s on the surface and subsequently the 
more frequent crack initiation was found in the materials with high nitrogen content [133] 
what is in agreement with our observations. The high activity of the slip systems also 
increases the initiation probability along the GBs and TBs. The early growth of Stage I 
cracks along TBs had the same shear character as observed for the cracks initiated along 
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the P S M s within the surface grains. These cracks grow along the {111} slip plane having 
the highest shear stress (see Figs. 9.1.4 and 9.1.5). Nevertheless, it has been observed, that 
the Stage I crack growth often does not exceed the length of the grain size. More commonly, 
the crack growing in Stage I deflects from its original crack path and continues to propagate 
perpendicular to the loading direction which is denoted as the Stage II crack growth (see 
Figs. 10.1.1 and 10.1.7b). 

The number of the initiated cracks was observed to increase during the cycling for all cycled 
specimens. It is in agreement with the observations preformed on the cycled 316 stainless 
steel [133; 134; 190] that the fraction of the surface cracks increases t i l l the half of the 
lifetime. Later the fraction of the surface cracks decreases. This implies that initiated cracks 
link together and the linking of the cracks contributes to the growth of the cracks. This is 
more pronounced in the case of high strain amplitude cycling as shown in Fig. 13.1.1. 
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Figure 13.1.1: The evolution of the surface cracks during the cycling. The surface crack 
length vs. the number of cracks is evaluated for three stages of the fatigue life (-50%, 
-70%, 100%). The samples were subjected to the cyclic loading with low (0.25%) and high 
(0.6%) strain amplitudes. 

In high strain amplitude loading usually one crack becomes dominant crack (see Fig. 
13.1.1b) and plastic strain is concentrated to its crack tip plastic zone. Moreover, the stress-
shielding effect coming from the stress-free crack surfaces of the dominant crack causes 
the shielding of other cracks and only dominant crack propagates. 

Other important feature affecting the crack growth rate is the roughness-induced crack 
closure. Comparing of Figs. 10.1.6, 10.1.8 and 10.1.9 we can see that the crack path 
character depends significantly on the applied strain amplitude. According to Blochwitz et 
al. [118] the fraction of PSMs , which corresponds to the slip systems with the highest SF 
(i.e. {111} slip planes), decreases with increasing applied strain amplitude. His findings are 
in a good agreement with our observations (see Figs. 10.1.6, 10.1.8 and 10.1.9). The crack 
path in the case of low strain amplitudes has a jagged character while in the case of high 
strain amplitudes the crack path is much smoother with the striations beginning early in the 
crack growth. The zig-zag crack path induces additional Mode II crack growth during the 
cycling causing the roughness-induced crack closure. A s a result, the effective stress 
intensity factor of the crack reduces during cyclic straining and subsequently the crack 
propagation rate is reduced. Moreover, according to Lindstedt [133] the opening of the 
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Stage I cracks and also crack branching during the cycling consume energy leading to the 
decreasing of the energy release rate of the dominant crack for all strain amplitudes. 

13.2. Crack growth kinetics 

13.2.1. Equivalent crack length concept 

The inspection of the short fatigue crack growth shows that for all strain amplitudes several 
cracks are initiated in most cases within the shallow notch. The growth of the individual 
cracks at the beginning of the cycling for all strain amplitudes is influenced by the 
microstructure of the material (i.e. grain orientation). The high angle grain boundaries 
represent the effective barriers for the further crack growth [191; 192]. A s the crack length 
increases the increment of the crack rate becomes more stable and can be described by the 
exponential law (see Eq . 4.2.6). Though several cracks grow simultaneously at 
approximately the same rate (see Fig . 10.2.1), different physical crack can become 
instantaneously the longest crack in the notch. Based on the study by Polák et al. [92; 193] 
these two facts allow approximating the growth of all cracks growing under the cycling 
with constant strain amplitude by one representative crack. The same fatigue life is reached 
i f the aggregate of growing short cracks in the specimen subjected to constant plastic strain 
amplitude loading is replaced by the growth of the instantaneously longest crack. This crack 
is called the equivalent crack [133; 134]. Since the plastic strain amplitude does not change 
significantly during the most of the fatigue life at a room temperature [194], we can 
consider that the cracks grow under "constant" plastic strain amplitude. 

According to Polák et al. [131; 132; 195] the equivalent crack is the crack whose length is 
approximately equal to the length of the longest crack present in the investigated area. If 
only one crack is growing the equivalent crack is identical with this physical crack. The 
concept of equivalent crack allows to substitute the crack growth rates of all growing cracks 
by the growth rate of the equivalent crack resulting in the same fatigue life. 
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Figure 13.2.1: Evaluation of the data corresponding to the growth of the equivalent crack 
with semicircular shape (redfull symbols). See the text for explanation. 

Obrtlik et al. [ I l l ] and Blochwitz and Ritchie [118] found out that the difference between 
the semi-circular crack shape and the real semi-elliptical shape is negligible. Since it is 
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difficult to measure the depth of the crack in the cylindrical specimens, the crack length in 
the bulk has been described by the half of the surface crack length. When two cracks link 
together, the resulting crack stops growing on the surface (see Fig. 10.1.4) and the crack 
grows only into the bulk of the material. To evaluate properly the growth of the equivalent 
crack only the points in which the crack has approximately semi-circular shape should be 
considered. According to the mathematical analysis of the fatigue crack shape based on the 
fracture mechanics approach in the infinite space [196; 197], the crack tends to reach semi­
circular shape. Since we cannot follow the growth of the crack in the bulk in the case of 
linkage of two semi-circular cracks we can only omit the points which do not correspond 
to the growth of the cracks having the semi-circular shape (see Fig . 13.2.1). Open symbols 
in the plot are derived from the measured surface crack length. If the crack length suddenly 
increased and stopped its further growth at the surface for some time it indicates the cracks 
linkage and the growth of the interlinked cracks in the bulk. Therefore, the last point before 
the sudden increase of the crack length determines the length of the equivalent crack. After 
the cracks linkage the first point, which shows the continual growth of the equivalent crack 
is considered. The relevant extrapolated points in Fig. 13.2.1 are represented by full (red) 
symbols. Other symbols (open circles) are excluded from the data characterizing the growth 
of the equivalent semi-circular crack. B y considering the previously mentioned points the 
equivalent crack characterizes the growth of all cracks including their mutual interactions 
as the crack coalescence [133; 134] and the crack shielding effects as well. 
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Figure 13.2.2: Crack growth rates vs. crack length in specimen cyclically strained with 
total strain amplitude 0.25%; (a) crack growth rates were evaluated from all measured 
data; (b) crack growth rates were evaluated from the data corresponding to equivalent 
semi-circular crack 

The method of the selection of the points corresponding to the growing equivalent semi­
circular crack is shown in Fig . 13.2.2. Figure 13.2.2a shows the plot of crack growth rates 
evaluated using difference method vs. the crack lengths measured for the sample cycled 
with sa = 0.25% when all data points of measured cracks were considered. The points 
exhibit significant scatter in crack growth rates in the case of all cracks. This could bring 
some imperfection in the extrapolation of the data. Nevertheless, the cracks, in general, 
show approximately the same crack growth rates for the same crack length. If only data 
corresponding to the equivalent growing crack (data showing the growth of the largest 
crack observed at that moment within the area) are considered the scatter of the crack 

113 



growth rates is significantly lower. N o important variations in the crack growth rates are 
present and the data can be fitted by the power law (see Fig . 13.2.2b). 

13.2.2. Fracture mechanics approach 

Short fatigue crack growth rates can be described using fracture mechanics approaches. 
Since the stress intensity factor is often chosen as the parameter characterizing the 
propagation of cracks the crack growth rate of the equivalent crack is plotted versus stress 
intensity amplitude Ka. Ka is calculated according to the model optimizing the crack front 
shape as described by Trávníček et al. [198] and Hutař et al. [141]. The crack front shape 
was found to be semi-ellipse. The crack length a in the bulk of the material was derived 
from the surface crack length. The stress intensity factor was calculated for physically short 
cracks, which have the length in the range 0.05 mm ^ 2 mm. 
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Figure 13.2.3: Short crack growth rate vs. stress intensity factor, Ki, afor Sanicro 25 steel 
for individual equivalent cracks growing under cycling with sa in the range from 0.25% to 
0.7%. 

The crack growth rates in Fig. 13.2.3 show significant scatter. Crack growth rates of all 
equivalent cracks cannot be described by one master curve. Wi th increasing applied strain 
amplitude propagation rates increases. According to Ritchie [199] the loading with strain 
amplitude resulting in appreciable plastic strain amplitude enhances the cyclic plastic zone 
ahead of the crack front. Since the stress intensity factor is applicable for small scale 
yielding when the plastic zone is much smaller than the crack length the description of the 
stress field around the crack tip based on the stress intensity factor is not appropriate. This 
is called the physically short crack effect [199], 

Therefore, the parameter describing the intensity of elastic-plastic stress field ahead of the 
crack front has to be used as proposed by Rice [109]. The crack propagation rate can be 
characterized by ./-integral, ./-integral is composed of two components (see Chapter 4.2.2), 
the elastic and plastic component, and can be estimated for loading Mode I. 

Since the ./-integral approach considers nonlinear material behavior it is more applicable 
for description of the short crack growth rates. Crack growth rates plotted vs. ./-integral 
amplitude, Ja, (Fig. 13.2.4) exhibit smaller scatter compared to that in Fig . 13.2.3. Although 
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the curves corresponding to individual equivalent cracks lie close to each other the scatter 
still indicates the dependence on the applied strain amplitude. 
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Figure 13.2.4: Short crack growth rate vs. J-integral amplitude for Sanier o 25 steel for 
individual equivalent cracks growing under the cycling with sa in the range from 0.25% to 
0.7%. 

It was reported earlier [200; 201] that during the low cycle fatigue the fraction of the plastic 
part of ./-integral increases with increasing applied total strain amplitude. It is shown by 
Trávníček et al. [198] that the fraction of plastic component increases from 66% of total J-
integral for the lowest strain amplitude of 2.5 x 10"3 up to 82% of total ./-integral for the 
highest strain amplitude of 7 x 10"3. It was concluded that the plastic component of J-
integral plays the main role in the short crack growth. 
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Figure 13.2.5: Short crack growth rate vs. plastic component of J-integral for Sanicro 25 
steel for individual equivalent cracks growing under cycling with sa in the range from 
0.25% to 0.7%. 

Nevertheless, the plot of crack growth rates of equivalent cracks vs. the plastic component 
of ./-integral (see Fig. 13.2.5) still shows appreciable scatter. The dependence on the applied 
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strain amplitude remains. The high scatter in the values of crack growth rates may be caused 
by the mutual linkage of the initiated short cracks. During the coalescence of two cracks 
the plastic zone ahead of the crack front varies and this can also affect the crack growth 
rate. Nevertheless, even in the case of scatter the dependence of the crack growth rate on 
the Jap can be extrapolated by the master curve (Eq. 4.2.5) with the parameters Cjp = 
1.522xl0" 7 and mjp = 0.874 characterizing the crack propagation in Sanicro 25. 

The crack growth rates of the Sanicro 25 are compared with the crack growth rates of the 
316L steel [139] in Fig. 13.2.6. In the case of 316L steel the short crack growth was 
measured on the samples cycled with constant strain amplitudes in the range of 3.2-1 x 10" 
3 . Fractographic analysis has revealed that the crack front shape of 316L steel slightly 
differs from that observed in the Sanicro25 steel. While, semi-circular crack front shape 
was found for the 316L steel, in the case of Sanicro 25 the semi-elliptical crack front shape 
was observed. F ig . 13.2.6 shows that the 316L steel exhibits higher crack growth rates for 
the same plastic component of the ./-integral when compared to those of the Sanicro25 steel. 
The parameters of the Eq . 4.2.5 for 316L steel are CJp = 2.341 xlO" 8 and mJp = 1.342. The 
differences appear mainly in the domain of high applied strain amplitudes i.e. for high 
plastic strain amplitudes. The CSS curve of 316L steel [198] shows that there has to be 
higher stress amplitude for 316L steel to reach the same plastic strain amplitude as the 
Sanicro 25 steel. It means that the cyclic plastic deformation in the case of Sanicro25 steel 
is enhanced. The cyclic plastic deformation is localized into to the narrow PSBs (see 
Chapter 9.2) leading to the smaller plastic zone ahead of the crack tip than in the 316L steel. 
Therefore, the crack tip blunting may be smaller than that in the case of 316L steel leading 
to the smaller crack increment in one cycle. The effective value of the Ka can be also 
decreased due to the high planar character of dislocation slip. 

Later in Chapter 13.2.4, the measured fatigue lives w i l l be compared with the predicted 
ones based on parameters characterizing the crack growth rate propagation. The residual 
fatigue lives (in the range of crack length from 0.1 mm to 0.5 mm) wi l l be compared also 
with the ones calculated based on the parameters of the Master curve plotted in Fig. 13.2.6 
which characterizes both materials. The parameters of the Master curve are listed as follows 
Op = 3 .970xl0- 8 andwj p = 1.212. 
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Figure 13.2.6: Short crack growth rate vs. plastic component of J-integral for Sanicro 25 
steel and 316L steel. 
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13.2.3. Crack growth under plastic strain amplitude 

Alternative approach to the fracture mechanics on the characterization of the short crack 
growth is presented by Polák [144]. We wi l l analyze the same data by this approach 
described in Chapter 4.2.3. 

Since the information about the crack shape in the bulk of the material is missing during 
cyclic straining the crack length a was evaluated under assumption that the crack shape was 
semi-circular as discussed in Chapter 13.2.1. The equivalent crack length has been 
evaluated from the experimental data according to the procedure described in previous 
Chapter 13.2.1 for all strain amplitudes. Fig. 13.2.7 shows the semi-logarithmic plots of the 
lengths of all equivalent cracks vs. the number of cycles. The data show a good linear 
dependence in the semi-logarithmic plot. The data were thus fitted by the exponential law 
corresponding to Eq. 4.2.6. 
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Figure 13.2.7: Length of equivalent semi-circular cracks vs. number of cycles in cycling 
with constant total strain amplitude in the range of (2.5-7.0) x 10~3. 

Both parameters a, and kg of the Eq . 4.2.6 were evaluated using least-square regression 
analysis procedure, and the results for all strain amplitudes are shown in Table 13.2.1. The 
extrapolated initial crack length does not show a systematic dependence on the strain 
amplitude. The average value was 27 urn, which is approximately the half of the average 
grain size of the material. In contrast to that, the crack growth coefficient increases 
systematically with the increasing applied strain amplitude. It means the crack length 
increment in one cycle increases with the increasing applied strain amplitude as was also 
shown previously in several materials [139]. Since the fatigue life in the regime of low 
cycle fatigue is dependent on the plastic strain amplitude as observed by Manson and Coffin 
[28; 29] we shall correlate kg coefficient with the plastic strain amplitude. 

Sa nominal 2.5xl0" 3 3.2xl0" 3 3.5xl0" 3 5.0xl0" 3 ó.OxlO"3 7.0xl0" 3 

a, (m) 1.98X10"5 2.40X10"5 4.74X10"5 4.28X10"5 4.20X10"5 1.15X10"5 

kg 8.51X10"5 1.31X10"4 1.40X10"4 2.55X10"4 3.75X10"4 5.48X10"4 

Table 13.2.1: Parameters of the exponential dependence of the equivalent crack length vs. 
number of cycles. 
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Since the cyclic plastic strain is considered to be the principal factor contributing to the 
growth of the fatigue cracks the rate of the short crack growth has been proposed to be the 
function of the plastic strain amplitude (see Eq . 4.2.8). Unfortunately, only the nominal 
values of the stress and the strain are known from the directly measured hysteresis loop. 
Since the shallow notch acts as the stress and the strain concentrator leading to the increase 
of the plastic strain in the area of the notch, it has to be analyzed before the further 
characterization. 

Since the applied stress and strain amplitudes in the material are known, it is possible to 
estimate the plastic strain amplitude in the notch numerically using the finite element 
analysis with software A N S Y S . Due to the geometrical symmetry, it was sufficient to use 
only one quarter of the specimen gauge section (see Fig . 6.1.2b). Previously measured 
experimental data [194] of cyclic stress-strain curve for Sanicro 25 steel lead to the stress-
strain relation characterized by the power law function 

ea= f + Q ) 1 / n (13.2.1) 

where E is Young's modulus, K' and n' are the fatigue hardening coefficient and the fatigue 
hardening exponent. Based on the Fig. 13.2.8 the stress-strain response can be also 
described by the linear dependence between the stress and strain amplitudes. Therefore, the 
bilinear model can be considered to reasonably describe the elastic-plastic behavior of the 
material during the cycling. Plastic strain amplitudes in the notch root for different applied 
strain amplitudes evaluated using the A N S Y S software are listed in Table 13.2.2. 

Total strain amplitude, s a 

Figure 13.2.8: Bilinear model usedfor the evaluation of eap in the notch. Stress amplitude 
is plotted vs. total strain amplitude. 

Applied Sa nominal 2.5xl0" 3 3.2xl0" 3 3.5xl0" 3 5.0xl0" 3 6.0xl0" 3 7.0xl0" 3 

A N S Y S Sa in notch 3.21X10"3 4.0X10"3 4.4xl0" 3 6.1X10"3 7.3 xlO" 3 8.4xl0" 3 

A N S Y S 
Sap in notch 1.75X10"3 2.50X10"3 2.82X10"3 4.40X10"3 5.44X10"3 6.48X10"3 

Table 13.2.2: Total and plastic strain amplitudes estimated by ANSYS. 
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Figure 13.2.9a shows the effect of the shallow notch on the amplitude of the plastic strain. 
Both the plastic strain amplitude in the notch evaluated using the A N S Y S and the plastic 
strain amplitude derived from the measured hysteresis loop are plotted vs. the crack growth 
coefficient. A s expected, the highest increase is found for the smaller strain amplitudes 
close to the elastic section of the cyclic stress-strain curve. Later, as the applied strain 
increases the increase in the plastic strain amplitude does not change significantly. The data 
can be very well approximated in the bilogarithmic plot by the straight line. The higher the 
plastic strain amplitude the higher the increase of the crack length during one cycle. 

The parameters of Sanicro 25 describing the crack growth rates according to the Eq . 4.2.8 
depend whether we use the measured plastic strain amplitude or the one calculated in the 
notch. B y comparing Figs. 13.2.9a and 13.2.9b it is notable, that the crack growth law 
corresponding to the plastic strain amplitude calculated in the notch is in good agreement 
with the results shown in Fig . 13.2.9b. The lower crack growth rates of Sanicro 25 steel 
leads to the longer fatigue lives compared to 316L steel [48]. The plastic strain amplitude 
increased by the notch effect plays an important role in crack growth. Then the parameters 
representing the crack growth law derived for Sanicro 25 steel in Eq . 4.2.8 are as follows: 
the parameter kgo is equal to 0.544 and the parameter dis equal to 1.393. 

( a ) Plastic strain ampltiude, £ g p (N=Nf/2) ( b ) N u m b e r o f c y d e s t o f r a c l u r e 

Figure 13.2.9: (a) Crack growth coefficient evaluated for two austenitic stainless steels 
316L and Sanicro25. (b) Fatigue life curves of 316L steel [46] and Sanicro 25 steel 
[194]derivedfrom the smooth cylindrical specimens. 

B y comparing the crack growth parameters (see Eq . 4.2.8) evaluated for the 316L steel 
[142] kg0 = 0.091 and d = 1.04 and the Sanicro 25 steel in the Fig. 13.2.9a the relation 
between the crack growth rate and the plastic amplitude shows different results when 
compared to Fig . 13.2.6. Contrary to the dependence on the Ja,Pi, here the crack growth rates 
are getting closer for high cyclic plastic strain amplitudes and the rates differ for the 
decreasing cyclic plastic strain amplitude. Nevertheless, it is apparent that the short crack 
growth of both materials are different and cannot be characterized by the same parameters. 
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13.2.4. Fatigue life 

The number of cycles needed to extend the crack length from the initial crack length ao to 
the final crack length a/ can be estimated integrating equations 4.2.5, 4.2.6 and 4.2.7. To 
compare the estimated number of cycles using crack growth law or using Ja,Pi with the 
experimental ones, the interval of the physically short crack length 0.1-0.5 mm, in which 
the crack lengths were measured, was chosen. 

The predicted number of cycles estimated using both the fracture mechanics approach (Ja,Pi) 
and the cyclic plastic strain amplitude approach are plotted along with the experimental 
data in Fig. 13.2.10. Here, the cyclic plastic strain amplitude is plotted vs. the number of 
cycles corresponding to the number of cycles spent on the crack extend from 0.1 mm to 0.5 
mm. The number of cycles calculated using parameters kgo and d of the Polak's model give 
very good agreement with the experimental data. Contrary to that the number of cycles 
calculated analytically using Ja,Pi with parameters derived for the Sanicro25 steel shows 
higher slope of the linear fit. The highest deviation from the experimental data shows plot 
using the Master curve derived for both steels 316L and Sanicro 25. The reason is that the 
Master curve in Fig . 13.2.6is well above the data of Sanicro 25. It indicates that one Master 
curve cannot characterize several materials with different material properties. 
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Figure 13.2.10: Dependency of the plastic strain amplitude sap and the number of cycles N, 
which corresponds to the number of cycles spend on the crack extend from 0.1 mm to 0.5 
mm in the Sanicro25 steel. 

Provided that the initiation and growth of all fatigue cracks can be substituted by the growth 
of an equivalent crack from the initial crack length, a,, up to final crack length, a/, which 
follows the crack growth law (see Eq. 4.2.6) and the crack growth coefficient, kg, depends 
on the plastic strain amplitude according to the relation 4.2.8 the crack growth law can be 
integrated and fatigue life is obtained using parameters of the crack growth law. 
Additionally, it was shown earlier by Polák [144] and Polák and Zezulka [143] that the 
parameters of the short crack growth law and the parameters of the Manson-Coffin law are 
related as follows: 

d = - -
c 

kg0 = 2 ( £ / )Vc luff-) (13.2.2) 
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The parameters of the short crack growth law can be thus evaluated from the parameters c 
and Ej determined from the Manson-Coffin curve (Eq. 2.1.) provided the ratio of the final 
to the initial crack length is estimated. Similar to that, the parameters of the Manson-Coffin 
law can be inversely evaluated using the parameters of the crack growth law kgo and d (see 
Eq. 13.2.2). 

The fatigue life curves of previously measured smooth cylindrical specimens [194] and 
currently measured notched cylindrical specimens are compared in Fig. 13.2.11. Along 
with the experimentally measured data, the derived fatigue life curve estimated using the 
parameters of the Manson-Coffin law evaluated from the crack growth law parameters of 
notched specimens (using the Eq. 13.2.2) is plotted as well. The number of cycles to 
fracture was estimated by integrating derived Manson-Coffin law. Since the parameter Ej 
dependents on the ratio of the initial crack length and final crack length, the initial crack 
length for Sanicro 25 steel was put equal to half of the grain size 27 UJTL and 1 mm was 
considered as the final crack length. 

The parameters of the crack growth law of smooth specimens are also evaluated using Eq. 
13.2.2, from the measured parameters of Manson-Coffin law for smooth specimens. A l l 
parameters of the experimentally measured and derived Manson-Coffin laws and crack 
growth laws for smooth specimens as well as for notched specimens are listed in Table 
13.2.3. 

In the case of smooth specimens the number of cycles is plotted vs. plastic strain amplitude 
derived from the measured hysteresis loop. In the case of notched specimens, the number 
of cycles is plotted vs. plastic strain amplitudes calculated in the notch (see Tab. 13.2.2 and 
Fig. 13.2.9). A l l the plastic strain amplitudes are considered in the half of the fatigue life. 
However, the plastic strain amplitude does not change significantly during the cycling of 
Sanicro 25 [194] (see Chapter 1.1). 

104 105 

Number of cycles to fracture 

Figure 13.2.11. Manson-Coffin fatigue life curves of Sanicro25 steel (smooth [194] and 
notched specimens) compared with the Poldk's crack growth law. 

Both derived and experimentally measured Manson-Coffin laws of notched specimens lie 
very close. It indicates that the crack growth under the cyclic plastic strain determines the 
fatigue life of the specimen under low cycle fatigue conditions. Then the parameters of the 
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short crack growth law can be reasonably well used to evaluate the parameters of the 
Manson-Coffin law and to determine the residual fatigue life of the sample. 

Samples 
Manson-Coffin curve Crack growth law 

Samples Sf c kgO d Samples 
exp. der. exp. der. exp. der. exp. der. 

Smooth 7.22 -0.718 0.754 1.393 
Notched 6.404 -0.718 0.544 1.393 

Table 13.2.3: Parameters of the experimentally measured and calculated crack growth 
law and Manson-Coffin law for both smooth and notched specimens according to Eq. 
13.2.2. 

The small difference between the Manson-Coffin law measured on smooth specimens and 
the derived curve for notched specimens can be explained by the effect of the different 
surface preparation and also the effect of plastic strain gradient in the notch. The smooth 
samples were finally ground while the surface of notched specimen was electrolytically 
polished. The gradient of plastic strain can have different effect on crack growth rates for 
small and high plastic strain amplitudes. 

14. The role of oxidation in damage mechanisms during high temperature 
loading 

14.1. Oxidation assisted grain boundary cracking 

High temperature fatigue damage mechanisms in austenitic stainless steels differ 
appreciably from that at room temperature [6]. Room temperature cyclic straining of 
Sanicro 25 is characterized by the strong localization of the cyclic plastic strain into the 
narrow persistent slip bands [21] and the crack initiation starting from the PSMs, especially 
from the tip of the intrusions (see Fig. 9.1.2). Contrary to that, the high temperature 
enhances temperature activated cross slip of dislocations and thus the localization of the 
cyclic plastic strain is more difficult as observed previously in 316L steel [55], 
Furthermore, in the case of Sanicro 25 steel, the motion of dislocations is limited by their 
pinning by the N b N nanoprecipitates, which nucleated during the fatigue [202; 203], 
Therefore, the localization of the cyclic plastic strain into the PSBs is very difficult. Due to 
that, the appearance of the extrusions along the PSBs within the grains at the surface is very 
sporadic and no cracks were observed to initiate from extrusions. 

Material resistance to the near-surface high temperature degradation in terms of the oxide 
formation, especially along the interfaces, is closely connected with the chemical 
composition and the initial microstructural state. A s mentioned earlier in Chapter 8 only 
Nb-rich Z-phase complex nitrides are present in the initial state of the material. Other 
particles, which may significantly influence the oxidation resistance at the G B , such as Cr-
rich M23C6 carbides, are absent in the initial state. M23C6 carbides were observed within the 
grains as well as in the grain boundaries only after the high temperature cyclic loading. 
According to work of Tril lo and Murr [202], an incoherent grain boundary might present 
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the primary nucleation site for the Cr-rich M 2 3 C 6 carbide precipitation at high temperature 
[6; 7; 19]. Structural analysis of Sanicro25 steel has revealed that the predominant fraction 
of the grain boundaries are randomly oriented H A G B s , as exemplified in Fig. 8.2. 
Boundaries of this type are characteristic by a high amount of lattice defects (such as 
dislocations and vacancy type defects) introducing an interface with high interfacial energy. 
The higher the interfacial energy of the boundary the more probable is the nucleation of 
carbides. In steels with high content of Cr and interstitial C dissolved in the matrix these 
particles start to nucleate and coarsen very rapidly [12] and shortly can be present at 
L A G B s . A s a result, heavily Cr-depleted zones are formed at the GBs [202; 203] as well as 
at the carbide/matrix interfaces as shown in Figs. 11.1.6 and 11.1.8. A s mentioned earlier 
in Chapter 3.4, i f the Cr content in the grain boundary has dropped below 12 wt. % the 
material losses the ability to create a protective CriOj oxide layer and undergoes 
intergranular oxidation and cracking as shown in Figs. 11.1.9 and 11.1.6. 

Fig. 14.1.1: Surface of the polished specimen after high temperature exposure at 700 °C 
for 5 hours. FIB cross section reveals the preferred oxidation of the material along the 
grain boundaries as well as the preferential growth of the oxide extrusions and intrusions 
at these sites. 

The oxidation of the GBs is due to the easier penetration of the oxygen into the material by 
means of the motion of vacancies under the external loading or by high temperature 
activation of diffusion according to the Eq . 3.4.2, preferentially in H A G B s and also in grain 
boundaries with no specific orientation such as L A G B s (see Fig . 8.2) [9]. The early G B 
oxidation (see Figs. 11.1.2 and 11.1.4) is characterized by the growth of the internal oxide 
intrusion in the form of the Cr-rich layer as shown also by the sample exposed to a high 
temperature for 5 hours in Fig. 14.1.1. Such an oxide layer should create the protective 
layer against further penetration of the oxygen into the material and diffusion of the metallic 
elements to the surface. Nevertheless, as is shown in Fig . 14.1.2 oxide layer consists of 
outer scales enriched in Fe further from the matrix and Cr-rich scales close to the 
oxide/matrix interface. The Cr-rich layer is found to be porous which probably promotes 
further oxidation of the material. Below these oxide layers, thick oxidation-affected zone 
is formed in the matrix. This zone is heavily enriched in N i and depleted in Cr and Fe as a 
result of Cr- and Fe-rich oxides growth on the surface. The Ni- r ich zone represents the 
barrier for the further inward diffusion of the oxygen and outward diffusion of the metal 
elements. The results are in a good agreement with the experimental work of Rothman et 
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al. [204], who measured that the diffusion rate of N i in the Fe-Cr-Ni based alloy system is 
notably lower when compared to that of Cr and Fe. These conclusions are also in 
accordance with the observations of Intiso et al. [18]. They have observed similar double-
layered oxide structure after static oxidation tests at 600 °C in dry and wet O2 environments 
performed on Sanicro 25 steel. Furthermore, cavities are formed at the tip of the oxide 
intrusions (see Figs. 14.1.1, 11.1.4 and 11.1.6). This can be related to the Kirkendall-type 
of diffusion [205] due to the significant difference between the diffusion rates of Cr, Fe and 
N i . It is assumed that the diffusion of Cr, Fe and N i in solid solution is due to vacancy 
mechanism in such a way that the flow of matter is matched by an equal and opposite flow 
of vacancies. Considering the fact that the diffusion rate of N i is several times lower than 
that of Cr and Fe [204], it is natural that vacancies bound to Fe and Cr atoms flowing to the 
interface condense forming a cavity. Cavities were found also below the surface oxides and 
even also within the internal oxides as shown in Figs. 14.1.1 and 11.1.6. 

Fig. 14.1.2: HAADF-STEM image showing oxidized surface of the material. Objects 
appearing black are holes in the oxidized layer corresponding to relatively high porosity. 
White line marks the position where EDS-linescan analysis was done. Raw data were 

plotted in terms of spectral intensity corresponding to each element as a function of 
distance. Oxide layer is composed of thick outer Fe-rich oxide, which is on the top of two 
thin overlapping Cr-rich and Fe-rich oxides. These are on the top of inner thick Cr-oxide 
layer, which is in contact with the surface of the material. Close to the interface in between 
the inner Cr-oxide and the matrix, layers heavily enriched in Ni and W arise. 

A s discussed above, high temperature notably decreases fatigue endurance of Sanicro 25 
steel not only by the change of slip character and the microstructure [21], but also by 
acceleration of the oxygen penetration along the grain boundaries leading subsequently to 
the modification of the fatigue crack initiation process. Instead of transgranular initiation 
observed at room temperature, the fatigue cracks initiate in the intergranular manner (see 
Figs. 11.1.2 and 11.1.4). The early stage of damage is in the form of wedge-shaped oxide 
intrusions and surface roughening (see Figs. 11.1.2 and 11.1.6) along the grain boundaries 
as a result of the environmental effects [22]. Since, the grain boundaries are the preferential 
sites for the oxidation, the crack nucleation appears as the rupturing of the brittle GB-oxide 
under tensile load. Therefore, preferentially G B s oriented approximately perpendicular to 
the loading axis have been cracked (see Figs. 11.1.5 and 11.2.2). Moreover, the resistance 
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of the GB-oxides to the rupturing is decreased by the presence of the cavities acting as the 
stress concentrators under the repeated external loading in the high temperature low cycle 
fatigue. After the rupture of the GB-oxide the freshly exposed metal is subjected to further 
oxidation. In addition to the diffusion of the oxygen and solute atoms by means of vacancy 
mechanisms the absence of protective Cr-rich oxide layer at the crack tip evokes increased 
internal oxidation of the material along the grain boundaries (see Figs. 11.1.6, 11.1.5 and 
11.2.3). These findings specify the general model based on the repeated rupture of oxidized 
film proposed for Ni-based superalloys [9; 10] for austenitic stainless steel. Since the 
intergranular cracks predominate close to the surface (see Fig . 11.2.5), the grain boundary 
cracking due to the oxidation may be considered as the Stage I fatigue crack growth where 
the crack growth rate is sufficiently low under these loading conditions. 

Moreover, it is worthy to note that despite the loading rate at high temperatures in L C F 
conditions can be considered as relatively low, no damage mechanisms as diffusion induced 
creep damage was observed. It is known that the creep damage in the form of cavitation at 
the interfaces accelerates the crack growth rate leading to short fatigue life. In the case of 
Sanicro 25 steel, the damage of the material in the form of cavitation was reported only in 
the presence of dwell period in a cycle [22]. 

14.2. Crack growth under the environmental conditions 

The growth of the cracks under isothermal L C F conditions has been followed both on the 
surface and in the bulk of the specimen. A s shown in the Chapter 11.2 the growth paths of 
the cracks are highly affected by the multiple grain boundary oxidation and cracking at the 
surface. Preferentially the grain boundaries oriented approximately perpendicular to the 
loading direction on the surface as well as in the bulk cracked as shown in Figs. 11.2.2, 
11.2.3 and 11.2.4. It means that the oxidized GBs loaded by the highest tensile stress 
component rupture under the tensile part of the loading cycle and a new metal surface 
arises. Later during the cycling, the fresh metal surface is exposed to further heavy 
oxidation of the G B (see Fig. 11.1.4) resulting in the easier oxidation due to the high energy 
of the G B compared to the matrix. This mechanism of the GB-oxide cracking and oxidizing 
of the new metal surface at the crack tip periodically repeats during the cycling [10]. The 
lengths of these initiated cracks are mostly shorter than the size of the surface G B . 
Analogously to the crack growth at room temperature, this period of the crack growth can 
be referred to the Stage I crack growth under these loading conditions. Nevertheless, 
contrary to the room temperature loading (see Chapters 9.1.1 and 9.2) this Stage I crack 
grows under the opening Mode I. The crack initiation appears early during the cycling in 
less than 10% of the fatigue life (N/= 688 cycles) which is still lower number of cycles 
compared to the crack initiation at room temperature. The period of the crack initiation can 
be slightly enhanced due to the sufficient oxidation of the G B compared to the loading at a 
room temperature where the crack initiation was found to appear in less than 5% ofN/(N/ 
= 18394 cycles) shown in Figure 9.1.3. 

It is apparent that the multiple crack initiation along the oxidized GBs significantly affects 
the growth behavior of the cracks close to the surface. Cracks grow preferentially in the 
intergranular manner as shown in the statistical analysis in Fig. 11.2.5. Later, with further 
cycling, initiated cracks link together (see Fig . 11.2.2). A s a result, the crack growth rates 
of the surface cracks rapidly increase. 

The growth paths of the surface cracks are in contrast with the crack paths in the bulk of 
the material, where the transgranular character of the crack growth prevails (see Fig. 
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11.2.5). This crack growth stage can be referred to as the Stage II crack growth. The crack 
grows under the action of the cyclic plastic deformation ahead of the crack tip similarly as 
in the case of the crack growth at room temperature. This is in accordance with the 
appearance of the plastic zone localized along the crack path and in front of the crack tip 
as revealed by the E B S D (see Fig. 11.2.3). The observations of the transgranular crack 
growth are in a good agreement with the works of Pavinich et al. [7] and Yamaguchi et al. 
[8]. Pavinich et al. [7] studied the effect of the grain size, temperature, and the strain rate 
on the character of the crack path in polycrystalline copper containing a silica particles. 
They found that the transgranular crack path notably predominates over the intergranular 
path even at high temperatures. This tendency is stronger at higher strain rates. Similar 
observations were presented by Yamaguchi et al. [8], who studied the effect of the strain 
wave shape on the high temperature fatigue behavior of a 316 type steel at 600 °C and 700 
°C. Fractographic observations revealed that in the testing with the slow triangular wave 
shape the fracture surface was of the intergranular character, while in the fast triangular 
wave shape tests fracture surface was of the transgranular character and the fatigue life was 
longer. 

Figure 14.2.1: a) SE micrograph of the crack. Inset shows the position of the lamella, b) 
BF-STEM of the oxidized crack tip with the surrounding dislocation microstructure. c) EDS 
maps showing the chemical composition of the oxide at the crack tip and surrounding 
matrix. 

The role of the plastic deformation in the crack growth is notable also from the Figs. 11.2.3 
and 11.2.4. The cracks propagate approximately perpendicular to the loading axis 
preferentially following the low indexed crystallographic planes of type {Oi l} and {001}. 
A s shown in Fig. 14.2.1 the crack propagates under the coactive action of several slip 
systems of type {111 }<011> as was earlier proposed by Neumann [122; 123] for the crack 
propagation at room temperature. The plastic zone ahead of the crack tip can be recognized 
due to the high lattice distortion and subsequently the loss of the diffraction contrast. 
Compared to the crack growth at a room temperature, here the crack growth is accompanied 
by the crack tip oxidation (see Figs. 11.2.5, 11.2.6 and 14.2.1). The oxidation in the matrix 
is not extensive and is localized only to a sheet of micron thickness along the crack sides. 
The similar mechanism as discussed earlier in the rupturing and further oxidation of the 
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freshly exposed metal surface takes place also during the crack propagation. In Fig. 11.2.6 
two crack tips indicating the oxidation in the direction of the crack propagation and multiple 
rupturing of the brittle oxide at the crack tip are shown. Only occasionally the crack path 
follows the G B . It indicates that the loading rate and the crack growth rate are sufficient 
high to suppress the embrittlement of the grain boundaries [146; 147]. The growth of the 
crack under the cyclic plastic deformation along with the oxidation and rupturing of the 
brittle oxides can increase the crack growth rate and decrease the fatigue life compared to 
the cycling at a room temperature. 

The crack growth rate of the principal crack leading to the fracture is determined by the 
range of the stress intensity factor AK or by the range of ./-integral AJ. In the early stages 
of the fatigue life the Stage I crack has approximately the semi-circular shape (see Fig. 
11.1.5) leading to the use of the AK for the description of the crack growth. B y the 
coalescence of the initiated surface cracks a shallow semi-elliptical surface crack of depth 
a arise. Wormsen et al. [196] have shown that the stress intensity factor of the 
approximately half-elliptic surface crack at the deepest point of the crack is proportional to 
t/C, where c is the half of the surface crack. The stress intensity factor at the surface is 
proportional to the square root of the crack depth ^[a. Therefore, the crack growth rates of 
the shallow cracks wi l l be highest in the depth of the material and fatigue crack wi l l have a 
tendency to reach rapidly the semi-circular shape. The period of slow crack growth can be 
thus overcome due to the initiation of cracks with the long surface length. This leads to the 
substantially shorter fatigue life compared to the specimens tested at room temperature (see 
Fig. 1.1.2) [12]. Multiple cracks are initiated at G B s during high temperature cyclic loading 
and generally the longest initiated surface crack (after linkage) becomes the principal crack 
and leads to the final fatigue fracture. 
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VII. CONCLUSIONS 

The experimental study of low cycle fatigue damage of advanced alloy based on Fe-Ni -Cr 
matrix tested both at room temperature and at a temperature of 700°C led to the following 
conclusions: 

• The high planar character of the dislocation slip in the material leads to the cyclic 
plastic strain localization into the narrow persistent slip bands of about 200 nm in 
thickness during the cyclic loading at room temperature. Owing to the absence of 
the dislocations from secondary slip systems within the PSBs, the PSBs can be 
clearly distinguished in the matrix. 

• Dislocation structure of well-developed persistent slip bands producing persistent 
slip markings does not need to be ladder-like. Nevertheless, it must accommodate 
the local intensive cyclic slip. Dislocation-rich and dislocation-poor regions are 
present in the persistent slip bands. The complicated shape of the persistent slip 
markings consisting of extrusions and intrusions is compatible with the internal 
dislocation structure of PSBs. 

• Three specific types of crack initiation leading to the growth of the major cracks 
were found on the samples cyclically strained at room temperature: (i) along the 
fatigue induced surface relief in the form of persistent slip markings, (ii) twin 
boundaries and (iii) grain boundaries. Although the role of TBs and GBs was 
observed to increase with the increase of the applied total strain amplitude the role 
of P S M s prevails in cycling with all strain amplitudes. 

• The cracks were observed to start along the P S M s from the tip of the intrusions or 
intrusion-like defects. The intrusion can be easily distinguished from the Stage I 
crack since its vortex angle is of about 10 degrees. The vortex angle of the crack is 
equal to zero degree. 

• In the case of high angle G B s cracking the role of primary slip systems of the 
neighbor grains was found. The PSBs developed along the primary slip system 
emerge in the G B and produce PSMs . The P S M s arising in the G B are oriented 
almost parallel to the surface. The profile of the P S M causes local incompatibilities 
in the G B . The orientation of the G B approximately perpendicular to the loading 
direction and to the surface leads to the final decohesion of G B under the tensile 
loading. 

• Cracks initiated in P S M s grow predominantly along the {111} slip planes due to 
high plastic strain localization in PSBs. Grain boundaries, secondary phases etc. 
locally slow down the crack growth rate of microstructurally short cracks. The 
mutual coalescence of the cracks increases the surface crack length and thus 
contributes to crack growth acceleration of natural short cracks. The equivalent 
crack length can reasonably well describe the damage evolution in cyclic straining 
with constant strain amplitudes. 
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The crack growth rate was found to be proportional to the crack length. It 
corresponds to the exponential increase of the crack length. The crack growth 
coefficient characterizes the dependence of the growth rate on the applied plastic 
strain amplitude. The power law dependence of the crack growth coefficient 
corresponds to the Manson-Coffm law. The parameters of the crack growth law can 
be thus derived from the parameters of the Manson-Coffm law. The correlation of 
the crack growth rate with the plastic component to the ./-integral gives a high 
scatter. 

The crack initiation during the cyclic loading at elevated temperature was found to 
be along the oxidized GBs . High interfacial energy and the presence of numerous 
lattice defects such as vacancy-type defects at the grain boundaries significantly 
facilitate oxygen diffusion and lead to notably enhanced oxidation. Cavities are 
formed at the tip of the oxide intrusions presumably as a result of different diffusion 
rates of elements. 

The cracking of the oxides at the grain boundaries is the main cause of very early 
fatigue crack initiation in these sites. Highly porous brittle oxides located at the 
grain boundaries perpendicular to the loading axis fracture as a result of external 
tensile stress. Fracture of oxides facilitates further diffusion of oxygen from the air 
to the crack tip. The growth of the oxide intrusion and its rupture contribute to the 
rapid crack growth. 

There is a difference between the mechanisms of fatigue crack propagation on the 
surface and in the bulk of the material. Rapid increase of crack density on the 
surface as a result of the fracture of oxidized grain boundaries leads to their linkage. 
Long surface cracks have high driving force for the growth in the bulk and both 
intergranular as well as transgranular crack paths are observed. Transgranular path 
is due to the localization of plastic deformation and formation of the cyclic plastic 
zone ahead of the crack tip. Rapid crack initiation due to the oxide cracking and 
rapid growth of the long surface cracks leads to substantial decrease of the fatigue 
life in comparison with the room temperature cyclic loading. 
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IX. LIST OF ABBREVIATIONS / SYMBOLS 

Abbreviations 

A D F - annular dark field 
A F M - atomic force microscopy 
BCC/b.c .c . - body-centered cubic 
B F - bright field 
B S E - backscattered electrons 
C S L - coincidence site lattice 
C S S C - cyclic stress-strain curve 
E B S D - electron back-scatter diffraction 
E B S P - electron backscattered diffraction pattern 
E C C I - electron channeling contrast imaging 
E D S - energy dispersive X-ray spectroscopy 
E G M model - Essmann - Gosele - Mughrabi model 
FCC/f .c .c . - face-centered cubic 
F E M - finite element method 
F E S E M - field emission gun operated scanning electron microscope 
FIB - focused ion beam 
G B - grain boundary 
H A A D F - high-angle annular dark-field 
H A G B - high angle grain boundaries 
IG - intergranular crack 
L A - loading axis 
L A G B - low angle grain boundaries 
L C F - low cycle fatigue 
L E F M - linear elastic fracture mechanics 
L M - light microscope 
P S B - persistent slip band 
P S M - persistent slip marking 
SE - secondary electrons 
S E M - scanning electron microscopy 
SFE - stacking fault energy 
S T E M - scanning transmission electron microscopy 
T B - twin boundary 
T C - transcrystaline crack path 
T E M - transmission electron microscopy 
T G - transgranular crack path 

Symbols 
yg - annihilation distance of two edge dislocations with opposite sign 
YM - constant plastic shear strain amplitude in the matrix 
YPSB ~ constant plastic shear strain amplitude in the P S B 
C3AT - saturated concentration of point defects 

142 



jr p i - shear plastic strain 

Ay - shear strain range 

fijj (6) - trigonometric functions which depend on the ij components of stress tensor 
A - the annihilation coefficient expressed as the fraction of vacancies swept by mobile 
dislocations during one cycle 
a - the crack length; length of a crack growing under the tensile mode with tensile stress a 
a, - the crack length extrapolated back to zero number of cycles 
b - fatigue strength exponent 
b - modulus of Burgers vector 
c - fatigue ductility exponent 
C, m- experimentally determined material constants 
q - the vacancy concentration 
d- crack growth exponent 
d- structural diameter 
Dv- the diffusion coefficient of vacancies 
e - elongation of P S B / P S M in the direction of the active slip vector 
E - Young modulus of elasticity 
/ - fraction of persistent slip bands 
F(a,w) - function depending on the crack length a and characteristic dimension w of a 
body in the direction of the crack 
h - the height of the surface in the direction of the Burgers vector 
J - path-independent ./-integral 
Ja - amplitude of J 
Ja,ei - elastic amplitude of J 
Ja.pi - plastic amplitude of J 
Jv - vacancy flux 
k - parabolic constant 
k - rate constant 
K' - fatigue hardening coefficient 
ki - constant 
Ka - stress intensity amplitude 
kg - crack growth coefficient 
Ki - stress intensity factor 
Kt - theoretical stress concentration factor of the notch 
/ - t h e length of P S B below the surface 
m - thickness of the oxide scale 
N - number of cycles 
N - the number of cycles. 
n' - fatigue hardening exponent 
Nf- number of cycles to fracture 
PPj - the probability of production of a dipole of vacancies of unit height responsible for 
mass transfer and internal mean stresses in a channel within a half-cycle 
pv - the production rate of point defect of vacancy type in a cycle 
R - gas constant 
R - the asymmetry parameter of the cyclic loading 
r,&- polar coordinates 
Rpo.2, Rpo.02 - yield stress defined at engineering strain equal to 0.2% and 0.02% 
respectively 
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t - exposure time 
T- temperature 
VR - loop shape parameter 
W- hysteresis loop area, specific energy dissipated in a material within one cycle 
AGactiv. - free energy of activation 
AK - range of stress intensity factor 
e ' f - fatigue ductility coefficient 
ea - total strain amplitude 
£ a, e/ - elastic strain amplitude 

plastic strain amplitude 
er'f- fatigue strength coefficient 
cra - total stress amplitude 
T - the cycle period 
B- the angle between specimen axis and the normal to the active slip plane 
yp - average plastic shear strain amplitude within the P S B 
p- dislocation density 
p C h - density of edge dislocations in the channels 
pe - edge dislocation density responsible for vacancy concentration 
Pw - density of edge dislocations in the walls 

144 



X. Curriculum Vitae 

Veronika Mazánová 
(* December 10, 1989) 
mazanova@ipm.cz 

ORCID ID: 0000-0002-6804-2632 

ResearcherID: B-1028-2017 
Scopus Author ID: 57004902800 

E D U C A T I O N 

Brno University of Technology, Faculty ofMechanical Engineering 
Republic & Institute of Physics of Materials AS CR 

PhD Physical and Materials Engineering 
{expected) 

Slovak University of Technology, Faculty ofMechanical Engineering 
Slovakia 

MS Applied mechanics (Ing.) 
BS Mechanics (Be.) 

Brno, Czech 

Sep 2014-2019 

Bratislava, 

Sep 2012-Jun 2014 
Sep 2009-Jun 2012 

R E S E A R C H E X P E R I E N C E 

Institute of Physics of Materials AS CR 
Republic 

PhD Student 
Advisor: Prof. Jaroslav Polák, Prof. Tomáš Kruml 

Paul Scherrer Institute, Laboratory for Nuclear Materials 
Visiting Researcher 

Advisor: Prof. Philippe Spátig 

Slovak University of Technology, Faculty of Mechanical Engineering 
MS Student 

Advisor: Ing. Vladimir Chmelko, Ph.D 

Brno, Czech 

Aug 2014 - Present 

Villigen, Switzerland 
Feb 2018-Jul 2018 

Bratislava, Slovakia 
Sep 2012-Jun 2014 

T E A C H I N G E X P E R I E N C E S 

Presenter and lecturer 

Introduction to Materials Science and Engineering 
Structure and Properties of Materials 
Production Technologies 

Brno University of Technology 

Nov 2014 - Jul 2017 
Nov 2014-Jul 2017 
Nov 2014-Jul 2017 

C O N F E R E N C E SPEAKING E X G A G E M E N T S 

18th International Conference on the Strength of Materials Columbus, OH, USA Jul 2018 
Symposiun on Multi-Scale Fatigue, Fracture and Damage in Materials in Harsh Environments Galway, Ireland Aug 2017 
International Colloquium Mechanical Fatigue of Metals Gijon, Spain Sep 2016 
Microscopy & Microanalysis 2016 Columbus, OH, USA Jul 2016 
International Conference on Multiaxial Fatigue and Fracture 11 Seville, Spain Jun 2016 
Materials Structure & Micromechanics of Fracture 8 Brno, Czech Republic Jun 2016 
27th Colloquium on Fatigue Mechanisms Vienna, Austria Mar 2016 
International Conference on Mechanical Behavior of Materials 12 Karlsruhe, Germany May 2015 

145 

mailto:mazanova@ipm.cz


XL Veronika Mazánová - List of publications 

[1] M A Z Á N O V Á , V . , M . H E C Z K O , V . ŠKORÍK, A . CHLUPOVÁ, J. POLÁK and T. 
K R U M L : Microstructure and martensitic transformation in 316L austenitic steel 
during multiaxial low cycle fatigue at room temperature, Material Science and 
Engineering A. 2019, 767, 138407 

[2] M A Z Á N O V Á , V . , M . H E C Z K O and J. POLÁK: Fatigue crack initiation and growth 
in 43Fe-25Ni-22.5Cr austenitic stainless steel at a temperature of 700°C, International 
Journal of Fatigue. 2018, 114, 11-21. 

[3] M A Z Á N O V Á V . and J. POLÁK: Initiation and short crack growth in austenitic 
Sanicro 25 steel under the L C F conditions at room temperature. Fatigue Fracture of 
Engineering Materials and Structures.20\&, 41(7), 1529-1545. 

[4] POLÁK, J., V . M A Z Á N O V Á , R. PETRÁŠ and M . H E C Z K O : Early damage and 
fatigue crack initiation at ambient and elevated temperatures in heat resistant austenitic 
steel, MATEC Web of Conferences. 2018, 165, 04008. 

[5] H E C Z K O , M . , B . D . E S S E R , T . M . S M I T H , P. B E R A N , V . M A Z Á N O V Á , D .W. 
M C C O M B , T. K R U M L , J. POLÁK and M . J . M I L L S : Atomic resolution 
characterization of strengthening nanoparticles in a new high-temperature-capable 
43Fe-25Ni-22.5Cr austenitic stainless steel, Materials Science & Engineering A. 2018, 
719, 49-60. 

[6] H E C Z K O , M . , B . D . E S S E R , T . M . S M I T H , P. B E R A N , V . M A Z Á N O V Á , T. 
K R U M L , J. POLÁK and M . J . M I L L S : On the origin of extraordinary cyclic 
strengthening of the austenitic stainless steel Sanicro 25 during fatigue at 700°C, 
Journal of Materials Research. 2017, 32(23), 4342-4353. 

[7] POLÁK, J., V . M A Z Á N O V Á , M . H E C Z K O , R. PETRÁŠ, I. KUBĚNA, L . 
C A S A L E N A and J. M A N : The role of extrusions and intrusions in fatigue crack 
initiation, Engineering Fracture Mechanics. 2017, 185, 46-60. 

[8] M A Z Á N O V Á V , V . ŠKORÍK, T. K R U M L and J. POLÁK, Cycl ic response and early 
damage evolution in multiaxial cyclic loading of 316L austenitic steel, International 
Journal of Fatigue. 2017, 100, 466-476. 

[9] POLÁK, J., V . M A Z Á N O V Á , M . H E C Z K O , I. K U B Ě N A and J. M A N : Profiles of 
persistent slip markings and internal structure of underlying persistent slip bands, 
Fatigue & Fracture of Engineering Materials & Structures. 2017, 40(7), 1101-1116. 

146 



[10] POLÁK, J., R. P E T R A S and V . M A Z Á N O V Á : Mechanisms of fatigue damage at 
ambient and elevated temperatures in heat resistant stainless steel. ICF 2017-14th 
International Conference on Fracture. 2017, 1, 237-238. 

[11] M A Z Á N O V Á V . , J. POLÁK, V . ŠKORÍK and T. K R U M L : Multiaxial elastoplastic 
cyclic loading of austenitic 316L steel, Frattura edIntegrita Strutturale. 2017,11(40), 
162-169. 

[12] M A Z Á N O V Á , V , M . H E C Z K O , I. K U B Ě N A and J. POLÁK: Surface Relief 
Formation in Relation to the Underlying Dislocation Arrangement, Solid State 
Phenomena. 2017, 258, 526-529. 

[13] POLÁK, J., V . M A Z Á N O V Á , I. KUBĚNA, M . H E C Z K O and J. M A N : Surface relief 
and internal structure in fatigued stainless Sanicro 25 steel, Metallurgical and 
Materials Transactions A. 2016, 47(5), 1907-1911. 

[14] POLÁK J., R. PETRÁŠ and V . M A Z Á N O V Á : Basic mechanisms leading to fatigue 
failure of structural materials, Transactions of the Indian Institute of Metals.2016 
69(2), 289-294. 

[ 1 5 ] K A R O L M . , A . CHLUPOVÁ, V . M A Z Á N O V Á and T. K R U M L : Fatigue crack 
growth in 316L under uniaxial and torsional loading. METAL 2016-25th Anniversary 
International Conference on Metallurgy and Materials, Conference Proceedings, 
2016,568-573. 

[ 1 6 ] K A R O L M . , A . CHLUPOVÁ, V . M A Z Á N O V Á and T. K R U M L , Fatigue crack 
initiation and growth in 316L steel in torsional cyclic loading. ENGINEERING 
MECHANICS 2017, Svratka, Czech Republic, 15-18 May 2017. 

147 


